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Abstract
Nb-Si-Cr-Al-Mo base in situ composites with nominal compositions Nb-18Si-5AI-5Cr-5Mo 
(JG l), Nb-24Ti-18Si-5Al-5Cr-5Mo (JG2), Nb-24Ti-18Si-5Al-5Cr-2Mo (JG3), Nb-24Ti-18Si-5Al- 
5Cr-2Mo-5Hf (JG4) and Nb-24Ti-18Si-5AI-5Cr-2Mo-5Hf-5Sn (JG6 ) were prepared by arc-melting 
followed by heat treatment. The effects of Mo, Ti, Hf and Sn additions on phase selection, phase 
transformations, microstructure and oxidation behaviour in the as cast and heat-treated in situ 
composites were investigated using XRD, SEM, and EPMA.
All the alloys are classified as hyper-eutectic alloys since the phase was formed in
all the as cast microstructures. After heat treatment, the /JNbsSia partly transformed to the 
aNbsSia in the presence of Ti. The addition of Ti stabilised the /^NbsSia to lower temperatures 
and increased the solubilities of A1 and Cr in the Nbgg. The lattice parameter of the Nbgs 
increased after heat treatment. This is attributed to the redistribution of solutes between the 
Nbgg and the intermetallic phases and in particular the reduction in Si content. The NbaSi 
phase was formed in the as cast Hf-fiee alloys (JG l, JG2 and JG3). However, this phase was 
unstable at 1600°C and decomposed by a eutectoid transformation to Nbgg and aNbsSig. The 
eutectoid decomposition was enhanced considerably by the Ti addition. The formation of NbgSi 
was suppressed by the Hf addition.
In the presence of Ti and Hf, there were Ti and Hf segregations in the NbsSis phase. The 
Ti solubility in the Hf-rich Nb^Sig was higher than in the NbsSia- The structure of the NbgSis 
phase was mainly affected by the Hf addition, which prompted the formation of the 'yNbsSiy. 
The Hf-rich regions in the 5-3 silicide probably corresponded to the -yNbsSis, which was stable 
up to 1500° C in the presence of Hf. The alloying elements Hf and Sn preferentially substituted 
for Nb in the NbgSia and Nbgg, respectively. The addition of Sn had a significant effect on 
the N b g g ,  essentially leading to the formation of Sn-rich and Sn-poor parts in the solid solution 
in the as cast microstructure. In the presence of Sn, the Si solubility in the Nbgg increased 
considerably whilst the Cr solubility decreased. The Sn addition promoted the formation of the 
Si-rich C14 Laves phase and stabilised this phase at 1300° C. The solubility range of Si in the 
C14 Laves phase formed in alloys of this study was ~  6 . 6  to 10.5at.%. For the Ti containing 
alloys, titanium nitride formed near the surface of the specimen during heat treatment.
Alloy Nb-18Si-15Cr (JG5) was studied to clarify the disputed three-phase fields (Nbgs4-C14+ 
aNbsSia or Nbgg-l-CrNbSi-t-aNbsSia) near the Nb corner. The C14 Laves formed in both the as 
cast and heat treated samples. The results confirmed that the C l4 Laves phase in the binary 
Nb-Cr system was stabilised by Si to lower temperatures. The Nbgg4-C14+ aNbg Sig, instead of 
Nbgg+CrNbSi+aNbsSia, three-phase equilibrium was observed in this work.
The oxidation resistance of JG l to JG4 and JG 6  at 800°C was dramatically increased by the 
additions of Ti and Sn and the decrease of the Mo content in the alloy. In the presence of Ti, Al, 
Cr and Mo the Hf addition had no significant effect on the oxidation behaviour of the composites 
at 800°C but was probably beneficial to their oxidation at 1200°C. No protective oxide scale was 
formed on any of the alloys studied in this work.
The oxidation at 800° C and 1200°C was controlled by the oxidation of the Nbgg and was 
sensitive to the volume fraction of Nbgg in the alloy. Preferential attack of the Nbgg phase was 
observed in all the oxidised alloys. The results suggested that the Mo concentration in the alloy 
should not exceed 2at.% for oxidation resistance purposes. Pest oxidation was exliibited by the 
JGl-AC, JG2-AC, JG3-HT and JG4-HT alloys at 800°C. Posting was essentially eliminated by 
alloying with 5at.% Sn in both the as cast and heat treated conditions.
Spallation of oxide scales during cooling was observed for the as cast and heat treated JG3 
and JG4 alloys at 1200°C. The TiNbO^, TiNbgO?, TigNbioOgg and silicon oxide were present in 
the scales formed on both the JG3 and JG4 alloys at 1200°C and Hf oxide was also present in the 
latter alloy. The oxide scales formed on the JG 6  at 1200° G remained adherent to the base metal 
and consisted of NbgOs, T i0 2 , SiOg, HfOg and TiNbgO?. A two-zone microstructure developed 
in the diffusion zones formed on the JG3 and JG4 alloys at 1200°C. TIN, instead of TiOg, and the 
(Nb,Ti)5 (Sni_a;Sia; ) 3  phase formed in the diffusion zone of JG6 -AC and JG6 -HT after oxidation 
at 1 2 0 0 °C, reduced the diffusivity of oxygen in the diffusion zone and thus acted as a diffusion 
barrier for oxygen to penetrate into the base material. The better oxidation performance of 
JG 6 -AC compared to JG6 -HT at 1200°G is attributed to the formation of NbsSn in the former. 
The existence of the Sn-poor Nbgg in JG 6 -AC was essential for the formation of the NbjSn phase 
at the scale/diffusion zone interface in the oxidised JG 6 -AC.
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Introduction
In the past 30 years, the high-pressure turbine blade operating temperatures have in­
creased by 125°C and the operation temperatures of TBC (Thermal Barrier Coating) 
coated blades have approached 1150°C, which is essentially the limit for the nickel base 
super alloy s. However, further increases in the temperature capability of nickel base 
superalloys will be very difficult to achieve due to their relative low melting points 
(~1350°C) (Jackson et al. 1996, Bewlay et al. 2003, Sha et al. 2003). Thus, high tem­
perature structural materials that can survive above the present temperature limit are 
desired. Niobium silicide base in situ composites have been shown to have great poten­
tial as alternative materials to Ni-base superalloys in terms of their low density (6.6- 
7.2g/cm^), high melting points (>1750°C) and excellent specific mechanical properties 
at high temperatures (Bewlay et al. 2003).
The microstructures of Nb-silicide base in situ composites are characterized by brittle 
intermetallic phases such as silicides and Laves phases in a niobium solid solution ( N b g g )  
matrix or vice versa, depending on the alloy composition. The Nbgg has substantial oxi­
dation limitations, while silicides and Laves phases have low fracture toughness at room 
temperature and poor deformability at elevated temperature. Currently, these draw­
backs hinder the application of these materials (Mendiratta et al. 1991, Bewlay et al.
1996). Therefore, a balance in the properties of creep, oxidation and room-temperature 
toughness is required for the potential application of the Nb-silicide base in situ compos­
ites. Considerable further investigations are thus needed to achieve the required balance 
of properties.
In this study we aim to develop multi-component Nb-silicide base in situ composites for 
high temperature applications. The objectives of this research are as follows:
(1) Prepare multi-component Nb-silicide base in situ composites using arc-melting 
under an Argon atmosphere in a water-cooled copper hearth,
(2) Study the microstructure and phase equilibria in the as cast and heat treated 
alloys,
(3) Study the effects of alloy chemistry on phase selection, solidification microstruc­
tures and phase transformations in all the alloys,
(4) Study the oxidation behaviour of the Nb-silicide base alloys.
The strategy adopted to realise the above objectives included:
(a) The design of alloys with alloying additions to investigate phase selection and 
microstructure development in the as cast and heat treated conditions,
ix
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(b) The use of a range of experimental techniques to evaluate the microstructures and 
oxidation behaviour of the different intermetallic alloys.
The thesis begins with a brief review of the literature on the development of niobium sili­
cide based in situ composites in chapter 1. The binary and ternary phase diagrams are 
reviewed in chapter 2. The focus of this chapter is placed on the phases that are major 
constituents in the composites, such as the liquid phase, the Nb based bcc metal phase, 
the NbsSis, TigSig, HfsSig and NbgSi silicides and the Cr^Nb-based Laves phases. Alloy­
ing effects of various additions of elements, such as Ti, Cr, Al, Mo, Hf and Sn to Nb-Si 
are also discussed. Recent experimental results of the processing, mechanical properties 
and oxidation behaviour in the niobium silicide based alloys are discussed in chapters 
3, 4 and 5 respectively. Chapter 6 presents the experimental techniques that have been 
used to evaluate the alloys. The experimental results in terms of the microstructural 
characterisation, oxidation behaviour and density evaluation are presented in chapter 
7 and the discussion of the experimental results is presented in chapter 8. The major 
conclusions of the study presented in this thesis and the suggestions for future work are 
given in chapter 9.
Chapter 1
D evelopm ent of Nb-silicide base 
in situ  com posites
1.1 The need for ultra-high tem perature m etallic materials
Gas turbines for aircraft engines and power generation are typical fields of application 
of high temperature metallic materials. The requirements for improved heat engines are 
the main driving force for the development of advanced high temperature materials. The 
performance of all the heat engines increases with the pealc operating temperature of 
the work fluid; the limiting temperature is dictated by the capabilities of the materials 
which are available for application in these environments.
Nickel-base superalloys are excellent and most useful materials for these applications 
and have been well developed especially with the outstanding progress of jet engines. 
In the past fifty years, there is no other alloy class offering the same overall balance of 
engineering properties in polycrystalline form, and there are no other structural materials 
capable of operating at a service temperature so great a fraction of their melting point 
as the Ni-base superalloys in single crystal form. By weight, Ni-base superalloys account 
for the mass of half of all jet engine materials. However, the temperature capability 
of the superalloys will saturate to some limit because of their melting points which 
are lower than 1400° C. It is extremely difficult to make a nickel-base alloy that can 
withstand temperatures beyond 1200°C without cooling in practical applications, even 
if alloy compositions are modified for greater strength.
In the future, from a viewpoint of global environmental problems, there will be strong
1
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demands for special materials for high temperatures and high efficiency gas turbines 
for power generation. So-called ultra-high temperature materials, such as intermetallic 
compounds, refractory metals and alloys, ceramics, and various composite materials, 
are expected to surpass the temperature capability of the superalloys, although these 
materials have several problems such as difficulty of processing, lack of ductility and 
toughness or the poor resistance to oxidation and hot-corrosion.
Research on high temperature structural materials has now been centred on intermetallic 
compounds and their alloys. During the late 1980’s, there was a significant investment 
in the development of nickel aluminide (NiAl) and titanium aluminide (TiAl) base ma­
terials for high temperatme applications (Noebe and Walston 1997, Kim and Dimiduk
1997). Because of the lower density of NiAl as compared to state-of-the-art Ni-base 
super alloys, NiAl appeared very attractive on a specific strength basis for such applica­
tions in high temperature gas turbine airfoils. Oxidation resistance of these alloys was 
very good. The TiAl alloys promised to extend the temperature capability of titanium- 
base materials and to replace much' heavier Ni-base superalloys in some applications (T 
< 850°C) with a material one-half the density. TiAl alloys appear to have attractive 
mechanical properties, such as high specific strength, specific modulus, specific creep 
resistance, and good oxidation/hot corrosion resistance. Research on TiAl alloys started 
in the early 1970’s, and there has been a tremendous investment in alloy and process 
development for TiAl over the past decade. Development of TiAl intermetallic materials 
still continues today across the materials community (Balsone et al. 2001). However, in 
the last decade research has been directed beyond nickel and titanium aluminides to ex­
amine the intermetallic compounds based on silicides, other aluminides and chromides, 
particularly of refractory metals.
The main critical properties that materials should possess for high temperature load 
bearing applications include: (1) low density, (2) good creep strength, (3) high elastic 
modulus, (4) excellent oxidation resistance, and (5) low thermal expansion (Anton et al. 
1989). The oxidation resistance and density are largely controlled by the choice of the 
principal element. Elastic modulus and thermal expansion are intrinsic physical proper­
ties. Compared with the more familiar cubic structural metals, the anisotropic thermal 
expansion observed in non-cubic intermetallic compounds may have serious implications. 
Oxidation and creep resistance are two of the primary screening criteria during the devel­
opment of high temperature structural materials. The lack of low temperature ductility 
still appears to be a major barrier to use intermetallics for structural applications. Both 
ductility and creep strength are highly sensitive to the structure and composition. Con-
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sequently, a judicious development effort is under way in order to identify and develop 
the most promising systems and processes.
1.2 Intermetallics
The higher the turbine inlet temperature (TIT) the higher is its thermal efficiency. Re­
cently, the TIT increased to temperatures around 1450°C while the operating tempera­
tures of gas turbines are 1100-1200° C (Tanaka 2000). Temperatures of blade surfaces in 
advanced heat engines are approaching the limits of superalloys. As ■ discussed above, 
innovations in high temperature materials are being pursued in intermetallic compounds.
In general, an intermetallic compound is a structure in which the two or more metal 
constituents are in relatively fixed abundance ratios and are usually ordered on two or 
more sublattices, each with its own distinct population of atoms. This means that a 
sublattice is exclusively occupied by one atom species and is accordingly named after 
the atoms which occupy it. These sublattices make up the superlattice crystal structure. 
In three dimensions, a superlattice may consist of several sublattices. For instance, the 
LI2  superlattice of NigAl consists of four interpenetrating cubic sublattices, one occupied 
by Al atoms, the other three by Ni atoms. When the lattices are occupied exclusively 
by their designated atoms, the crystal is said to be fully ordered. The crystal will be 
partially ordered if a certain fraction of the sublattice sites are taken up by atoms that 
would otherwise sit at other sublattices; this fraction is used to describe the degree of long 
range order. Substantial or complete disorder may be obtained as a result of low ordering 
energy or as a result of some external influence, for example extreme cooling rates or 
radiation. Deviations from precise stoichiometry are frequently permitted on one side or 
both sides of the nominal ideal atomic ratios, necessitating a partial disorder. The above 
metal-metal definition of intermetallics is often relaxed to include some metal-metalloid 
compounds, such as silicides, tellurides and germanides.
Barrett and Massalski (1966) explained the long range order in intermetallic compounds 
by the quasi-chemical theory in which energy is lowered due to reduced interaction 
energy between unlike neighbours. Most discussions on long range order are based on 
this explanation. Ordering of intermetallic phases is caused by the greater strength of 
the A-B bonds than of the A-A bonds that they replace on ordering. Thus, unlike atoms 
are favoured over like atoms as nearest neighbours. For a regular solid solution, the 
change in the internal energy of the system on mixing is given by the equation (Porter
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and Easterling 1992):
=  Pab  • £■ (1-1)
where Pab is the number of bonds between A and B atoms, and e is described by
£ = ^AB - ^b b ) (1-2)
where, eaa  ^ ^b b  and eab are the energies of the A-A bonds, B-B bonds and A-B bonds, 
respectively. In a system where e<0 the internal energy of the system is reduced by 
increasing the number of A-B bonds, i.e. ordering the atoms. When the ordering energy 
is low, as in the case of NigFe, the entropy dominates and the lattice becomes disor­
dered with the temperature increasing. For other compounds, such as nickel aluminides
(NisAl), the ordering energy is so high that the ordered structure is retained until the
melting point.
Cahn (1999) has demonstrated that the lattice parameter changes in intermetallics are 
correlated much more closely with the ordering energy than with the differences in 
atomic sizes. This correlation would suggest that an increasingly strong bond between 
unlike neighbours causes progressive shortening of that bond in relation to the mean 
interatomic spacings of pairs of like neighbours. This has shown that there is a strong 
covalent bonding component in ordered intermetallics (McMahan et al. 1994, Takao et al. 
1996, Nguyen-Mahn and Pettifor 1999).
1.3 Silicides
According to Kumar and Liu (1993), no other single family of intermetallics has enjoyed 
such a diverse popularity as the silicides. Applications, both potential and realized, in­
clude high temperature structural materials for advanced aerospace applications, heat­
ing elements in high temperature furnaces and protective high temperature (T>1200°C) 
coatings, particularly for refractory metals.
In microelectronic devices, thin silicide layers are used as contacts and interconnections, 
since they have a lower electrical resistivity than polycrystalline silicon and are compat­
ible with the silicon substrate. Several silicides exhibit superconductivity (e.g., VgSi,
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CoSig, MosSi, NbaSi, PtSi, PdSi and Th 2 Si3 ). The high melting points and good oxi­
dation resistance of the semiconducting disilicides of Cr, Mn and Fe are also desirable 
properties for thermoelectric generators converting solar into electrical energy. Likewise, 
disilicides may be useful as thermocouples in strongly corrosive environments, where 
their chemical inertness is a critical asset.
Potential silicides for elevated temperature applications are essentially those based on 
refractory and transition metals. Of these silicides, MoSi2 is the most developed, due to 
its combination of high melting point, good elevated temperature oxidation resistance, 
brittle to ductile transition and electrical conductivity (Petrovic 1993).
There are a number of significant issues which must be addressed to promote the use of 
silicides for high temperature structural applications. These issues include minimising or 
eliminating the intermediate temperature pest oxidation behaviour whilst also improving 
the overall oxidation resistance of some silicides (e.g., NbSig and TaSi2 ), increasing low 
temperature fracture toughness and improving high temperature creep resistance.
There are substantial gaps in the understanding of the fundamental material properties 
of the silicides. Areas where little basic information exists include self diffusion coef­
ficients and diffusion mechanisms, characterization of ductile-to-brittle transitions and 
factors which influence them, oxidation mechanisms and sintering behaviour. There has 
also been very little systematic characterisation of the microstructures and mechanical 
properties of ternary and high order, single phase silicides or multiphase materials that 
incorporate these refractory silicides. It is necessary to obtain this information in order 
to optimise the silicide materials for engineering applications.
1.4 Laves phases
A large number of binary intermetallic compounds of composition AB2 (as well as many 
ternary phases) are found to crystallise in one of three closely related structures: the 
cubic C15 (MgCu2 ), the hexagonal C14 (MgZn2 ) or (less frequently) the dihexagonal 
C36 (MgNi2 ) (Kasper 1956, Villars and Calvert 1991). Much of the original structural 
work on these compounds was performed by Friauf and Laves, from whom they derive 
their name: “Friauf-Laves” or, more commonly “Laves” phases.
The Laves phases are examples of topologically close-packed structures (Pearson 1972, 
Watson and Bennett 1984a;b), representing the best space filling arrangement possible
1.5. Niobium silicide base in situ composites 6
for unlike spheres A and B (in the ratio 1:2) with R a/R sp=*1-23. W ith spherical atoms 
in a perfect crystal, the atoms in the ABg Laves phases exhibit the ideal atomic radius 
ratio for touching spheres (i.e. maximum space filling) Ra/R b =V (3/2)ps1.225, where 
R is the radius of the metal atom at the stoichiometric composition of the intermetallic 
phase. For many Laves phase compounds, the atomic radius ratio (R ^/R g) is close to 
the ideal value, though the range of known values extends from 1.05 to 1.68 (i.e. the A 
atom is always larger than B) (Berry and Raynor 1953). The geometric restrictions lead 
to low solubility ranges and brittleness.
Among the Laves phases, the Ci’2 Nb has been identified as a potential high temperature 
structural material because of its high melting temperature (1770°C), relatively low 
density (~7.7 g/cm^) and good oxidation resistance (Goldschmidt and Brand 1961a, 
Murray 1986, Taub and Fleischer 1989). Cr2 Nb also has a wide homogeneity range and 
therefore has potential for property enhancement by alloying additions.
1.5 Niobium  silicide base in  s itu  com posites
Development of high temperature intermetallics has been driven by promising combina­
tions of low density with elevated temperature mechanical properties. High-temperature 
materials are needed which can survive well beyond the 1200°C limit to metal surface 
temperature that appears to be a major barrier for Ni-base superalloy single crystals. 
Ideally, a new family of materials will have high melting point, low density, good oxi­
dation resistance to 1300-1400°C, and exceptional high-temperature strength. Niobium 
silicide base intermetallic composite systems are being developed toward these goals.
The refractory metals Nb and Mo have been previously identified as being most suited to 
the engine environment. Both Nb and Mo have wide solubility for a number of strength­
ening additions; Nb is inherently ductile at room temperature, and has a relatively 
low density (lower than Ni) of 8.56 g/cm^; Mo has a higher density (10.2 g/cm^), and 
relatively low ductility at room temperature. Both metals have substantial oxidation 
limitations. The density of Mo is such that unless very thin structures can be produced, 
the minimum requirements for high pressure turbine blade wall thickness will yield an in­
crease in blade weight compared to superalloys and will, therefore, pose a severe penalty 
on rotor weight. For this reason, the Nb-base refractory metal-intermetallic composites 
represent the most promising materials for surpassing superalloys.
The transition (T) metal silicides, in particular, the silicides with the 5:3 stoichiometry
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(e.g., TsSia) were shown to lie on the envelope occupying the highest melting tempera­
tures and lowest densities of intermetallics formed from over 20 crystal structure types 
(Fleischer 1987, Vasudevan and Petrovic 1992). Some of these materials, such as those 
based on Zr, Nb, Mo, W, Re, Hf and Ta, have melting points above 2227° C. Their excel­
lent phase stability is marked by their narrow range of stoichiometry and melting points 
exceeding those of the pure elements from which they are formed (Stauthoff 1986). Of 
these 5:3 silicides, NbsSig has the highest melting point (2515°C) among those with a 
density below that of Ni-base superalloys (7.2 vs. 8.5 g/cm^). Inherently low ambient 
temperature fracture resistance (1-3 MPa-m^/^) (Kajuch et al. 1992) and inadequate 
ductility limit the use of Nb^Sig in critical structm al applications, in spite of evidence 
of high temperature strength, stiffness and creep resistance (Mendiratta et al. 1991, 
Dimidulr et al. 1995).
Among extrinsic techniques, composites with the addition of ductile reinforcement have 
emerged as a potent method to augment the room temperature fracture resistance of 
brittle intermetallics. The thermodynamic stability (Mendiratta and Dimiduk 1991) 
and mechanical compatibility of NbgSig and terminal Nb solid solution (abbreviated by 
Nbss) imply that various processing routes are available to create composite structures. 
Laminates made from Nb^Sig disks and Nb foils has demonstrated the toughening, that 
is possible using such approaches (Kajuch et al. 1992; 1995). In addition, the large 
two phase field in the Nb-rich end of the equilibrium Nb-Si phase diagram (Schlesinger 
et al. 1993) indicates the potential for using in situ eutectic reactions to manufacture 
composites of select compositions.
The Nbss/NbsSig binary alloys are characterized by hard intermetallic particles embed­
ded in the Nbgs matrix or vice versa, depending on composition. Figure 1.1 shows 
the typical microstructures of the two-phase Nbgg/NbsSig alloys, (a) Nb-lOSi and (b) 
Nb-18Si (Kim et al. 2001). The Nb-lOSi consisted of dendritic, primary Nbgg particles 
and fine eutectic microstructure of Nbgg and NbsSia. In contrast, the microstructure of 
Nb-18Si consisted of slightly elongated, fine Nbgg particles in the Nb^Sig matrix.
The fracture and oxidation properties of these binary alloys are, in general, inade­
quate for high-temperature structural applications and, therefore, require enhancement 
through alloying additions. Hence, the studies have evolved gradually from the model 
Nbgg/Nbs Sis system to a multiphase, multi-component system of Nb-Si with additions 
of Ti, Al, Cr, Mo, Hf, V and W, with the microstructure still consisting of a refrac­
tory niobium solid solution and one or more silicide intermetallics (NbsSi, NbgSig). In
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Figure 1.1 BSE micrographs of (a) Nb-lOSi and (b) Nb-18Si annealed at 1700°C for 48h 
after arc-melting. Both samples are composed of the Nbgs (lighter phase) and oNbsSis 
(darker phase) (Kim et al. 2001).
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Figure 1.2 Typical microstructure (SEM backscattered electron image) of the transverse 
section of a directionally solidified Nb-19Ti-4Hf-13Cr-2Al-4B-16Si, consisting of Nbgs, 
NbgSia, and the Cr2 Nb type Laves phase (Bewlay et al. 2003).
some composites, a small volume fraction (< 0.15) of a Cr2 Nb-based Laves phase has 
also be added to improve oxidation resistance (Subramanian et al. 1997, Bewlay et al. 
2002). A typical composition is Nb-19Ti-4Hf-13Cr-2Al-4B-16Si. The microstructure of 
this Nb-silicide composite is shown in Figure 1.2 (Bewlay et al. 2003).
1.5. Niobium silicide base in situ composites
Recent extensive studies have focused on the effects of individual alloying elements on 
the mechanical and oxidation properties of Nb-silicide base in situ composites. The high 
temperature strength of the composites can be improved by solid solution strengthening 
of the Nbgg by elements such as Mo, Ti, Hf, Ta and W, etc (Sha et al. 2003). For 
enhancing fracture toughness and ductility, beneficial alloy additions include Ti, Hf 
and Zr, while detrimental alloying elements include Cr, Al, Mo, W and Re (Chan and 
Davidson 2003). The additions of Ti, Al, Hf, and/or Cr to the Nb-Si system have resulted 
in a dramatic improvement in the oxidation resistance compared to binary Nb-Si alloys 
(Subramanian et al. 1997). Furthermore, in some composites, boron is also added to 
form a T2 (niobium borosilicide) phase since this provides improved oxidation resistance 
(Bewlay et al. 2002). Mo and Hf have been proved effective in improving the intrinsic 
creep performance of both the silicides and the composite because of their relatively 
large atomic sizes (Bewlay et al. 1999d).
W ith the appropriate combination of alloying elements, it is possible to achieve the 
required balance of room temperature fracture toughness, high temperature strength, 
creep resistance and oxidation behaviour.
Chapter 2
Phase equilibria of N b-silicide 
base in situ  com posites
2.1 Introduction
Nb-silicide base in situ composites show great promise for future high-temperature ap­
plications, The Nb-Si binary silicide composites have excellent creep strength but poor 
oxidation resistance and inadequate room temperature ductility. The potential appli­
cation of these composites at very high temperatures requires a balance of high creep 
resistance, high oxidation resistance, and low-temperature damage tolerance. To achieve 
such a property balance, elements such as Cr, Ti, Mo and Al are added to the composites 
and significant progress has been made in improving the properties of the composites. 
The advanced design of the composites requires a fair understanding of the phase equi­
libria in the Nb-Ti-Si-Cr-Mo-Al-Hf-Sn system. This chapter will describe phase stability 
in the Nb-Ti-Si-Cr-Mo-Al-Hf-Sn system. The Nb-Si, Cr-Nb, Cr-Si, Nb-Si-Cr, Ti-Si, Nb- 
Ti-Si, Ti-Cr, Ti-Cr-Si, Nb-Al, Nb-Cr-Al, Nb-Si-Al, Nb-Cr-Mo, Hf-Si, Nb-Si-Hf, Nb-Sn 
and Nb-Si-Sn phase diagrams are briefly discussed.
2.2 The Nb-Si system
The phase diagram of the Nb-Si system given by Schlesinger et al. (1993) is shown in 
Figme 2,1. The binary system contains six stable phases, which are listed in Table 2.1.
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Figure 2.1 The binary phase diagram of Nb-Si system (Schlesinger et al. 1993)
The melting point of pure Nb is 2467°C, A small amount of Si (up to 3.5 at.%) can 
be soluble in Nb solid solution at the eutectic temperature (1915°C). NbsSi is formed 
by a peritectic reaction at 1975°C while Nb^Sig and NbSig melt congruently at 2515° C 
and 1935°C respectively. The NbgSia phase forms after the decomposition of the NbgSi 
phase via a eutectoid reaction NbgSi —» Nbss+aNbsSia at 1765°C, or via a peritectoid 
reaction at 1935°C involving the NbSig and the primary solidification product (/^NbsSig) 
in hypereutectic alloys. The special points of Figure 2.1 are listed in Table 2.2.
Table 2.1 Crystal structure of phases in the Nb-Si binary system (Villars and Calvert 
1991, Schlesinger et al. 1993)
P hase T em perature range (°C ) Pearson sym bol, Space group Structure typ e L attice  param eters (A )a b c 7
Nb < 2467 c /2 ,  ImSm A 2, W 3.3067
Si < 1414 cF8,  Fd3m A 4, C 5.4309
N baSi 1765~ 1975 tP 32 , P42/I1 T iaP 10.224 5.189
jSNbsSia >  1935 t /3 2 , 14/m cm D8„i,W 5Si3 10.040 5.081
aN bgSia <  1935 t/3 2 , 14/m cm D Si.C rgSia 6.571 11.889
7 NbsSi^ hPlQ,  PG a/m cm D 8 g, M ngSia 7.52 5.23
N bSis <  1935 hP 9, P 6 2 2 2 C40,CrSi2 4.81 6.61 1 2 0 °
*M etastable phase w hich is stabilised  by in terstitia l im purities
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Table 2.2 Reactions of Nb-Si phase diagram (Schlesinger et al. 1993)
R eaction C om positions o f  th e  respective phases, at.% Si T  (°C ) R eaction  type
L Nbss 0 2467 M elting
L > Nbgg 4- N bgSi 17.5 3.5 25 1915 E utectic
L +  /JNbgSia NbgSi 19.5 37.5 25 1975 Peritectic
Nb.3Si<-+Nbss +  aN b sS ia 25 1.6 35.5 1765 E utectoid
L H  jSNbgSig 37.5 2515 M elting
NbaSi+jSN bsSig w  aN b gS is 25 37.5 37.5 1935 Peritectoid
jSNbgSia <-+ aN b gS ig+ N b S ia 39.5 38.5 66.7 1645 E utectoid
L ySNbgSia +  NbSia 57 40.5 66.7 1895 E utectic
L w  NbSi2 66.7 1935 M elting
L > NbSia +  Sigg 98 68.8 100 1395 E utectic
L <—► Sigg 100 1414 M elting
There are two different Nb^Sig phases based on the same crystal structure (i/32) but they 
have different lattice parameters. The high temperature phase /^NbsSia transforms to a 
low temperature form ccNbsSia and NbSÎ2  at 1645°C. According to Kocherzhinskii et al. 
(1980) this transformation involves a eutectoid-type decomposition, /^NbsSig aNbgSia 
+  NbSÏ2 . Furthermore, a metastable phase, 'yNbsSig, which has a hexagonal (MngSig) 
structure, was reported by Schachner et al. (1954). The 'yNbsSig phase is stabilised by 
interstitial impurities (Alyamovskii et al. 1962).
Although the equilibrium phases at the potential use temperatures are Nbgs and NbsSia 
(Figure 2.1), the composites solidify with the NbgSi phase during casting (including 
directional solidification) (Balsone et al. 2001). The decomposition kinetics of Nb^Si 
is very sluggish, requiring a minimum of lOOh at 1500°C to complete (Mendiratta and 
Dimidulc 1991). The volume fraction of silicide does change depending on whether the 
silicide is NbsSia or NbaSi. For instance, at 18 at.% Si, the volume fraction of the silicide 
is ~0.5 or ~0.7 for NbsSia or NbaSi, respectively. The silicide volume fraction can have 
an effect on the fracture toughness of the composites.
The binary Nbgg/NbsSia m situ composites have excellent creep strength, but poor 
oxidation resistance and poor room temperature fracture toughness (Mendiratta and 
Dimidulc 1989, Jackson et al. 1996). Alloying with other elements is required to improve 
the oxidation resistance and fracture toughness.
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2.3 The Cr-Nb system
The assessed Cr-Nb binary phase diagram contains two eutectics between the Laves 
phase GrgNb and the terminal solid solutions Cr (Crgg) or Nb (Nbgs), as shown in Figure
2.2 (Venlcatraman and Neumann 1986b). The phase diagram is based primarily on the 
work of Goldschmidt and Brand (1961a;b). The eutectic between Ci'2 Nb and Nbgg occurs 
at a temperature of 1650°C and a composition of ~50 at.% Nb (Massalski et al. 1990). 
The Cr2 Nb-Crgg eutectic occurs at ~1620°C and 12 at.% Nb (Talteyama and Liu 1991).
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Figure 2.2 The Cr-Nb binary phase diagram (Venkatraman and Neumann 1986b)
Goldschmidt and Brand (1961a) determined that about 2.5 at.% Cr is soluble in Nb at 
1000°C. This value rises to around 6 at.% Cr near the eutectic temperature at 1620°C.
Cr*2 Nb has a hexagonal MgZng (C14) type crystal structure at temperatrues above 
1585°C and the cubic MgCug (C15) structure (lattice parameter 6.976Â) below this 
temperature. The crystal structure data of these phases are shown in Table 2.3. The 
C14—>C15 transformation is reported to be very fast (Venkatraman and Neumann 1986b). 
The C15 and C14 structures are analogous to f.c.c. and h.c.p. structure except that the 
stacking imit consists of four interpenetrating atomic layers rather than single atomic 
layers (Livingston et al. 1989, Livingston and Hall 1991). Stacking of double layers along 
[111] generates the CIS structure. This is analogous to the ABCABC stacking of the 
f.c.c. structure, but the unit cell contains a total of 24 atoms. Similarly, the C14 struc­
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ture can be generated by ABAB-type stacldng along [0001]. The C14 unit cell contains 
a total of 12 atoms.
Table 2.3 Crystal structure data of G14- and ClS-CrgNb (Villars and Calvert 1991)
Phase Condition/” C Pearson symbol Space group Lattice parameters /  Âa b c 7
Cl4-Cr2Nb > 1600 hP12 P 6 3 /m ine 4.931 8.123 120”
CiS-CraNb < 1600 cF24 FdSin 6.95
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Figure 2.3 The Cr-Nb phase diagram (Thoma and Perepezko 1992)
The revised Nb-Cr phase diagram, which was reported by Thoma and Perepezko (1992), 
is shown in Figure 2.3. The eutectic compositions, terminal bcc phase solubilities, solvus 
boundaries and intermetallic phase field width have been experimentally modified. New 
evidence based on X-ray diffraction measurements confirmed the existence of a high 
temperature C14 Laves polytype as well as an intermediate C36 structure for Cr2 Nb 
(see also §1.4). According to them, the C14—tC15 transformation involves sequential 
peritectoid and eutectoid reactions with a C36 intermediate step.
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2.4 The Cr-Si system
Figure 2.4 is the assessed Cr-Si phase diagram given by Gokhale and Abbaschian (1986). 
The equilibrium phases of the Cr-Si system are: (1) the liquid, L; (2) the terminal solid 
solution, Crgg, with a maximum solubility of ^^9.5 at.% Si at the eutectic temperature 
of 1705°C; (3) the terminal solid solution, Sigs, with a maximum solubility of ^8x10“® 
at.% Cr at the eutectic temperature of 1305°C; (4) the cubic intermediate phase, Ci'sSi, 
which melts congruently at 1770°C; (5) the tetragonal intermediate phase, Ci’sSis, which 
melts congruently at 1680°C and undergoes a polymorphic transformation at 1505°C;
(6) the cubic intermediate phase, CrSi, which decomposes peritectically at 1413°C; and
(7) the hexagonal intermediate phase, CrSi2 , which melts congruently at 1490°C.
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Figure 2.4 The Cr-Si binary phase diagram (Gokhale and Abbaschian 1986)
The crystal structure data of the phases in the Cr-Si binary system is shown in Table 
2.4. The monovariant and invariant points in the Cr-Si system are shown in Table 2.5.
It is noted that a cubic cP8 CrSi phase exists in the Cr-Si system, while there is no 
NbSi phase in the Nb-Si binary system. The aCi'sSia and NbsSig are isomorphous and 
have iJ32 crystal structures. However, the has the hexagonal hP16 structure,
which is the same as the metastable phase q-Nb^Sis in the Nb-Si system. The CrgSi and 
NbgSi have cP8 and 32 structures, respectively. Thus, Cr addition to Nb-Si would be
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expected to stabilise NbgSig and destabilise NbgSi. Furthermore, Cr would be expected 
to stabilise /^NbgSis to lower temperatures (aNbsSia is isomorphous with ^Nh^Sis).
Table 2.4 Crystal structure of phases in the Cr-Si (Gokhale and Abbaschian 1986)
L attice  param eters /  AP hase C om position, at.% Si Pearson sym bol, Space group Structure typ e
Cr 0 -9 .5 c /2 ,  Jm3m A 2, W 2.8847
Si ~  1 0 0 cF8,  Fd3m A 4, C 5.4309
C rsSi 22 .5 -26 .4 c P 8 , P m 3n A 15, PW 4.555
PC rgSis 37.5 hPlQ,  PG a/m cm D 8 s , MnaSia 6.993 4.726 120°
aC rsS ia 36-41 i/3 2 , I4 /m cm DSm, W sSia 9.150 4.639
CrSi 50 c P 8 , P 2 i3 B20, FeSi 4.622
CrSi2 66.67-66 .99 hP9,  P 6 2 2 2 C40, CrSi2 4.4430 6.365 120°
Table 2.5 Monovariant and invariant points in Cr-Si (Gokhale and Abbaschian 1986)
R eaction  C om positions o f th e  respective phases, at.% Si T (°C ) R eaction  type
L Crs.s 0 1860±20 M elting
L «-» Crgs +  CrgSi 15 9.5 22.5 1705± 5 E utectic
L <-> CraSi 25 1770±10 Congruent
L Ci’aSia -h CrgSi 35 36 26.4 1 660610 E utectic
L w  pCrgSia 37.5 1 680620 C ongruent
PCrgSia «-» QiCrgSia 3 6 ~ 4 1 1 5 05620 A llotropie transform ation
L +  «C rgSia *-» CrSi 51 41 50 141365 Peritecitc
L CrSi2 +  CrSi 56 66.7 50 139 0 6 1 0 E utectic
L <-+ CrSig 66.7 1 4 9 0 6 2 0 Congruent
L ♦-> CrSig 4- Sigg 87 66.99 ~  1 0 0 1 3 0 5 6 1 0 E utectic
L <—> Sigs 1 0 0 1414 6 2 M elting
2.5 The Nb-Si-Cr ternary system
In view of the number of intermediate compounds occurring in the three binary systems 
(i.e., Nb-Si, Cr-Nb and Cr-Si), a highly complex ternary field is only to be expected in 
the Nb-Si-Cr system. An isothermal section of the Nb-Si-Cr phase diagram at 1000°C 
was reported by Goldschmidt and Brand (1961b), as shown in Figure 2.5. They reported 
the existence of five ternary phases (p, 9, r  and u), in addition to eleven binary phases.
The crystal structures of some ternary phases reported in Nb-Cr-Si are listed in Table
2.6 (Villars and Calvert 1991).
The pseudo-sections CrSi2 NbSi2 and CrgSis <-> NbgSig are the points of interest in 
the system. CrSi2 and NbSi2  are both isomorphous to the C40 structure type (see Tables
2.1 and 2.4) and in principle are expected to form a continuous series of solid solutions.
2.5. The Nb-Si-Cr ternary system 17
•  A U .O S5HÙU£ PMft&E FfcLDS
A'nDMC \  OMOAUM
Figure 2.5 The 1000°C isothermal section of the Nb-Si-Cr ternary system (Goldschmidt 
and Brand 1961b)
Table 2.6 Crystal structures of ternary phases in the Nb-Si-Cr system (Villars and 
Calvert 1991)
Phase Pearson symbol Space group Lattice parameters /  Â
CrNbSi
(Cr,Nb)eSi5
(Cr,Nb)nSi8
hP9
o/44
oP76
P6-222
Ibara
Pnma
6.598 3.359
15.85 7.53 4.91
13.27 4.89 15.90
120 °
This was determined by XRD on samples of various compositions within the pseudo­
binary sections heat treated at 1000°C for a period of 336 hours (2 weeks). Goldschmidt 
and Brand (1961b) suggested that only a limited inter-solubility existed between the two 
disilicides due to the size disparity between Cr and Nb atoms. The atomic radii of Cr 
and Nb are 0.117nm and 0.134nm respectively (Callister 2003).
In the CrgSis NbsSig pseudo-binary system a more complex situation occurs. As 
previously mentioned, Nb^Sia exists in two allotropie forms: q type at temperatures up
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to 1935°C and P type which is stable at higher temperatures (Table 2.1). Cr^Sig has 
the same structure as ^NbsSig. At 1000° C the aNb^Sig has considerable solubility for 
Cr, Nb and Si, but with increased Cr the ternary phase /5 with the /^NbgSis structure 
appears at about 8-37 at.% Cr. Therefore, C r has th e  effect o f stab ilising  th e  
/JNbgSia dow n to  a t  least 1000°C to give a ternary single-phase field of considerable 
range.
The ternary ^-phase which has a large composition range is assigned the stoichiometric 
formula CrNb4 Si3 . The phase has a tetragonal t/32 structure of the WsSig-type, with 
lattice parameters a=9.88 Â and c=4.93 Â. The phase can in turn form an additional 
intermetallic compound with CrgSig. This phase, r  (CryNbsSiy), has a bcc structure 
with lattice parameter 8.13 Â.
At ~50 at.% Si, the ternary phase 9 is formed which has a wide composition range from 
6  to 28 at.% Nb. Several different formulae have been assigned to the phase. In the 
original article by Goldschmidt and Brand (1961b) the empirical formula CryNbgSiio 
was assigned. In a separate reference (Kripyakevich et al. 1968) the compound was 
given as Ci'4 Nb2 Si5 . This designation is also used in the Handbook of Ternary Alloy 
Phase Diagrams 1995 and Person’s Handbook of Crystallographic Data for Intermetallic 
Phases 1991. A third designation is given in JCPDS card number 14-455 where the 
stoichiometric composition is given as Gr3 Nb2 Si6 - The compound has an orthorhombic 
o/44 structure with lattice parameters a=15.83 À, &=7.51 Â and c=4.92 Â.
The ternary compound p is a hexagonal hP 12 Laves phase of the MgZn2 -type. This 
phase is isomorphous with the Fe2 Nb phase in the Fe-Nb system and the G^Nb phase 
in the Cr-Nb system. The lattice parameters are a=4.89 Â and c=7.99 Â. This ternary 
compound begins to replace the cubic Laves phase Gi^Nb at a solid content as low as 2.5 
at.% and has considerable solubility for all three primary elements. Thus, Si stabilises 
th e  C14 Laves phase to  lower te m p e ra tu re s  (>1000°C).
Vilasi et al. (1993) have investigated a pack cementation process for the co-deposition of 
Si, Cr and Fe. The results of EPMA of the silicide layers formed in this treatment were 
not compatible with the Nb-Si-Cr diagram of Goldschmidt and Brand (1961b). Vilasi 
et al. (1993) characterised five new ternary phases and determined their crystal structure 
by XRD (Table 2.7). The ternary phase diagram at 1200°C, proposed by Vilasi et al. 
(1993), is given in Figure 2.6. It is uncertain whether these phases are metastable or 
whether they exist at lower temperatures.
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Table 2.7 Ternary silicides identified in the Nb-Si-Cr system (Vilasi et al. 1993)
Phases Structure Type Lattice Parameters (Â)a b c
Nb6_n:Cr^Si5(2 < x< 4) VeSis 15.81-16.32 7.49-7.8 4.87-5.02
Nbii_æCra.Sig(5 < x<  8) CriiGes 13.08-13.38 15.7-15.99 4.85-4.92
NbCrSi FesP 6.60 3.36
Nb^CrSig WgSig 9.88 4.93
Nb2Cr3Sig(T>1250°C) MugSig 7.21 4.88
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Figure 2.6 The Nb-Si-Cr ternary phase diagram at 1200°C (Vilasi et al. 1993)
More recently, Zhao et al. (2003a) re-determined the Nb-Si-Cr ternary phase diagram, 
using a diffusion-multiple approach and EPMA. The 1000 and 1150°C isothermal sections 
constructed by Zhao et al. (2003a) are shown in Figure 2.7.
Zhao et al. (2003a) found that the Cr solubility in the bcc Nbgs and NbgSis is similar 
at 1000 and 1160°C at 3 and 10 at.% respectively (the solubility of Cr in the Nbss 
phase varied slightly with temperature). The C14 Laves phase, which is only stable at 
temperatures above 1585°C in the binary Cr-Nb system (see §2.3), was stabilised by Si 
to lower temperatures. Its stability range extended from ~6 to ~26 at.% Si and the Si 
solubility in C14 Laves phase did not change much with temperature varying from 1000 
to 1150°C. The stable range for (Cr,Nb)eSi5 and (Cr,Nb)nSi8 increased significantly 
with temperature from 1000 to 1150°C. In Figure 2.7 these two ternary compounds are 
essentially line compounds with variable Cr/Nb ratio but stoichiometric concentration
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Figiu’e 2.7 Isothermal sections of the Nb-Si-Cr system: (a) 1000°G and (b) 1150°C (Zhao 
et al. 2003a).
of Si. The NbCrSi ternary compound is a stoichiometric compound with very little 
variation of composition. The C14 Laves phase also appears as a line compound with 
variable Cr/Si ratio and very little variation in Nb concentration.
Zhao et al. (2003a) concluded that the crystal structure of the 9 phase (see Figure 2.5) 
reported by Goldschmidt and Brand (1961b) is the same as that of (Cr,Nb)6 Si5 - Ac­
cording to Goldschmidt and Brand (1961b), the 9 phase is in equilibrium with the CrSi2 , 
NbSi2 , CrSi, and CrgSig phases. This was also observed for the (Cr,Nb)6Sis in the study 
by Zhao et al. (Figure 2.7). The composition of the 9 phase was off the stoichiometric 
composition of (Cr,Nb)6 Si5 , which may be due to the primary solidification process. The 
u phase in Figure 2.5 is very likely (Cr,Nb)iiSig. The crystal structure of the r  phase 
in Figure 2.5 was found to be the same as NbCrSi, thus Zhao et al. concluded that they 
are the same phase. Again the composition of the r  phase is off the stoichiometry of 
NbCrSi probably due to the solidification process. The C14 Nb(Cr,Si) 2  is the p phase 
which Goldschmidt and Brand (1961b) have already reported.
It should be noted that a Nbgg+NbsSig-fNbCrSi three-phase equilibrium in the temper­
ature range 1000-1150° C has been proposed by Zhao et al. (2003a). However, Gold­
schmidt and Brand (1961b) suggested that the Nbss cannot be in direct equilibria with 
the ternary CrNbSi phase, giving the Nbss+C14-{-aNb5Si3 three-phase field, as in the 
studies of Shao (2005) and David et al. (2006). In this study, an alloy Nb-18Si-15Cr 
(JG5) has been designed to clarify the phase equilibria in this region of the Nb-Si-Cr 
ternary system.
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Figure 2.8 is the liquid surface projection calculated by Shao (2005) using the CALPHAD 
method, showing that Cr depresses the melting temperature of Nb-Si composites.
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Figure 2.8 The liquid surface projection calculated by Shao (2005), with isothermal 
contours shown in degree Celsius.
Cr additions to the Nb-Si composites improve the oxidation resistance, but probably 
degrade fracture toughness and creep-strength as well as the melting temperature. Thus, 
Cr additions have to be tailored in order to balance the oxidation resistance, creep 
resistance and fracture toughness.
2.6 The Ti-Si system
A comprehensive phase diagram (Figure 2.9) and selected thermodynamic data were 
published by Murray (1986). The Ti-Si system contains the following equilibrium solid 
phases:
(1) The cph aTi, bcc /?Ti, and diamond cubic Si solid solutions, in which Siss dissolves 
essentially no Ti;
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(2) Stoichiometric TigSi, with the PTis structure;
(3) TisSis, with a homogeneity range of ~4 at.% about stoichiometry;
(4) TisSi4 , a tetragonal phase near 45 at.% Si;
(5) Stoichiometric TiSi, formed from the melt by a peritectic reaction;
(6) Essentially stoichiometric TiSig.
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Figure 2.9 Assessed Ti-Si phase diagram (Murray 1986)
The crystal structure data of the phases and the reactions in the Ti-Si phase diagram 
are listed in Tables 2.8 and 2.9 respectively.
Table 2.8 Crystal structure data of phases in the Ti-Si system (Murray 1986)
Phase Composition, at.% Si Pearson symbol Space group Structure type
oTi 0“0.5 hP2 Pbs/mrac A3, Mg
(3Ti 0-3.5 cI2 Im3m A2, W
Si 100 cF8 Fd3m A4, C
TiaSi 25 tP82 P42/n PTis
TisSis 35.5-39.5 hP16 Pba/mcm D8g, MnsSig
TisSi4 44.4 tP36 P4i2i2 Si^Zrg
TiSi 50 oP8 Pnma B27, BFe
TiSig 66.7 oF24 Fddd C54, SisTi
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Table 2.9 Reactions of Ti-Si phase diagram (Murray 1986)
R eaction  C om positions o f th e  respective phases, at.% Si T  (°C ) R eaction  typ e
jSTiss ccTiss +  T isS i 1.1 0.5 25 865 E utectoid
/3T iss+T i5Si3 ^ T is S i 3.5 37.5 25 1170 Peritectoid
L 4—*^ /3Tiss +  TigSig 13.5 4.7 37.5 1330 E utectic
L TigSig 37.5 2130 Congruent
L +  TigSig *-* T igSi4 48.1 37.5 44.4 1920 Peritectic
L -f- T igSig T iS i 60 44.4 50 1570 Peritectic
L T iS i +  T iSia 64.2 50 66.7 1480 E utectic
L <-> T iS is 66.7 1500 Congruent
L <-> T iS i2 +  Siss 83.8 66.7 100 1330 E u tectic
L 4-^  jSTiss 0 1670 M elting
^ T iss <-» otTiss 0 882 A llotropie transform ation
Li <—> Siss 100 1414 M elting
The TigSig and NbgSig phase are not isomorphous and have the hP16 and tI32 crystal 
structures respectively. However, the metastable 'yNbgSig phase has the same structure 
as the TigSig. The TigSi and NbgSi are isomorphous. The TigSi is only stable below 
1170°C and can not form from the liquid (Figure 2.9), while the NbgSi is stable over the 
temperature range 1765 to 1915°C (Figure 2.1).
Both the TigSig and jôCrgSig have the hexagonal hP16 structure, while the aCrgSig 
has the i/32 crystal structure. The TigSi and CrgSi have tP32 and cP8 structures, 
respectively. The TiSi, having the oP8 structure, is not isomorphous with CrSi which 
has a cP8 crystal structure. Nevertheless, no stoichiometric NbSi phase exists in the 
Nb-Si system.
The TigSi4  phase, which is a tetragonal tPSQ phase, is unique to the binary Ti-Si system. 
No such stoichiometric phase has been found in either the Nb-Si or the Cr-Si system.
2.7 The Nb“Ti“Si ternary system
Since Ti is one of the most important alloying elements in Nb silicide in situ com­
posites, many detailed studies of the Nb-Ti-Si phase diagram have been carried out 
(Subramanian et al. 1994, Bewlay et al. 1997; 1998). Figure 2.10(a) is a projection 
of a three-dimensional phase diagram constructed by Bewlay et al. (1997). Isothermal 
sections at several different temperatures from 1000 to 1500°C have been given.
In the Nb-Ti-Si system, phase equilibria involve five phases; Nbss, NbgSi (Tm =  1975°C), 
NbgSig (Tm =  2515°C), TigSig (T ^ =  2130°C) and TigSi. The NbgSig and TigSig phases
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Figure 2.10 Phase diagram of the Nb-Ti-Si ternary system: (a) a schematic 3D phase di­
agram, (b) an isothermal section at 1200°C plotted in at.% and (c) a liquidas projection. 
(Bewlay et al. 1997; 1998, Zhao et al. 2004).
are not isomorphous and have the tJ32 and hP 16 crystal structures respectively (see 
§2.2 and 2.6). The TigSi phase forms by a peritectoid reaction between TigSig and 
Tiss at 1170°C. The TigSi and NbgSi are isomorphous, the NbgSi is only stable over 
the temperature range 1765 to 1915°C (Figure 2.1), and the TigSi is only stable below 
1170°C (Figure 2.9).
The binary Nb-Si phase diagram possesses a eutectic L —> Nbss (bcc) -t- NbgSi at 1915°C, 
and also a peritectic L + /SNbgSig —> NbgSi at 1975°C (Figure 2.1). In the Ti-Si system, 
there is binary eutectic L —> TigSig-t- Tiss at 1330°C (Figure 2.9). In the ternary phase 
diagram a eutectic groove extends between the two binary eutectics (Figure 2.10(a)), and
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there is a change in the equilibria describing the liquidas surface, and the eutectic groove, 
with decreasing Nb and increasing Ti concentration. In the liquidas projection (Figure 
2.10(c)) one peritectic ridge intersects a second one to generate one composition, and the 
resulting peritectic ridge intersects the eutectic groove at another composition. There 
are two transition reactions, as shown in Figure 2.10(c), L +  (Nb,Ti)gSi3  (Nb,Ti)gSi 
+  (T i, Nb)sSi3  and L +  (Nb,Ti)3 Si ^  (N b,Ti,Si)ss +  (Ti, Nb)sSi3.
It can been seen that Ti: 1) stabilises the NbgSi to lower temperatures; 2) promotes 
the formation of a hexagonal TigSig phase {hP16); and 3) reduces the L Nbss (bcc) +  
NbgSi eutectic temperature, i.e. the melting temperature of the composites. Although 
additions of Ti to the composites have very beneficial effects on both oxidation resistance 
and room temperature fracture toughness (Jackson et al. 1995), the amount of the 
Ti addition has to be limited to less than 25 at.% in order to maintain an eutectic 
temperature above 1700°C, and to avoid the formation of the hP16 TigSig phase, which 
was found to be detrimental to the creep-rupture strength of the composites (Bewlay 
et al. 2002). It is important to maintain the melting (eutectic) temperature of the 
composites above 1700° C to retain good strength at the potential use temperatures 
(1200 to 1400°C).
It can be seen from Figure 2.10(b) that the solubility of Ti in the NbgSig phase can be 
as high as 30 at.% and the solubility of Nb in TigSig is also very high, about 20 at.%. 
Surprisingly high solubility (46 at.%) of Nb in TigSi4 is also observed.
Understanding the liquid-solid and the solid-solid phase equilibria of the Nb-Ti-Si ternary 
system has played a significant role in the composition selection, microstructure design, 
selection of processing routes, and balance of properties of these composites.
2.8 The Ti-Cr system
The Ti-Cr phase diagram is shown m Figure 2.11. The equilibrium solid phases in the 
Ti-Cr system are:
(1) the hexagonal-close-packed (hep) aT i solid solution in which Cr has a small solu­
bility;
(2) the bcc (/3Ti,Cr)gs, in a narrow temperature range below the congruent melting 
point, T i and Cr are completely miscible in the bcc phase; and
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(3) ckTiCrg, ^TiCr2 , and 'yTiCrg are Laves phases with the C15, C36 and C14 struc­
tures, respectively. The o;TiCr2 that has the lowest Cr content is stable at low 
temperatures, and ;5TiCr2 and 7 TiCr2 are intermediate- and high- temperature 
forms of the hexagonal Laves phase.
The crystal structure data of these phases are listed in Table 2.10 and the reactions in 
the Ti-Cr system are given in Table 2.11.
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Figm-e 2.11 The Ti-Cr binary phase diagram (Murray 1986)
Table 2.10 Crystal structure data of phases in the Ti-Cr system (Murray 1986) 
Phase Composition, at.% Cr Pearson symbol Space group Structure type
(^Ti,Cr)a« 0-9 c/2 Im3m A2, W
aTiss 0-0.2 hP2 P 6 3 /mmc A3, Mg
aTiCi'2 63-65 cF24 FdSm C15, MgCu2
jdTiCrg 64-66 hP24 P6s/mmc C36, MgNig
7TiCi'2 64-66 hP12 POa/mmc C14, MgZu2
Compared with the Nb-Cr binary system (§2.3), the Ti-Cr phase diagram (Figure 2.11) 
shows one more Laves crystal structure -  the hexagonal C36 {hP2A) /9TiCi'2 which is 
stable at the temperature range 800 to 1270°C (Figure 2.11). The 7 TiCi'2  is isomorphous 
with the C14 Ci'2 Nb Laves phase.
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Table 2.11 Reactions of the Ti-Cr system (Murray 1986)
R eaction C om positions of the respective phases, at.% Cr T  (°C ) R eaction  type
L (/3Ti,Cr)H8 44 1410 ±  5 Congruent
/3 T isB  -  7 T i C f 2 ~  66 25 1370 ±  10 Congruent
/3Tiss aT iss  +  «T iC rg 12.5 0.6 ~  63 667 ±  10 E utectoid
/3Tis8+;9TiCr2 «-+ a T i C r 2 39 ~  63 ~  65 ~  1220 P eritectoid
7T iC r2 i9TiCr2 6 5 -6 6 ~  1270 Unknown
i9TiCr2 C t s s  4" o:XiCr2 ~  65 96 ~  66 ~  800 E utectoid
L <—► ^Tiss 0 1670 M elting
/ 3 T i s s  •-* q T I ss 0 882 A llotropie transform ation
Li ♦-+ C rg g 100 1863 ±  20 M elting
2.9 The Ti-Cr-Si ternary system
A 1000°C isothermal section of the Ti-Cr-Si system was constructed by Lysenko et al. 
(1971) based on 135 alloys annealed at 1000°C for 650 to 1200 hours (depending on the 
alloys), Figure 2.12. The TisSi4 phase which is an equilibrium phase for the binary Ti-Si 
system is missing from the phase diagram reported by Lysenko et al. due to the fact 
that no alloys were made around the TisSi4 composition.
1000^
TisSi4
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Figure 2.12 Isothermal sections of the Ti-Cr-Si system at 1000°C (Lysenko et al. 1971) 
It is clear from Figure 2.12 that there is very little solubility of Cr in TiaSi. Thus, Cr
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is not a stabiliser of the TigSi. In other words, Cr can be added to destabilise the TigSi 
phase if needed. Since Ti stabilises the NbgSi and Cr does not, in Nb-Si alloys Ti and 
Cr play opposite roles regarding the stability of NbgSi. The solubility of Cr in both 
TigSig and bcc Tigg is very high, about 45 at.% and 23 at.% respectively. The solubility 
of Si in the C15-TiCr2 Laves phase is about 20 at.%. However, as discussed in §2.5, the 
C14-Cr2Nb is stabilised by Si to lower temperatures and has a stability range extended 
from ~  6 to 26 at.% Si.
It is interesting to note that no TiCrSi (an analog to hP9 NbCrSi) phase exists in the 
Ti-Cr-Si system. Depending on the solubility of Ti in the NbCrSi, Ti additions to the 
Nb-sHicide base composites may de-stabilise this phase.
2.10 The N b-A l system
The assessed Nb-Al binary phase diagram is shown in Figure 2.13. There are three 
intermediate phases, NbAlg, Nb2 Al and NbgAl, in the Nb-Al system. The NbAlg melts 
congruently, and NbgAl is formed peritectically at ~1960°C. The Nb-Al solid solution 
overlaps the intermetallics at high temperatures.
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Figure 2.13 Assessed Nb-Al binary phase diagram (Massalsld et al. 1990)
The A15 structure is responsible for the high temperature strength of NbgAl alloys, but
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at the same time results in limited ductility, fracture toughness and a tendency for brittle 
fracture at ambient temperatures (Shah and Anton 1992). One approach to improving 
the toughness is to fabricate an NbgAl composite by incorporating a refractory ductile 
metal phase, such as Nbgg, in the microstructure (Anton and Shah 1991). According 
to Figure 2.13, the NbgAl is formed by a peritectic reaction at 1960°C with sloping 
phase boundaries that the Nb-rich solid solution overlaps the intermetallics at high 
temperatures. This aspect of the phase formation provides a mechanism for the in situ 
precipitation of duplex microstructures of the NbgAl composites with excess Nbgg as the 
ductile reinforcement phase. The NbgAl and CrgSi are isomorphous and have the A15 
crystal structure. Thus, in Nb-Si with Cr and A1 additions, caution is required regarding 
their concentrations if the formation of the NbgAl phase were to be avoided.
2.11 The N b“Si-Al ternary system
The crystal structures of the phases present in the Nb-Si-A1 system are listed in Table
2.12 (Villars and Calvert 1991). Two ternary compounds have been identified, the 
NbgSigAlg phase of the C54 structure and the NbioSigAlg of the 08^^ structure. Both 
structures are based on the structure of binary silicides, with the latter being the same 
structure as the /^NbgSig, i.e. the D8m WgSig structure type.
Table 2.12 Crystal structure of phases in the Nb-Si-A1 ternary system (Villars and 
Calvert 1991)
Phase Pearson symbol, Space group Structure type Lattice parameters /  Â
A1 cF4, Fm3m A 1 4.0497
Nb c/2 , Im3m A2, W 3.3067
Si cFS, Fd5m A4, C 5.4309
NbaSi tP32, P4g/n TigP 10.224 5.189
/JNbgSig i/32 , I4/mcm D8,M,WgSig 10.040 5.081
aNbgSig i/32 ,14/m cm DBjjGi’gSig 6.571 11.889
NbSiz hP9, P 6 2 2 2 C40, CrSia 4.81 6.61
NbgAl iP30, P42/mnm DSg, crCrFe 9.945 5.171
NbgAl cP8, Pm3n A15, CrgSi 5.186
NbAlg i/8 ,14 /m cm DO22 3.844 8.605
NbgSig Alg oF24, Fddd 054, TiSia 8.403 4.901 8.794
NbioSigAlg i/32 , 14/mcm D8„i,WgSig 10.16 5.08
120 °
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The isothermal section of the Nb-Si-A1 ternary system that was first reported by Brukl 
et al. (1961) is shown in Figure 2.14(a). The upper part of the isothermal section 
is for 1400°C and the lower part for 500°C. Bruld et al. (1961) identified two ternary 
compounds, namely the NbgSisAlg and NbioSiaAla, and found them to be in equilibrium 
with each other. A contradictory result was reported by Pan et al. (1984) who found that 
these two compounds were not in equilibrium; instead oiNbsSis was in equilibrium with 
NbAlg. Pan et al. constructed the partial isothermal section at 1500°C shown in Figure 
2.14(b). Using 11 different alloy compacts prepared by spark plasma sintering, Murakami 
et al. (2001a;b) confirmed the equilibrium between aNbgSig and NbAlg, and presented 
a tentative isothermal section for the temperatures of 1200-1600°C, as shown in Figure 
2.14(c). All the phase boundaries were un-defined, and only three-phase equilibria were 
tentatively defined. Note that the A1 solubility in aNbgSig has been reported very 
difi'erently by different groups, near zero by Brukl et al. (1961), ~10 at.% by Pan et al. 
(1984), and near zero by Murakami et al. (2001 a;b).
Nb(a) (0) Nb
AINbj
NbSij
AI.Nb ÿ
500"
Al Si
Nb, 
NbjAI 
Nb|oSi,Alj «Nb,Si,
NbAi,
Nb
AINb,
A! Si
AI
lic}uid
NbAI,
Nb,Si,(LT)/ NbSi, Nb,Si,AI, Si
Figure 2.14 Isothermal sections of the Nb-Si-Al system: (a) the 1400° C (the upper part) 
and 500°C (lower part) results reported by Brukl et al. (1961), (b) a partial 1500°G 
isothermal section by Pan et al. (1984), (c) estimated 1200-1600° C isothermal section 
by Murakami et al. (2001a), and (d) Zhao et al. (2003b) for 1000°C/2000h.
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Zhao et al. (2003b) constructed an isothermal section of the Nb-Si-Al system using diffu­
sion multiples annealed at 1000°C for 2000 h, as illustrated in Figure 2.14(d). They con­
cluded that the ternary compound NbioSiaAlg (</32, 14/mcm, a=1.0160 and c=0.5081 
nm [Brukl et al. 1961]) is the binary ^NbsSia stabilised to lower temperatures by A1 
addition. A1 stabilises this phase to 1400°C, but not to 1000°C. The solubility of A1 in 
aNbgSis is ~8 at.% at 1000°C, and A1 only substitutes on the Si sites in the compound. 
Thus, both Cr and A1 have the effect on stabilising the /:lNb5 Si3 to lower temperatures 
(see also §2.5).
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Figure 2.15 Liquid surface projection calculated by Shao (2004), with isothermal contours 
shown in degree Celsius. The low-temperature phase aNbsSia and the ternary C54 phase 
are in equilibrium with the liquid phase in alloys of high A1 contents.
On the basis of these experimental observations and the crystal structures of the binary 
compounds, it can be concluded that both ternary compounds in the Nb-Si-Al system 
are stabilised by introducing A1 to the Si sublattice sites in the corresponding binary 
silicide structures. Figure 2.15 is the liquid surface projection of the ternary system 
calculated by Shao (2004) using the CALPHAD method, indicating that neither the 
C54 Nb3 SisAl2 ternary compound nor the aNbsSis phase can melt congruously. The 
low-temperature phase oiNbsSis and the ternary C54 phase are in equilibrium with the
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liquid phase in alloys of high A1 contents. Melting of alloys containing the aNbgSig phase 
will not occur until above 1475°C. For the development of refractory composites based 
on NbgSig and NbSi2 , one should avoid phase fields such as the NbgSi34-Nb3Si5Al2, so 
as to avoid problems arising from partial melting and hence liquid-induced fracture at 
high service temperatures.
2.12 The Nb-Cr-A1 ternary system
In Nb-Si in situ composites with Cr additions, the A1 addition helps the formation of 
C14 Laves phase instead of the A15 NbgAl phase. This can be appreciated by examining 
the Nb-Cr-Al phase diagram. The isothermal section of Nb-Cr-Al at 1000°C reported 
by Hunt and Raman (1968) is shown in Figure 2.16.
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Figure 2.16 Isothermal section at 1000°C of the Nb-Cr-Al system obtained by Hunt and 
Raman (1968).
The C14 Laves phase, as shown in Figure 2.16, had not fully decomposed after a 168-hour 
anneal at 1000°C due to its sluggish decomposition kinetics. Thus, Si and A1 stabilise 
the C14 Laves phase to lower temperatures (in Cr-Nb, the Cr2 Nb Laves phase is stable 
at T>1600°C, see §2.3). Furthermore, as discussed in §2.10 and §2.11, the A1 additions 
to Nb-Si-Cr-A1 composites are likely to be incorporated into the bcc Nbss, NbgSig and 
C14 Laves phases.
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2.13 The Nb-Cr-Mo ternary system
The Nb and Mo can form solid solutions with a complete range of solubility. The Cr-Mo 
system is characterised by continuous solutions in the liquid and solid state and by the 
absence of any intermediate phases. However, a miscibility gap occurs below ~880°C in 
the solid state (Venkatraman and Neumann 1986a).
Mo
Figure 2.17 The 1000°C isothermal section of Nb-Cr-Mo system reported by Goldschmidt 
and Brand (1961a).
There is limited experimental data on the Nb-Cr-Mo ternary system. Goldschmidt 
and Brand (1961a) reported an isothermal section for the Nb-Cr-Mo system and the 
associated phase relation at 1000°C that is shown in Figure 2.17. An extensive single 
phase field of bcc solid solution a  exists in the high Mo region, from which, on Cr and Nb 
addition, a miscibility bay opens out. The latter widens with descending temperature. 
Two branches of this q solid solution which are denoted cti and « 2  adjoin the Mo- 
Cr and Mo-Nb binary sides respectively. The a i has the smaller, and the « 2  has the 
larger lattice constants. The miscibility bay is sub-divided into a duplex a i -1 - 0 2  region, a 
comparatively large three-phase triangle a i+ a 2 +p, and the regions Oi +p and Q2 +P- The 
p phase (Laves) is able to dissolve about 10 at.% Mo at 1000°C. No ternary compound 
was found.
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Yoshida and Takasugi (1997) constructed an isothermal section of the Nb-Cr-Mo system 
at 1350°C (Figure 2.18). It is suggested that Mo substitutes for Nb in the C15 Cr2 Nb, 
which has a maximum solubility of Mo up to 14 at.%. The width of the phase field of the 
C15 CrgNb decreases gradually with increasing content of Mo, which is consistent with 
the results of Goldschmidt and Brand (1961a). The C15 Cr2 Nb phase is equilibrated 
directly with the bcc phase without forming any intermediate phases. The bcc phase 
has a larger solid solution range in the Mo-rich side than in the Nb- and Cr-rich sides.
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Figure 2.18 The isothermal section of Nb-Cr-Mo system at 1350°C (Yoshida and Takasugi 
1997). (•) Maximum solubility points in each phase, (o) Prepared alloy compositions, 
(• • • ) Tie lines.
2.14 The Hf-Si and N b-Si-H f system s
Hafnium has been added to Nb-silicide base alloys to improve oxidation resistance and 
strength (Jackson et al. 1996, Subramanian et al. 1994). Therefore, a good understanding 
of phase equilibria in the Hf-Si binary and the Nb-Hf-Si ternary systems is required for 
the purpose of advanced design of Nb-silicide base composites.
The Hf-Si phase diagram has been assessed by Gokhale and Abbaschian (1989) primarily
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based on the experimental results of Brukl (1968). Five intermetallic compounds, Hf2 Si, 
Hf3 Si2 , HfsSi4 , HfSi, and HfSi2 , have been included in the assessed phase diagram. The 
first of these silicides, i.e. Hf2 Si, is unique to this system as a 2-1 silicide is not observed 
in the Nb-Si, Ti-Si and Cr-Si systems. A HfsSia phase with the Mn^Sis crystal structure 
(hP16) has also been identified (Nowotny et al. 1958, Karpinsky and Evseyev 1969). The 
HfsSis phase was originally thought to be stabilized by interstitial impurities (Brukl 1968, 
Gokhale and Abbaschian 1989) and was not included in the assessed phase diagram of 
Gokhale and Abbaschian (1989). Recently, Bewlay et al. (1999c) found that the Hf^Sis 
phase existed in a Hf-35at.%Si alloy. It was also observed that Hf^Sig decomposes via a 
eutectoid reaction to H^Si -I- HfgSi2 at ~1925°C (Zhao et al. 2000). Therefore, Hf^Sig 
is now considered to be an equilibrium phase in the binary Hf-Si system. Based on these 
observations, a new version of the Hf-Si binary phase diagram was constructed by Zhao 
et al. (2000), as shown in Figure 2.19. A peritectic reaction, L -H HfaSi2 —> Hf^Sig at 
~2360°C was proposed based on Brukl’s incipient melting results. Compared to the 
Ti-Si system, Hf-Si does not form a 3-1 silicide, but does form the 5-4 silicide as dose 
Ti-Si. The Hf-Si binary system serves as a basis for understanding the Nb-Hf-Si ternary 
system; for example the relative stability of the HfsSia phase with respect to the NbgSig 
phase is very important.
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Figure 2.19 Calculated phase diagram of the Hf-Si binary system (Zhao et al. 2000) 
based on the results of Brukl (1968) and Bewlay et al. (1999c).
There is limited experimental information on the phase equilibria for the Nb-Hf-Si sys-
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tern. The experimental work available from the literature was carried out by Bewlay 
et al. (1999a;e) and Zhao et al. (2001). They determined the isothermal section at 
1500°C (for Si concentrations between 0 and 66.7 at.%, as shown in Figure 2.20).
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Figure 2.20 Isothermal section of the estimated equilibrium Nb-Hf-Si phase diagram at 
1500°C (Zhao et al. 2001).
A total of 10 phases were reported by Zhao et al. (2001). Their crystal structures are 
listed in Table 2.13. The NbgSi with Hf in solid solution is referred to as Nb(Hf)gSi; 
the NbgSig with Hf in solid solution, Nb(Hf)gSig; the NbSi2 with Hf in solid solution, 
Nb(Hf)Si2 ; the HfSi with Nb in solid solution, Hf(Nb)Si; the HfgSi4 with Nb in solid 
solution, Hf(Nb)gSi4 ; the HfgSi2 with Nb in solid solution, Hf(Nb)gSi2 ; the HfgSig with 
Nb in solid solution,Hf(Nb)gSig; the H^iSi with Nb in solid solution, Hf(Nb)2 Si. The 
NbgSig and HfgSig have the i/32 and hPlQ crystal structures, respectively. The H^Si has 
the i/12 crystal structure, and the NbgSi has the i f  32. Thus, none of these silicides is 
isomorphous. In addition, there were two Nb-Hf solid solutions containing small amounts 
of Si for which the hep phase is given the prefix a  and the bcc phase is given the prefix
Four three-phase regions, /3(Nb,Hf,Si) -t- Nb(Hf)gSig 4- Hf(Nb)2 Si, Nb(Hf)gSig +  Hf(Nb)2 Si 
+ Hf(Nb)gSig, /?(Nb,Hf,Si) -k a(Hf,Nb,Si) Hf(Nb)2 Si, and Nb(Hf)Si2 + Hf(Nb)gSig
4- Hf(Nb)Si have been defined by Zhao et al. (2001). The Nb solubility is ~46% in
Hf(Nb)2 Si, -36%  in Hf(Nb)gSig, >6.5% in Hf(Nb)gSi2 , >22% in Hf(Nb)gSi4 , and 5% in
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Table 2.13 Crystal structures of the phases in the Nb-Hf-Si ternary system together 
with the lattice parameters for binary compounds and solid solution phases (Villars and 
Calvert 1991, Karpinsky and Evseyev 1969)
Phase Pearson symbol, Space group Structure type Lattice parameters (nm)
/3(Nb,Hf,Si) c/2 , Im3m A2, W 0.3301-0.3610
Q'(Nb,Hf,Si) hP2, PGg/mmc Mg 0.31946 0.5058
Nb(Hf)gSi tP32, P42/n TigP 1.0224 0.5189
Nb(Hf)Si2 /iP9, P 6 2 2 2 C40,CrSi2 0.4794 0.6589
Nb(Hf)gSi3 i/32, 14/mcm D8i,CrgSi3 0.6570 1.1884
Hf(Nb)2 Si i/12,14/mcm AI2 CU 0.6553 0.5186
Hf(Nb)Si 0 P 8 , Pnma FeB 0.6889 0.3772 0.5223
Hf(Nb)gSi2 iP 10, P4/mbm UgSi2 0,6988 0.3675
Hf(Nb)gSi3 hPW, PGa/mcm MngSia 0.7844 0.5492
Hf(Nb)sSi4 iP36, P 4i2 i2 ZrgSi4 0.7039 1.283
Hf(Nb)Si. The Hf solubilities in Nb(Hf)gSi3  and Nb(Hf)Si2  are —16 and —9.4%, respec­
tively. The Nb(Hf)3 Si phase was unstable at 1500®C and decomposed by an eutectoid 
transformation to /3(Nb,Hf,Si) and Nb(Hf)gSi3 .
Yang et al. (2003) calculated the liquidas projection of the Nb-Hf-Si system using the 
CALPHAD method. A comparison between the calculated liquidus projection (Yang 
et al. 2003) and the experimental results of Bewlay et al. (1999a) is shown in Figure 
2.21. The calculated liquidus surface for Si concentrations from 0 to 40% is made up 
of six primary phase regimes: Nb(Hf)gSi3 , /^NbgSig, Hf(Nb)2 Si, Nb(Hf)gSi, Hf(Nb)gSig 
and ^(Nb,Hf,Si). Bewlay et al, (1999a) did not identify /JNbsSig from Nb(Hf)gSig in the 
liquidus projection. The calculation showed that the NbgSig phase in the ternary phase 
region is formed by the eutectic reaction L —» Nb(Hf)gSig -f Hf(Nb)gSi3 .
There are three four-phase equilibria which were all calculated to be type ÏI reactions. 
Note that the four-phase equilibrium L -f Nb(Hf)gSig Nb(Hf)gSi +  /3(Nb,Hf,Si) pro­
posed by Bewlay et al. (1999a) is different from the calculated result L-|-Nb(Hf)3 Si —> 
Nb(Hf)gSig 4- /?(Nb,Hf,Si) (Yang et al. 2003). Due to the shallow nature of this part of 
liquidus surface it is difficult to be certain about the precise nature of the reaction. How­
ever, both of the above reactions were considered to be possible, within the uncertainty 
of the experimental measurements and the thermodynamic calculations.
Figure 2.21 shows that Hf addition reduces the L —> Nbss +  NbgSi eutectic temperature.
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Figure 2.21 The calculated liquidus projection of Nb-Hf-Si ternary system (Yang et al. 
2003) compared with experimental data (Bewlay et al. 1999a).
Unlike Ti, Hf does not stabilise the NbgSi phase to lower temperatures. Although the 
exact NbgSi —> Nbgg + NbgSig (£/32) eutectoid temperature has not been defined, it 
must be >1500°C. Nb does stabilize the hexagonal (hP16) H^Sig to lower temperatures. 
Similar to TigSig, the kP16 HfgSig phase can potentially be detrimental to the creep 
strength of the composites. To avoid the formation of both Hj^Si and HfgSig (at lower 
temperatures), Hf additions to the composites have to be <10 at.%.
2.15 The Nb-Sn and Nb-Si-Sn system s
Refractory metals are susceptible to pesting damage at intermediate temperatures (T < 
850°C). Additions of A1 and Hf are known to reduce the pesting susceptibility of Nb- 
base alloys, but some Nb-silicide base composites can still be attacked in this manner 
(Bewlay et al. 2003). Bewlay et al. (2003) have reported that alloying with tin was 
effective in managing pesting damage. Therefore, a good understanding of the Nb-Sn
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and Nb-Si-Sn systems is a critical requirement for the development of Nb-silicide base 
in situ composites.
Figure 2.22 shows the Nb-Sn binary phase diagram reported by Slmnk (1986). The 
binary system contains the following equilibrium solid phases:
(1) the bcc (A2) Nb solid solution,
(2) the two Sn solid solutions, which have body-centred tetragonal (A5, i/4, /5Sn) and 
diamond (A4, cF8, aSn) structures respectively,
(3) three intermetallic compounds, NbgSn (A15), NbgSns (o/44) and NbSn2 (oF48). 
In Figure 2.22, the NbgSn compound is assumed to be unstable below ~775°C.
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Figure 2.22 The Nb-Sn binary phase diagram (Shunk 1986).
However, the NbgSn phase has been considered to be stable at low temperatures (down to 
20“C) by many researchers (Van Vucht et al. 1965, Chailesworth et al. 1970, Matstakova 
and Lazarev 1973), who reported the existence of the NbgSn phase in the temperature 
range 400 to 600°C. Fowler (1963) produced this phase on a substrate at 280°C by 
simultaneous evaporations of niobium and tin. Toffolon et al. (2002) have reassessed 
the Nb-Sn system considering the NbgSn phase to be stable down to temperatures be­
low room temperature. In their model, the experimental and calculated enthalpies of 
formation of the NbgSn phase are in good agreement.
There is limited experimental data on the Nb-Si-Sn ternary system. Figure 2.23 shows 
the partial, tentative ternary isothermal section of the Nb-Sn-Si diagram at 1600° C
2.15. The Nb-Sn and Nb-Si-Sn systems 40
(Waterstrat and Muller 1977). The coexisting phases in this concentration range are Nb 
solid solution containing 1-2 at.% Si, the Al5 phase and the NbsSia phase. The A 15- 
type phase is based on the binary compound NbgSn. The A15 phase region deviates 
sharply from the ideal stoichiometry and this would normally produce decrease in the 
lattice parameters of the A15 phases since both Nb and Si atoms have a smaller size 
than Sn atoms. The sharp deviation from ideal stoichiometry which is exhibited by the 
ternary Nb-Sn-Si A 15-phase region indicates a remarkable destabilisation of NbgSn by Si 
additions which can be relieved only temporarily by the simultaneous addition of more 
Nb atoms. The excess Nb atoms presumably enter the crystallographic sites (2a) in the 
A15 structure where one would normally expect to find only the Sn and Si atoms.
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Figure 2.23 Partial, tentative ternary isothermal section of the Nb-Sn-Si constitution 
diagram at 1600°C (Waterstrat and Muller 1977).
The limited solubility of Si in NbgSn, as shown in Figure 2.23, is in serious disagree­
ment with other reports of extensive solubility. For example, Holleck et al. (1963) have 
reported that the solubility of Si for Sn in NbgSn produces a continuous decrease in 
the lattice parameter of the A15 structure up to ~60 mol.% NbgSi and that the alloys 
are single phase over this composition range. Similar results have been obtained for 
Nb3 (Sni_ajSia;) alloys by Galasso et al. (1963).
C hap ter 3
Processing of N b-silicide base in  
situ  com posites
3.1 Introduction
Processing is important for all materials but particularly so for intermetallics, where the 
restrictive stoichiometry limits of many intermetallic compounds often prevent efforts to 
achieve single phase materials. Furthermore, for intermetallics of the refractory metals, 
the control of interstitials is essential. Thus, the achievement of intrinsic properties of 
intermetallics is critically dependent on their initial synthesis and processing. A range of 
processing approaches has been used to generate Nb-silicide base composites, including 
arc melting, ingot casting plus thermo-mechanical processing (Mendiratta et al. 1991, 
Mendiratta and Dimiduk 1993, Rigney and Lewandowski 1996, Subramanian et al. 1997), 
directional solidification (Chang et al. 1992, Bewlay et al. 1994; 1995a;b; 2002), physical 
vapour deposition (Rowe et al. 1994), powder metallurgy (Kajuch et al. 1992; 1995, 
Kim et al. 2002), and investment casting (Balsone et ai. 2001, Bewlay et al. 2003). Each 
process provides a different microstructure with a different scale to the phase dimensions 
and different phase chemistries. By choosing appropriate processing techniques, it is 
possible to tailor the solid solution and silicide microstructures so as to obtain either 
a distribution of discrete silicide phases within a continuous solid solution matrix, or 
alternately, the silicide phase(s) in a co-continuous distribution with the solid solution 
phase. It is possible that some of these processes can be combined to create effective 
internal cooling geometries, similar to those used in Ni superalloys.
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3.2 Arc melting
Melt processing is a critical step in the development of Nb-silicide base composites, which 
can restrict the applications of these alloys because their properties are very sensitive 
to their components and interstitial element content. Solid-liquid processing of these 
materials is severely limited by the high melting temperatures of the alloys used and 
the capability of suitable mould materials. As a result, cold-crucible methods have been 
adopted. To date, the most widely used method for the production of Nb-base alloys is 
conventional consumable and non-consumable vacuum arc melting.
The principle of this process is schematically shown in Figure 3.1, whereby a condition 
is set up where a layer of solid metal or intermetallic, is formed between the melt and 
the water cooled copper surface. The thermal resistance of the copper-solidified metal 
interface is controlling the heat flux through this interface, determining the thickness of 
the skull.
Heat Source
Plasma / DC Arc / Electron Beam
Molten Alloy,
Skull o f  Solid Alloy
Watet Cooled Copper Hearth
Figure 3.1 Schematic of the principle of skull melting.
In the arc melting, a cap or ‘hump’ is often formed on the top surface of the solidified 
ingot. The formation of this cap is controlled by the direction of fluid flow in the molten 
alloy pool. Quested et al. (1993) indicated that four factors influence the direction of this 
flow: thermocapillary, electromagnetic, buoyancy, and aerodynamic forces. The buoy­
ancy forces during arc or electron beam melting are relatively small, and the magnitude 
of the electromagnetic and aerodynamic drag forces are smaller than the thermocapil­
lary forces. Thermocapillary forces therefore govern the direction of fluid flow during 
melting, with the effects of these forces having significant infiuence on segregation and 
the entrapment of interstitials and inclusions in the final as cast ingot.
Some of the problems associated with these effects are overcomed when using a thermal
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plasma source, where the stirring action of the plasma can be controlled by control­
ling current, gas flow and torch to melt distance. Plasma guns are also the only non­
consumable heat sources capable of melting under high inert gas pressures, to prevent 
the selective evaporation of alloying elements. This technique is of advantage to reduce 
the levels of interstitial impurities to a minimum.
The advantages of the cold hearth technique create additional difficulties. After the 
heat source is extinguished, large internal stresses will develop within the cast structure 
during solidification. This is a result of the high thermal gradients encountered and may 
result in microcracks forming within the brittle intermetallic. Furthermore, several major 
difficulties are still encountered in the production of homogeneous ingots of intermetallic 
alloys with limited compositional ranges using arc melting.
(1) Evaporation of a constituent phase
This problem is particularly significant during the melting of refractory metal silicides 
and aluminides. The vapour pressure of both Si and A1 will be high at the melting point 
of Nb (2467° C) resulting in significant levels of evaporation during melt processing. 
Mendiratta and Dimiduk (1993) reported a loss of 2.2±0.5 at.% of Si from an alloy of 
composition Nb-18.7Si (at.%), prepared by consumable double AC arc melting. Control 
of such losses is difficult and losses may only be minimised by melting under high inert 
gas pressure using a plasma heat source.
(2) Controlling the ingot microstructure during solidification
A problem which remains with all cold hearth processing techniques is the control of the 
solidifying structure after the heat source is extinguished. Segregation will generally be 
encountered in all as-cast intermetallic compounds and may become significant where 
peritectic reactions are encountered, or when the density of the constituent phases show 
large differences. The effect is reduced to a degree by the use of plasma melting, with 
the intense energy beam effectively stirring the melt, and the relatively fast cooling rates 
imposed by the water cooled hearth, which decrease the scale of the microstructure. To 
reduce segregation still further, rapid solidification techniques may be utilised, which may 
also suppress equilibrium phase formation, in addition to refining the microstructure. If 
segregation is not avoided by these techniques, homogenisation of an as-cast ingot is the 
normal practice, but it can be difficult owing to the slow diffusion kinetics encountered.
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3.3 Directional solidification
Directional solidification techniques that have been employed include float zone, Czochral- 
ski and Bridgman methods.
3.3 .1  F loat zone processin g
Directional solidification of Nb-silicide composites has been performed using an optical 
imaging float zone process (OIFZ) by Pope et al. (1994). As shown in Figure 3.2(a), the 
OIFZ system used by Pope et al. (1994) consists of two 3.5kW tungsten halogen lamps 
enclosed in a double ellipsoidal, water-cooled, copper chamber. This float zone approach 
is derived from the zone-melting technique of Pfann (1966), where a small volume of 
the alloy, in a relatively large rod-type charge, is melted and then the molten zone is 
translated in a controlled manner along the rod. The molten zone is retained in position 
by surface tension between the two co-linear rods of the same alloy, and as a result, a 
crucible is not required to retain the melt.
In addition to the optical imaging heat source, induction heating and electron-beam heat­
ing sources have been used for directional solidification of high-temperature composite 
materials by Johnson et al. (1993). Electron-beam heating sources are not preferred for 
Nb-silicide composites, because this heating method requires a high vacuum, hence, it 
is difficult to use with alloys that contain species with a high vapour pressure. Induc­
tion heating float zone processing requires the sample to be a conductor, but it has the 
advantage that the electromagnetic levitation forces may be used to contain the molten 
zone and, thereby, allow the growth of samples with a larger diameter (Johnson et al. 
1993).
Pope et al. (1994) discussed the advantages and disadvantages of the OFIZ approach. 
The principal advantages of this method are that it is very clean and capable of working 
with a range of different materials on a small scale. There are also several disadvantages. 
First, the specimen size is limited by a compromise between liquid surface tension and 
the hot-zone dimension. Second, the starting materials must possess a high level of 
homogeneity. Third, evaporation of volatile species, such as Cr, and condensation on 
the furnace tube can lead to attenuation of the heat input from the optical source and 
destabilization of the directional solidification conditions. For small scale samples, the 
advantages appear to outweigh the disadvantages. However, the scale-up issues of the
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Figure 3.2 Schematic diagrams of directional solidification approaches (Bewlay et al. 
2002); (a) OIFZ processing (Pope et al. 1994), (b) water-cooled copper crucible Czochral- 
ski directional solidification, and (c) cold crucible Bridgman-type directional solidifica­
tion.
float zone directional solidification of Nb-silicide composites have not yet been defined 
completely.
3 .3 .2  T he C zochralsk i m eth o d
Directional solidified ingots have been produced using Czochralski crystal growth from 
an induction levitated melt which is retained in a segmented water-cooled copper crucible 
(Bewlay et al. 1996). Figure 3.2(b) is the schematic diagram of this process. A range 
of Nb-base alloys consisting of NbsSig and other sihcides in a Nb solid solution matrix 
with melting points up to ~2300°C has been produced by this method (Jackson et al. 
1996, Bewlay et al. 1996).
The Czochralski method is a flexible method that has been used for high temperature 
alloys, such as Nb-Si, Cr-Si, Nb-Cr, Mo-Si and higher order alloys derived from these 
binary systems. Samples up to ~30 mm diameter and more than 100 mm long have
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been directionally solidified by using the Czochralski method. Typically, high purity 
(>99.99%) elements have been used to prepare these composites, because great attention 
to the interstitial level is required.
For mechanistic studies of mechanical and oxidation behaviour, directional solidification 
provides excellent control of the microstructure and chemistry in samples with low defect 
concentration and size. Directional solidification also has great potential as a small solid- 
airfoil manufacturing technique. The ingots can be machined into airfoil configurations, 
as is the practice for oxide dispersion strengthened (ODS) Ni alloys. At present, there is 
limited experience in providing components with cooling channels using this technique.
3 .3 .3  T he B ridgm an  m eth o d
The bridgman method has been used to directionally solidify Nb-silicide composites. 
Segmented water-cooled copper crucibles have been used to produce DS ingots with 
diameters up to 50 mm. In the Bridgman method the water-cooled copper crucible is 
withdrawn in a controlled manner through the electromagnetic field that is used to melt 
the alloy by induction levitation. This approach is shown in Figure 3.2(c).
3.4 Mechanical alloying
Mechanical Alloying (MA) has been gathering world wide attention as a means of pro­
ducing alloys and metastable and non-equilibrium alloy phases. There is a large potential 
for producing amorphous alloys by this technique. MA is also well suited for the produc­
tion of nano-crystalline materials and oxide dispersion strengthened (ODS) superalloys, 
as well as for the synthesis of metal nitrides and hydrides.
MA is an alternative and very convenient process for the production of intermetallic 
compounds since it has the intrinsic advantage of avoiding the high temperatures of 
melting. Other advantages include the possibility of uniform control for dispersion of 
insoluble phases, such as refractory oxides, or the facility to process reactive alloys such 
as A1 and Ti base alloys (Nash et al. 1992).
In addition to these characteristics, MA also permits alternative routes of processing 
which can result in the production of nano-crystalline phases, homogeneous microstruc­
tures, stoichiometric compounds and amorphous and metastable phases. Regarding the
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production of intermetallics, it has been suggested to use different routes, such as: (1) 
direct transformation from the elemental metals; (2) transformation by a heat treatment 
of an amorphous phase obtained by MA; and (3) transformation by heat treatment of 
nano-crystals or metastable phases.
MA involves repeated welding, fracturing, and rewelding elemental or alloyed powders, 
during high-energy milling under a controlled atmosphere. Ohashi and Tanalm (1991) 
divided the process into four stages: (1) first stage, an intense cold welding period; (2) 
intermediate stage, a rapid fracturing period forming lamellae; (3) final stage, a moderate 
cold welding period producing finer and more convoluted lamellae; and (4) completion 
stage, a steady state period.
Factors such as the amount of cold work, inter-layer spacing and interstitial contam­
ination influence the formation of compounds during MA critically. During the high 
energy milling process, repeated impact at contact points leads to a local concentration 
of energy, which under some circumstances may ignite a self propagating reaction. This 
phenomenon, originally described as ‘hot spotting’, may lead to local melting and weld­
ing, enhanced inter-particle diffusion, chemical reaction and ultimately lead to compound 
formation.
De Oliveira and Filho (1995) produced the intermetallic compound NbgSis by MA of 
Nb-37.5Si mixtures using two different routes. One was amorphisation followed by crys­
tallization when the mixture was processed with milling power of 15:1, and another was 
direct formation of the intermetallic phase when the mixture was processed with milling 
powder of 5:1.
3.5 Powder metallurgy
Although it is possible to produce intermetallic alloys via conventional arc melting and 
casting techniques, the high melting points and melt viscosities of many inhibit the 
casting of components. In addition, the control of composition, segregation and grain 
size continue to present difficulties during casting.
However, powder processing approaches may be more versatile by providing homoge­
neous and/or tailorable microstructures with minimal contamination (Kajuch et al. 
1992). Powder metallurgy (PM) techniques can avoid these difficulties by consolidating 
discrete powders into bulk form using temperature and pressure. The microstructure
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of the consolidated material can be controlled by the powder characteristics and pro­
cessing cycle. The near net shape capabilities are also attractive, eliminating machining 
and deformation stages and hence making the process particularly suitable for brittle 
materials. PM offers flexibility through a wide array of powder fabrication and consol­
idation techniques. In reactive sintering the two stages of synthesis and consolidation 
are combined in one step.
3 .5 .1  P ressu re  assisted  p rocessin g  techn iqu es
Pressure assisted processing techniques commonly used in PM include hot pressing, 
sinter forging, hot extrusion and hot isostatic pressing (HIP). Because of the slow dif­
fusion kinetics associated with intermetallic compounds, long process times and high 
temperatures are often required for the techniques to be effective. Even under the best 
conditions, sintering often leads to less than theoretical density. For this reason HIP has 
become the main method for processing intermetallic alloys owing to its combination of 
high temperature (~2000°C) and pressure (~420MPa). Materials which are prepared 
by uniaxially hot pressing or HIP silicide powders are inherently simple in shape, and 
due to their poor machinability, often cannot be further processed into desired shapes. 
Further work is needed before pressure-assisted processing techniques may be commer­
cially used to synthesise complex shapes of silicides and silicide composites. HIP is often 
also used as a standard post casting operation to close shrinkage porosity.
Kim et al. (2002) prepared Nbgs/NbsSia composites alloyed with(or without) Mo by 
various processes such as arc-melting (AM), isothermal forging (IF), directional solid­
ification (DS) and powder metallurgy (PM), followed by heat treatment at 1700 and 
1850°C. Various microstructures were produced. At near eutectic composition, AM bi­
nary alloys exhibit a dispersed microstructure consisting of fine Nbgs particles in a Nb^Sig 
matrix, while AM ternary alloys show a maze-like structure. Microstructures of PM and 
IF alloys were characterized by aggregate structure and equiaxed structure, respectively. 
DS processing for Mo added ternary Nbss/NbsSig alloy produced well aligned lamella 
structure parallel to the growth direction.
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3.6 Extrusion
Alloys that consist of approximately equiaxed structures of Nb^ and niobium sili­
cides have been evaluated in the extruded plus heat-treated conditions (Mendiratta 
and Dimiduk 1993, Subramanian et al. 1994; 1997). Extrusions have been produced by 
machining consumable arc-melted large castings to a diameter of ~70 mm and placing 
them in molybdenum cans with a wall thickness of ~  6mm. Prior to extrusion, the 
canned ingots were heated in an induction furnace to a temperature between 1400°C 
and 1600° C and extruded through tool-steel dies maintained at 260° C at extrusion ra­
tios in the range of 3-10. This scheme provides a composite microstructure aligned with 
the extrusion direction and an acceptable process yield.
Extrusion Direction — >
Figure 3.3 The longitudinal section of Nb-lOSi extruded at 1480°C and a 10:1 extrusion 
ratio; the extruded composite was heat treated at 1500°C for 100 hours. The white 
phase is Nbgs and the black phase is NbsSis (Bewlay et al. 1999b).
A typical microstructure from an extruded Nb-lOSi alloy heat treated at 1500°C is 
shown in Figure 3.3. The composite consisted of primary Nbss dendrites aligned with 
the extrusion direction, and there was an interdendritic eutectoid of Nb^Sis and Nbgg 
(Bewlay et al. 1999b). By cotrolling the silicon concentration, the volume fraction of 
silicide phase was adjusted over the range of 0.25-0.45. The extrusion of bar stock for
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eventual machining of turbine vanes and blades is an approach similar to that used 
for oxide dispersion strengthened (ODS) nidcel superalloy airfoils, such as INCO alloys 
MA754 or MA6000 (Bewlay et al. 1999b).
3.7 Investment casting
The techniques used previously have all successfully produced laboratory-scale volumes 
of materials for alloy development and mechanical property studies. However, these tech­
niques are not well developed with regard to the production of net-shape airfoils. Prom 
a practical point of view, investment casting of near-net shape structures of Nb-silicide 
composites offers substantial potential because of its proximity to existing airfoil man­
ufacturing practices. To date, investment casting of Nb-silicide composites has received 
little attention because of the difficulty of finding ceramic mould materials capable of 
withstanding the high melting temperatures and developing the melting capability of 
the appropriate scale.
The feasibility of investment casting thin sheets of selected Nb-silicide composites has 
been explored using a hybrid arc-melting and drop-casting technique (Balsone et al. 
2001). In this process, the alloys were arc-melted using conventional techniques, and 
drop-cast into heated ceramic moulds. Alumina-base ceramic moulds were used in con­
junction with low-reactivity face coats. The melt superheat and mould temperature are 
critical process parameters. The moulds were prepared using conventional slurry tech­
niques. Appropriate face-coats were applied to the ceramic moulds to prevent mould- 
metal interaction. Investment-cast plates with dimensions of 76mm length, 25mm width, 
and thickness from 3-8mm were obtained with this process. Prototype airfoil shapes were 
also successfully cast using this technique.
A range of Nb-base alloys has been investment cast using this approach, including ternary 
Nb-Ti-Si and multicomponent Nb-Ti-Hf-Cr-Al-Si-base compositions (Balsone et al. 2001, 
Bewlay et al. 2003).
Figures 3.4(a) and (b) show the microstructures of two Nb-silicide in situ composites that 
were investment-cast: a Nb-34Ti-16Si ternary alloy and a more complex alloy, Nb-22Ti- 
2Hf-4Cr-3Al-16Si with small additions of Ge and Sn (Bewlay et al. 2003). The tPB2 type 
NbaSi phase in Figure 3.4(a) was stabilised by the high Ti concentration (see §2.7). It 
was claimed that the NbgSig existed as both (732 and hP16 phases in the microstructure
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Figure 3.4 Microstructures of the transverse sections of two investment-cast Nb-silicide 
in situ composites based on the following alloys: (a) Nb-34Ti-16Si and (b) Nb-22Ti-2Hf- 
4Cr-3Al-16Si with minor additions of Ge and Sn (Bewlay et al. 2003).
shown in Figure 3.4(b). The phase distribution and phase compositions in the cast 
microstructures were similar to those obtained by the other casting processes, such as 
cold crucible directional solidification. There was no evidence of any gross segregation.
3.8 Rapid solidification
One method to avoid large scale segregation in intermetallics is to increase the solidifi­
cation rate, thus decreasing the scale of the microstructure. In this respect, Koch (1988)
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has reviewed the field of rapid solidification (RS) of intermetallic compounds.
RS involves quenching a melt with sufficient rapidity from the liquid state, which imposes 
a high cooling rate and/or a large melt undercooling. The most important feature in RS 
processing is the rate of growth of the solid-liquid interface, which becomes sufficiently 
high for certain limits to be reached thus modifying the global transformation behaviour 
of materials. As the growth front velocity increases, the scale of the microstructure 
produced becomes more refined, with smaller dendrite arm spacing. In alloy systems 
exhibiting the formation of secondary phases, finer, more evenly distributed precipitates 
will form. At even higher solidification rates solute trapping and extended solid solutions 
can be obtained, giving materials which are chemically homogeneous. At extreme rates 
of solidification the nucléation of crystalline solids may be suppressed completely and a 
metastable amorphous structme forms (Jones 1982).
The major effects and benefits of RS are:
(1) refined grain size offering improved mechanical properties;
(2) no macrosegregation because of the small volumes of melt being solidified;
(3) reduced microsegregation because of solidification at high growth rates;
(4) extended solid solubilities increasing chemical homogeneity and producing higher 
volume fractions of precipitates in subsequently aged materials;
(5) formation of new and/or metastable phases and suppression of equilibrium phases;
(6) the formation of amorphous phases;
(7) design of new alloys.
Miller et al. (1989) performed melt spinning experiments on Nb-22Si alloy. Ribbon 
thiclcnesses varied from 20 to 40 pm. Electron difihaction experiments showed that 
in the thinner ribbons the microstructure consisted of an amorphous phase with some 
crystalline regions having the cubic A15 NbsSi (metastable) structure. The thicker 
ribbons were composed of tetragonal NbgSi (equilibrium phase) and an intergranular 
phase, possibly the Nbsg. No NbgSig was reported.
Davidson and Chan (1998) studied rapidly solidified Nb-Cr-Ti alloys. RS not only 
decreased the particle size, but increased the contiguity of intermetallic (Laves) particles, 
and it probably changed the mechanical properties of the matrix as well. Intermetallic 
particles were not fractured in the rapidly solidified material as they were in the slowly 
cooled alloys.
C hap ter 4
M echanical properties of 
N b-silicide in  situ  com posites
An understanding of the mechanical properties of intermetallic compounds is not only 
important in connection with the strengthening effects they impart as second phases 
in many alloys, particularly those for high temperature service, but also in connection 
with the processing of materials wherein the presence of these phases yields other de­
sirable properties. Alloying schemes have been developed to achieve a balance of room- 
and high-temperature mechanical properties of Nb-silicide composites. Progress in the 
development of the processing-microstructure-properties relations in Nb-silicide compos­
ites will be described in this chapter. It should be noted that there is no experimental 
data for the ductility of Nb-silicide base in situ composites so far. However, Jackson 
and Jones (1991) have suggested that the tensile ductility of Nb-Ti-Al and Nb-Ti-Cr-Al 
solid solution alloys increases with increasing Ti contents at a given value of Cr and A1 
content.
4.1 Fracture toughness
A minimal level of fracture toughness is required to provide damage tolerance in order 
to make components that can survive the final assembly into the turbine engines and 
tolerate impact loading in service from events such as foreign object damage. A frac­
ture toughness of 20 MPa-m^^^ is considered a minimum value for critical components 
(Jackson et al. 1996). There have been extensive studies of the fracture mechanisms in
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Nb-silicide composites (Mendiratta and Dimiduk 1991, Bewlay et al. 1995a). Resistance- 
curve fracture behaviour of the Nb-10at.%Si has also been performed by Rigney and 
Lewandowski (1996). Fracture toughness for a series of Nb-base silicide composites is 
shown in Figure 4.1 (Bewlay et al. 2002). It should be noted that the addition of titanium 
has had a marked beneficial effect on fracture toughness.
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Figure 4.1 Fracture toughness of Nb-base silicide in situ composites from binary Nb-Si, 
ternary Nb-Ti-Si, quaternary Nb-Ti-Si-Al alloys, and Nb-Ti-Hf-Al-Cr-Si (Bewlay et al. 
2002).
4.1 .1  Fracture m echan ism
It is widely accepted that incorporation of a ductile phase into a brittle intermetallic 
phase through microstructure control enhances the room temperature ductility or frac­
ture toughness in many composites including in situ composites. This is known as ductile 
phase toughening (Kristie and Nicholson 1981). Ductile phase toughening of in situ com­
posites occurs in the form of crack-tip blunting, crack deflection, trapping, and bridging, 
or a combination of these processes, depending on the composite microstructure (Chan 
2002a).
In designing ductile phase toughened in situ NbsSis composites, the NbsSis phase should 
be in equilibrium with the ductile phase for structural stability at elevated temperatures. 
In situ composites of the Nb-Si binary system consisting of Nbgs and NbsSis can meet
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this demand. Two kinds of reactions are known in the Nb-Si binary system; a eutectic 
reaction L Nbgg +  NbaSi and a eutectoid reaction NbgSi —> Nbgg -f NbsSis (Figure 2.1). 
Therefore, the microstructures of these composites can be greatly changed by chemical 
composition and a synthesizing process, thereby leading to desirable mechanical and 
physical properties.
Although the NbsSis phase has high melting temperature (2515° C), high temperature 
strength and creep resistance, the low fracture toughness (~3 MPa-m^/^ shown in Figure 
4.1), ductility, and estimated fatigue threshold behaviour (AKtu < 3 MPa m^/^ [Zinsser 
and Lewandowski 1998]) at ambient temperatures would severely limit the usefulness of 
such a material. As discussed in §2.2, the NbsSis has the complex tetragonal D8m struc­
ture at high temperature and the D8f structure at low temperature representing the space 
group I4/mcm (140) for both crystal structures. Owing to the complex crystal structure, 
it is not easy to enhance the plasticity of the NbsSis phase at room temperature through 
modification of atomic structure or alloying. Therefore, ductile phase incorporation into 
the NbsSis phase would be one promising way to improve the fracture toughness in the 
low temperature region (Mendiratta et al. 1991, Kajuch et al. 1992; 1995). Subramanian 
et al. (1996) investigated the fracture toughness of ternary Nb-42.5Ti-15Si and quater­
nary Nb-40Ti-15Si-5Al alloys and found that the beta phase (Nbgg) in these alloys had 
failed by plastic stretching and rupture, thereby suggesting that the enhancement of 
fracture toughness in these alloys may be attributed to ductile-phase toughening of the 
brittle intermetallic matrix.
Generally, in those systems with the highest toughness, ductile rupture of the Nbss Is 
observed. Chan (2002a) found that Nbss dendrites fail in a ductile manner, and are 
pulled out of the matrix on failure of the composite, as shown in Figure 4.2. Crack 
bridging and crack blunting can also be observed. This suggests that the majority of 
the toughness is provided by the Nbgs, although microcracking and interface de-bonding 
may also make significant toughening contributions.
Chan (2002a) summarized the fracture process which involves:
(1) cracking of the hard NbsSis particles;
(2) blunting of the particle cracks and bridging of the main crack and of the microc­
racks by intact ligaments; and
(3) plastic stretching and failure of the bridging ligaments.
The room temperature fracture toughness of in situ composites is well known to be 
sensitive to the volume fraction and composition of constituent phases as well as mi-
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Figure 4.2 Fractograph for Nb-base in situ composites including cracked NbsSis particles 
and intact Nbgg ligaments in Nbgg/NbsSis (Chan 2002a).
crostructure, and these factors can be controlled by changing alloy composition, pro­
cessing technique and so on. In general, fracture toughness decreases with increasing 
volume fraction of intermetallics phases, such as silicide and Laves phases, in the compos­
ites (Chan and Davidson 2003). Furthermore, ductile phase toughening is ineffective in 
composites containing more than 40-50 percent intermetallics, because the crack tends 
to propagate in the intermetallic phases and bypass the Nbg@ phase.
4 .1 .2  A lloy in g  effect
The fracture resistance of Nb-base in situ composites is generally enhanced by Ti addi­
tion (Chan and Davidson 1999, Chan 2001). Murayama and Hanada (2002) increased 
the room temperature fracture toughness of Nbss+NbsAl-t-NbsSia three-phase alloys to 
over 12 MPa m^/^ by addition of titanium without sacrificing high temperature strength.
Figure 4.3 shows a plot of fracture toughness as a function of Ti content for Nb-Cr-Ti 
alloys (Davidson et al. 1996, Chan 2002a). The fracture toughness of the solid solution 
alloy is seen to increase with increasing Ti content and reaches a maximum at ~37 at.% 
Ti. A similar trend is observed in the two and multi-phase alloys but the amount of 
fracture toughness enhancement is considerably less, compared with the Nbgg alloy. The 
drop in fracture toughness in the alloy containing 50 at.% Ti is not due to Ti but the
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presence of Al in the alloy, which embrittles the solid solution. 
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Figiu’e 4.3 Fracture toughness of Nbss (single phase) and Nb/GrgNb in situ composites 
(two or multiphase) as a function of Ti content. The in situ composites include conven­
tionally cast, rapid-solidified (RS) and mechanically-alloyed (MA) materials (Davidson 
et al. 1996, Chan 2002a).
Kim et al. (2001) investigated the room temperature fracture toughness of binary Nbgs/ 
NbsSig and ternary Nbgg/NbsSis in situ composites alloyed with Mo at hypoeutectic and 
hypereutectic compositions. They found that fracture toughness for the binary alloys 
decreases rapidly from 12 MPa-m^/^ to about 4 MPa-m^/^ with increasing silicon content 
from 10 to 16 at.%, but was insensitive to silicon content at compositions from 16 to 22 
at.% Si, as shown in Figure 4.4. Fracture toughness values for Mo-added Nbgg/NbsSis 
alloys were higher than those for the binary alloys in the entire composition range except 
for lOat.% Si. Furthermore, fracture toughness was higher in Nb-xSi-5Mo (at.%) alloys 
than in Nb-xSi-15Mo (at.%) alloys, and it increased with increasing volume fraction of
N b g g .
The volume fraction of the intermetallic phase in the microstructure can also influence 
the fracture resistance of in situ composites significantly. The beneficial effect of Ti 
addition and the detrimental effect of the intermetallic phase on fracture toughness have 
been observed in Nb-Ti-Si, Nb-Ti-Si-Al (Subramanian et al. 1994, Bewlay et al. 1995a), 
and Nb-Ti-Hf-Cr-Al-Si alloys (Subramanian et al. 1997, Jackson et al. 1996, Bewlay et al. 
1996). As shown in Figure 4.5, the fracture toughness values of Nb-Ti-Hf-Cr-Al-Si in situ
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Figure 4.4 Fi-acture toughness of the binary and ternary alloys as a function of Si content 
(Kim et al. 2001).
composites are better than those of binary Nb-Si and ternary Nb-Ti-Si in situ composites 
at an equivalent volume percentage of silicides. A fracture toughness of 20 MPa-m^/^ has 
been obtained for Nb-Ti-Hf-Cr-Al-Si alloys containing 40-60 vol.% silicide. The fracture 
toughness of the Nb-silicide in situ composites is substantially lower at a large volume 
percent (>60%) of the intermetallic phase. This indicates that the fracture toughness of 
the Nb-base in situ composites containing a large volume fraction of intermetallics have 
not been optimized and further improvement in fracture resistance may be possible.
4 .1 .3  P rocessin g  effect
In chapter 3 we discussed the importance of compositional design on mechanical proper­
ties. Alloy composition alone, however, is not sufficient to ensure high fr acture toughness. 
The size, shape and morphology of individual phases are also important factors influ­
encing the fractm’e toughness of Nb-silicide composites. The required microstructural 
modifications include:
(1) relatively large and elongated Nbgg grains;
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Figure 4.5 Fracture toughness of Nb-silicide in situ composites (Chan 2002a).
(2) submicron or nanosized shearable silicide particles that are coherent with Nbgg 
(Chan and Davidson 2003).
In situ composites with elongated Nbgg particles have been achieved by extrusion (Sub­
ramanian et al. 1997) or directional solidification (Bewlay et al. 1996), and improvements 
in fracture toughness have been made.
Mendiratta et al. (1991) successfully improved the room temperature toughness of in 
situ composites consisting of Nbgg and NbgSia using hot-extrusion. They showed much 
higher room temperature toughness exceeding 20 MPa-m^/^, as compared with mono­
lithic NbsSis.
The fracture toughness of DS Nbgg+NbsSis alloys is about 50% greater than that of 
arc melted alloys of equivalent compositions (Mendiratta et al, 1991, Mendiratta and 
Dimiduk 1993), as shown in Figure 4.6 (Bewlay et al. 1995b). However, the fracture 
toughness of the DS alloys is about 20% less than that of extruded alloys of equivalent 
compositions.
Figure 4,7 shows the fracture toughness under various heat treatments for Nb-18Si-5Mo 
and Nb-18Si-15Mo alloys which were studied by Kim et al. (2001). Fracture toughness
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Figure 4.6 Fracture toughness data of Nb-Si m situ composites with compositions from 
10 to 25 at.% Si: A Directional solidification (DS), ■ Extruded, • Extruded and heat 
treated at 1500°C for lOOh, x arc melted, + arc melted and heat treated at 1500°C for 
lOOh (Bewlay et al. 1995b).
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Figure 4.7 Fracture toughness plotted as functions of chemical composition and heat 
treatment by (Kim et al. 2001).
values are higher for Nb-18Si-5Mo than for Nb-18Si-15Mo. However, no significant 
infiuence of Mo addition on the toughness was observed for the directionally solidified 
(DS) alloys with fine microstructure mostly aligned perpendicular to the direction of 
crack propagation. Concerning heat treatment temperature, the sample annealed at
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1850° C shows better fracture toughness than the sample annealed at 1700° C, Kim et al. 
(2001) suggested that the increase in fracture toughness by annealing at 1850°C was 
mainly due to the coarsening of the microstructure and was independent of whether the 
crystal structure was aNb^Sig or ^^Nb^Sig. The fracture toughness increased by large 
scale bridging of thick primary Nbgg particles in the hypoeutectic composition for the 
binary alloys, and by complicated bridging of Nbgg with maze-like structure at near- 
eutectic compositions for the ternary alloys.
4.2 Intermediate and high tem perature strength
Although most studies succeeded in improving fracture toughness at room temperature, 
however the incorporation of a ductile phase led to the sacrifice of high temperature 
strength. This is because the strength of composites is deceased by increasing the vol­
ume fraction of the ductile phase for fracture toughness improvement. Hence, alloy 
design would be required to enhance the room temperature fracture toughness without 
significant sacrifice of high temperature strength.
The specific strength of a range of high temperature composites is shown as a function of 
temperature in Figure 4.8, including Nb-Si-base in situ composites alloyed with Ti, Hf 
and other elements (Subramanian et al. 1997). The Nbgg/NbsSis alloy shows reasonable 
strengths above 1200°C, whereas, with the addition of titanium and aluminium, there is 
a significant reduction in the high temperature strengths. At temperature above 1000°C, 
the Nbss+silicide Nb-Ti-Cr-Al-Si alloys have superior strengths in comparison to the Ni- 
base superalloy PWA1480, but from room temperature to 1000°C the strength of the 
Ni-base superalloy is substantially higher than that of Nb-Ti-Cr-Al-Si alloys.
The tensile fracture stress of the DS Nb-Ti-Hf-Cr-Al-Si alloy is about 800MPa at room 
temperature, and the yield strength is 370 MPa at 1200°C. The Nbss+NbsSia alloy has 
yield strength of less than 55 MPa at 1200°C. Thus, the DS Nb-Ti-Hf-Cr-Al-Si alloy 
possesses substantially improved tensile properties.
There are essentially two strengthening mechanisms for improving the strength of the 
Nbgg: solid solution strengthening and dispersion strengthening. The effects of adding 
elements such as W, Ta and Mo on solid solution strengthening, room temperature 
fracture toughness and high temperature creep have been explored.
Kim et al. (2002) investigated the high temperature strength at 1500°C in relation to
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Figure 4.8 Yield strength vs. temperature data for Nb-Ti-Cr-Al-Si alloys compared 
with representative data for a Ni-base alloy, an extruded Nbgg-t-NbsSig alloy, the DS 
Nb-Ti-Hf-Cr-Al-Si alloy and /3 Nb-Ti-Cr-Al alloy (Subramanian et al. 1997).
microstructures and the balance of high temperature strength and room temperature 
toughness in binary and ternary Nbgg/NbsSis in situ composites. They found that 
the yield stress depended more significantly on microstructure rather than on volume 
fraction of constituent phases in the binary alloys. Figure 4.9 shows the difference in 
yield stress at 1500°C between arc-melting (AM) and powder metallurgy (PM) alloys 
which had different microstructures. As illustrated in Figure 4.9, the 0.2% offset yield 
stress at 1500° C of AM alloys is higher than that of PM alloys. The 0.2% offset yield 
stress of PM alloys increases gradually with increasing Si content. On the other hand, 
the 0.2% offset yield stress of AM alloys increases rapidly at Si contents higher than 16 
at.%.
The yield stress of Mo-added ternary Nbgg/NbsSis m situ composites was also studied 
by Kim et al. (2002). The 0.2% offset yield stresses at 1500° C for Nb-16Si-xMo and 
Nb-22Si-xMo alloys are shown in Figure 4.10. The 0.2% offset yield stress is always 
higher for Nb-22Si-xMo alloys than for Nb-16Si-xMo alloys when compared at the same 
Mo content. It appears that the yield stress at 1500°C of Nb-22Si is decreased by 5 
at.% Mo addition, whereas that of Nb-16Si is increased by 5 at.% Mo addition. The 
increase in yield stress with increasing Mo content can be interpreted in terms of the 
preferential partition of Mo into Nbgg and the strong solid solution strengthening effect
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Figure 4.9 Offset yield stress (0.2%) at 1500“C of binary Nb-Si alloys produced by arc- 
melting and powder metallurgy processing (Kim et al. 2002).
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Figure 4.10 Offset yield stress (0.2%) at 1500°C of ternary Nb-16Si-xMo and Nb-22Si- 
xMo series alloys produced by arc-melting (Kim et al. 2002).
of Mo in Nbss. The decrease of yield stress for Nb-22Si-xMo may be explained by the 
microstructural change ffom Nbss particle dispersion structure to maze-like one. On the 
other hand, the decrease of yield stress at 25 at.% Mo addition for Nb-16Si-xMo appears
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to be associated with the phase transformation from /^Nb^Sis to aNbgSis.
Kim et al. (2002) investigated the effect of microstructure on yield stress using Nb-18Si- 
5Mo and Nb-18Si-15Mo alloys with different microstructures by various processes. The 
0.2% offset yield stresses at 1500°C were found to be very sensitive to the processing 
conditions, as shown in Figure 4.11. DS alloys with similarly aligned lamella microstruc­
ture exhibited the highest yield stress among AM, isothermal forging (IF) and DS alloys 
investigated. Moreover, no compositional dependence on yield stress was seen in DS 
alloys while the yield stress of AM and IF alloys depended on Mo content. The yield 
stress was interpreted in terms of solid solution strengthening of Nbss- Yield stress for 
equiaxed struct me was the lowest for both the alloys. Grain boundary sliding might 
contribute partially to the plastic yielding.
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Figure 4.11 Offset yield stress (0.2%) at 1500°C of Nb-18Si-5Mo and Nb-18Si-15Mo 
alloys: (a) arc-melting -f 1700°C/48h, (b) isothermal forging -f 1700°C/48h and (c) 
directional solidification -t- 1700°C/48h (Kim et al. 2002).
As discussed in Chapter 1, Ni-base super alloys are employed in many high temperature 
applications because of their high intermediate temperature (400-1000° C) strength and 
their strength retention at temperatures up to ~1200°C. In order to be suitable for 
structural applications, materials used above 1200°C must be able to compete on a 
density-normalized strength basis with Ni-base superalloys at intermediate temperatures. 
For instance, in the lower-temperature, high-stress regions of a turbine airfoil, if the 
yield strength of an in situ composite is about 50% lower than of Ni-base superalloys, as
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suggested by Figure 4.8, then the in situ composite airfoil might have to be redesigned 
in order to reduce the stresses (Bewlay et al. 2002). Thus, the Nb-silicide composites 
require further intermediate temperature strength improvements although they have 
attractive high temperature strength .
4.3 Creep behaviour
The creep behaviour of Nb-silicide in situ composites is controlled by a combined function 
of creep in the silicide and metallic phases. Modelling has indicated that the creep prop­
erties of these composites are insensitive to volume fraction of metallic phase (Henshall 
et al. 1995), although the experimental data do not completely support this proposal. 
The role of the volume fraction of silicide in controlling composite creep behaviour is 
shown in Figure 4.12, which shows the effect of stress on secondary creep rate for a 
range of quaternary alloy composites with Si concentrations from 12 to 22 at.%. This Si 
concentration range provides volume fractions of the metallic phase, i.e. Nbgs, from ~70 
to 30 percent respectively. Minimum in creep rate was at ~18 at.% Si where the volume 
fraction of silicide is ~60%. At Si concentration lower than 12 at.%, the composite creep 
performance is dominated by the creep behaviour of the metallic phase (Nbgs) and is 
therefore relatively poor. At Si concentrations greater than 20 at.%., the composite creep 
performance is dominated by damage of the silicide (Bewlay et al. 1999d). Subramanian 
et al. (1995) suggested that creep deformation in NbsSig was controlled by diffusion of 
Nb in the Nb^Sig phase.
Subramanian et al. (1997) have examined compressive creep behaviour at 1100°C and 
1200°C for stress levels of 70 to 210 MPa for a range of complex in situ compos­
ites. Figure 4.13 compares creep rate versus stress trends at 1100°C and 1200°C for 
cast-kheat-treated (AC) Nb-26Ti-4Hf-2Cr-2Al-15Si, the DS Nb-25Ti-8Hf-2Cr-2Al-16Si 
(Bewlay et al. 1996), as well as a Nbgg/NbsSig alloy (Nb-lOSi, Subramanian et al. 1994. 
Representative data for Ni-base alloys, commercial Nb-base alloy and the oxidation- 
resistant silicide MoSig are also included in Figme 4.13 for comparison. Monolithic 
NbgSig was observed to be a highly creep-resistant phase (Subramanian et al. 1995). 
The creep rates for the binary Nbgg/NbsSia alloy were more than an order of magnitude 
higher than those of monolithic Nb^Sig, and comparable to those of Ni-base super alloys. 
The compressive-creep behaviour of the multicomponent DS alloy was close to that of 
the binary Nbgg/NbsSis alloy at 1100°C, while showing rates one order of magnitude 
higher at 1200° C. The attractive creep behaviour of the DS alloy might be related to
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Figure 4.12 The effect of volume fraction of metal and silicide on secondary creep rate of 
Nb-Si base composites for stresses of 140-280 MPa at 1200°C. At low Si contents, defor­
mation is controlled by creep of the Nbgg and at high Si contents, composite deformation 
is controlled by cracking of the silicide (Bewlay et al. 2001).
their aligned microstructure in the as-DS condition, although this benefit may be lost at 
1200°C and higher. Further, the Nb silicide composites show improved creep properties 
in comparison with the oxidation-resistant silicide MoSig.
The density-normalised creep rupture behaviour of Nb-25Ti-8Hf-16Si-2Al-2Cr is com­
pared with the creep rupture behaviours of DS and single crystal (SC) Ni-base superalloys 
in the Larson-Miller plot in Figure 4.14 (Balsone et al. 2001). These data indicate that 
the creep rupture behaviour of the Nb-silicide refractory metal inter metallic composites 
(RMIC) is similar to that of the SC superalloy. Figure 4.14 also illustrates the increase 
in specific rupture performance that results from the substantial reduction in density of 
the Nb-silicide RMIC, compared to the second generation single crystal superalloy. It 
has been proposed that in Nb-25Ti-8Hf-16Si-2Al-2Cr, creep rupture behaviour is com­
promised by the presence of a (Ti,Hf)sSi3 type silicide at high Ti and Hf concentrations 
(Bewlay et al. 2002). Therefore, there are two areas for improvement of the creep per­
formance of these materials. The first is to improve the creep rupture performance to 
a level greater than that of Ni-base superalloy, and the second is to reduce the stress 
sensitivity of the creep rupture performance.
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Figure 4.14 Stress rupture behaviour of the Nb-Si RMIC (Nb-25Ti-8Hf-16Si-2Al-2Cr) 
is compared to that of DS and SC Ni-base superalloys in Larson-Miller plots (C=20) 
where the temperature-time parameter is plotted against rupture stress/material density 
(Jackson et al. 1996, Balsone et al. 2001).
Detailed fundamental investigations of the effects of alloying additions, such as Hf, Ti, 
Cr, A1 and Mo, on the compressive creep behaviour have been performed by Bewlay 
et al. (1999d). As shown in Figure 4.15, Chan (2002b) compared the results of Bewlay 
et al. (1999d), for quaternary DS Nb-Hf-Ti-Si alloys against those for Nb-Si (Henshall
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et al. 1995, Subramanian et al. 1997, Bewlay et al. 1999d), Nb (Henshall et al. 1995), and 
monolithic NbgSia (Subramanian et al. 1995). In the quaternary DS Nb-Hf-Ti-Si, the 
Nb-7.5Hf-16Si and Nb-7.5Hf-21Ti-16Si composites possessed the lowest creep rates. At 
any selected stress level and Hf concentration, the creep rate increased with increasing 
Ti concentration. At stress levels of 210 MPa and below there was little difference 
between the secondary creep rates of the Nb-16Si, Nb-7.5Hf-16Si and Nb-7.5Hf-21Ti- 
16Si compositions. At higher stress levels the Ti additions had a detrimental effect on 
creep performance. At any selected stress level, increasing the Hf concentration lead 
to an increase in the creep rate. These creep data suggest that the Ti:Hf ratio should 
be maintained at a level less than 3 and the Ti concentration should be kept below 21 
at.%. At high Ti and/or Hf concentrations the Af 16 TisSig type silicide is stabilised 
in preference to the i/32 NbgSig type or tF32 NbgSi type silicides (Bewlay et al. 1997; 
1999d). The AP16 phase has poor creep performance and its presence is detrimental to 
the creep performance of the composite.
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Figure 4.15 The secondary creep rates of Nb, NbgSig, Nb-lOSi, Nb-16Si, and quaternary 
DS Nb-Hf-Ti-Si alloys at 1200°C (Chan 2002b).
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In summary, the rupture strength that will be required for future application of Nb- 
silicide composites will be well beyond any behaviour observed thus far. Current es­
timates predict that ultimately an 80-fold increase over current rupture lives may be 
required for successful application of the Nb-silicide composites (Jackson et al. 1996). 
Due to the lower density of the Nb-silicide composites, their creep behaviour offers great 
potential although their tensile stress rupture is similar to that of advanced single crystal 
Ni-base superalloys.
C hap ter 5
O xidation behaviour of 
N b-silicide in  situ  com posites
One of the key requirements of the high temperature materials is resistance to envi­
ronmental degradation. Of the numerous modes of environmental degradation such as 
oxidation, corrosion by aqueous media, erosion, hot corrosion and hydrogen embrittle­
ment, oxidation is a primary degradation mode for most intermetallics used at elevated 
temperature and it is considered in this chapter.
5.1 Oxidation behaviour of niobium
Typically, Nb-base alloys oxidise mainly by anionic diffusion, with the rapid formation of 
stratified and porous layer which spalls off easily. Initial oxidation proceeds by diffusion 
of oxygen into the metal, followed by the subsequent formation of NbO, Nb02 and 
Nb20s. Figure 5.1 shows the Niobium-Oxygen phase diagram (Massalski et al. 1990). 
At temperatures below 400°C, the reactions do not proceed to the final formation of 
Nb2 0 5 . The oxidation mechanisms have been well described by Kofstad and Espevik 
(1965), Wilkinson (1969), Kofstad (1988).
Kofstad and Espevik (1965) studied the stages of these reactions in some detail, ob­
serving the low pressure oxidation of Nb between 1200°C and 1700° G. Reaction rate 
measurements showed that the oxidation could be divided into four main stages:
(1) an initial linear rate of oxidation,
70
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Figure 5,1 The niobium-oxygen phase diagram (Massalski et al. 1990).
(2) the interstitial diffusion of oxygen into Nb, and
(3) a parabolic stage associated with the formation of NbOg which has a tetragonal 
structure of the rutile type and is isomorphous with Ti02. The NbOg forms a 
protective layer with excellent adherence to the substrate.
(4) during a final linear stage the formation of Nb20s took place.
Under normal atmospheric conditions, above 500°C, the incubation period of the for­
mation of Nb2 0 s is too short to be detected in kinetic studies, with the result that the 
lower oxides are thought to play a negligible part in the oxidation process at high tem­
perature. Under these conditions a simultaneous oxygen dissolution and oxide formation 
talces place. This reaction occurs rapidly at 650° C, and at 1200° C the kinetics were char­
acterised as accelerated (extremely fast linear behaviour). The Nb20s scale is porous 
and non-protective, readily cracking and spalling due to stresses at the metal/oxide in­
terface. This is a consequence of the Nb20s scale possessing a molar volume five times 
greater than the molar volume of Nb (Nb20s: 58.8 cm^-mol“ ,^ Nb; 10.9 cm^-mol“  ^
[Kubaschewsld and Hopkins I960]).
There are two modifications of Nb20s, a low temperature orthorhombic form, o:Nb2 0 5 , 
and a high temperature monoclinic form, )0 Nb2 O5 , with no difference in composition
5.2. Oxidation behaviour of Nb-silicide in situ composites 72
between the two phases. Two temperatures have been reported for the a P trans­
formation, 830° C (Holtzberg et al. 1957) and 900° C (Goldschmidt 1959). The /^NbgOs, 
once formed, does not revert to ctNbgOs on cooling, or on being held at temperatures 
nominally in the aNbgOg region. In contrast, the aNb20s transforms slowly to j0Nb2O5 
even at temperatures within the o:Nb2 0 5  region. Therefore, the aN b 2 0 5  is considered 
metastable.
Alloying additions are able to stabilise either form of Nb2 0 5 . For example, tantalum is 
well known to stabilise the o:Nb2 0 5  up to high temperature. Silicon also progressively 
stabilises the o;Nb2 0 5  in preference to j0Nb2Os. The /3Nb2 0 5  in turn can be stabilised 
by the addition of oxides of many transition elements, such as Ti0 2  and Cr2 0 3 .
Attempts at increasing the oxidation resistance of Nb by producing very thin closely 
adhering films of either o:Nb2 0 5  or /3 Nb2 0 5  have been unsuccessful and it is generally 
accepted that an improvement in oxidation can only be achieved by suppressing the 
formation of the pentoxide.
Research on Nb-base alloys has focused on the development of high strength alloys which 
can form protective oxide scales. The formation of protective surface layer requires that 
the oxide be'more stable than the lowest oxide of the base metal.
The diffusivity of oxygen in Nb can be reduced by adding substitutional solutes such 
as Ti, Zr, V, Hf, Cr, Mo and Si. These elements either interact more strongly with 
oxygen than Nb or have smaller atomic radii, providing traps to reduce oxygen diffu­
sivity. Elements which segregate to grain boundaries, where diffusion is most rapid, are 
particularly effective.
5.2 Oxidation behaviour of Nb-silicide in  s itu  com posites
It is well-recognized that all Nb-base alloys suffer from catastrophic oxidation and oxy­
gen penetration embrittlement upon exposure to air at temperatures above 500°C. 
Nbss/NbsSig alloys are no exceptions to this behaviour, and suffer from the following 
two problems:
(1) high recession rates, spalling and general structural disintegration of the alloy,
(2) fast diffusion of oxygen through the oxide layers, followed by dissolution of oxygen 
in the Nbss phase, resulting in substantial hardening and embrittlement of the Nbss 
phase in the composites.
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However, the oxidation resistance at 1200 and 1300°C of Nb-silicide base composites 
toughened with Nbgg is substantially improved over that of binary Nbgg/NbsSia compos­
ites by additions such as Ti, Hf, Al, and Cr (Subramanian et al. 1996, Jackson et al. 
1996), as shown in Figure 5.2. External and internal oxidations are the two principal 
concerns. With regard to external and internal oxidation, additions of Hf are also used 
to reduce oxygen solubility and diffusivity and thereby slow embrittlement at elevated 
temperatures resulting from internal oxidation and oxygen dissolution (Wlodek 1961, 
Subramanian et al. 1996, Jackson et al. 1996).
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Figure 5.2 The oxidation behaviour of Nb-silicide composites is shown as a function 
of temperature, and compared with both Ni-base superalloys and monolithic Nb alloys 
(Bewlay et al. 2002).
The oxidation resistance of Nb-silicide composites requires further improvement, al­
though oxidation data at 1200°C show a substantial improvement over that of binary 
Nbgg/NbsSis composites (Jackson et al. 1996). There are more serious concerns regarding 
internal oxidation.
In current alloy development programmes, several design-of-experiment iterations have 
been performed to characterize oxidation behaviour as a function of composition. The 
main-element effects of Ti, Hf, Si, Cr, and Al, have been determined in terms of weight
5.2. Oxidation behaviour o f Nb-silicide in situ composites 74
change or diameter change at temperatures from 760° C to 1370°C. As would be ex­
pected, the composition-oxidation relationship varies with varying temperature, so that 
optimization of chemistry for oxidation resistance will need to consider the length of 
service in each temperature regime. However, good oxidation resistance can be achieved 
for chemistries with Nb:(Ti+Hf) ratios of 1.8-2.1 and Si levels of 17-19 at.%, which are 
desired for excellent creep behaviour (Jackson et al. 2002a;b). Both Cr and Al have a 
strong beneficial role on oxidation behaviour.
A range of additions was investigated by Jackson et al. (1995) to examine the response 
of oxidation resistance at 1200°C and 1315°C to several variables, including the volume 
fractions of each phase, and the bulk Ti and Hf concentrations, and the following trends 
were observed: increasing the volume fraction of Nbgg leads to a reduction in the oxi­
dation resistance. Increasing the Ti concentration in the silicide from 12 to 27 at.% Ti 
increased the oxidation resistance of the composite. Titaniiun reduces the oxidation rate 
of monolithic N b g g ,  but it increases the oxidation rate of monolithic Nb silicides. The 
effect of Ti on the Laves phase oxidation is unknown. Increasing the Hf concentration 
in the silicide from 10 to 13.5 at.% also increased the oxidation resistance of the silicide. 
Substitution of Al for Si, Cr, Nb, and Ti also improves the oxidation resistance. There 
is evidence that Al can impart improved oxidation kinetics for both N b g g  and silicide 
phases. However, there are concerns regarding phase stability in these composites for Al 
additions greater than 8%, because the NbgAl phase can be formed (Subramanian et al. 
1994; 1997).
The addition of Cr-rich Laves phases can provide further improvements in the oxidation 
resistance. The oxidation resistance of a Nbgg-l-silicide-l-Laves composite of the compo­
sition Nb-18Ti-7Hf-20Cr-2Al-18Si is compared with that of the Nb-silicide composite 
in Figure 5.3 at 1200°0 and 1315°C. The improvement in the oxidation resistance is 
substantial for the Cr-rich alloy, with ~25 vol.% N b g g ,  33 vol.% Laves phase, and 42 
vol.% of the several MgSis phases. However, the low Nbgg phase content can result in 
relatively low fracture toughness.
The key issue with regard to Laves phase additions is whether or not the balance of 
high and low temperature mechanical properties can be maintained with these relatively 
high volume fractions of Laves phase. The previous oxidation studies suggest that a 
minimum volume fraction of Laves phase is required in order to provide the compos­
ite with adequate oxidation resistance. Although substantial improvements had been 
noted over the baseline Nb-Si system, the oxidation resistance of those alloys was still
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Figure 5.3 Comparison of 1200 and 1315°C oxidation resistance of Nb-18Ti-7Hf-20Cr- 
2Al-18Si to the Nb-silicide composite. Data (a) for four samples of Nb-silicide composite 
and nine of the modified alloy of Nb-18Ti-7Hf-20Cr-2Al-18Si at 1200°C, (b) two samples 
of baseline composition and four of the Laves phase modified alloy at 1315°C (Bewlay 
et al. 2002).
inadequate for structural applications. The major-element analyses suggest that a good 
baseline chemistry for further improvement in oxidation resistance can be achieved and 
be balanced against fracture toughness by concentrating on Cr, Si, and Al concentra­
tions, maintaining Ti and Hf levels for their effects on toughness, density, and internal 
oxidation.
Elements such as Mo, W, V, Zr and Ta, which are expected to have a positive infiuence on 
creep behaviour of the bcc metallic matrix, have a negative effect on oxidation behaviour, 
particularly at higher temperatures. Although V, Zr and Mo appear to be most damaging 
to oxidation behaviour, alloys with 1 at.% Mo have been shown to suffer little reduction 
in oxidation resistance compared to Mo-free alloys. Levels of Ta and W (2 at.% of each) 
have demonstrated minimal reduction in oxidation resistance, compared to (Ta, W)-free 
alloys, and these addition elements are probably the best candidates for achieving a good 
balance of oxidation and creep rupture behaviour.
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Recently, a number of studies (Kim and Meier 1988, Cocker am and Rapp 1996, Jackson 
and Ritter 1998, Bewlay et al. 2 0 0 2 ) have been performed to evaluate substitutional ele­
ments for some of the main alloying elements, including Ge and B partially substituting 
for Si, and Fe partially substituting for Cr. The greatest positive effects have been ob­
served for Ge, at levels up to 6  at.%. Small additions of B (2-6 at.%) may be helpful, but 
higher levels are damaging to oxidation resistance. Additions of Fe appear to be equally 
as effective as Cr at levels up to 5 at.%, but combinations of Cr and Fe are no more 
effective than Cr alone, for the same total concentrations. From the findings, alloys likely 
to have the slowest oxidation rates will be those which form complex or mixed oxides, in 
particular with rutile (Ti0 2  type) structures. Even if it were difficult for such structures 
to form, selective oxidation of the transition element component to form a protective 
oxide and suppression of NbgOg formation could still enhance oxidation resistance.
Refractory metals are prone to posting. Preferential oxidation at microstructural fea­
tures such as grain boundaries, coupled with oxygen embrittlement, can lead to self­
pulverization in samples cycled from room temperature to relatively low temperatures, 
generally below 950° C. By alloying with about 1.5 at.% Sn, the pesting problem has 
been essentially eliminated in the 750-950® C regime. The addition of Sn has minimal 
effect on oxidation at temperatures above 1200°C (Jackson et al. 2002a).
C hap ter 6
Experim ental procedures
6.1 Preparation of materials
6.1 .1  S e lection  o f  a lloy  com p osition s
The nominal compositions of the alloys studied in this work are listed in Table 6.1. Since 
the composite properties exhibit a strong dependence on composition, in this study, the 
alloy selection was made to investigate the effects of Ti, Mo, Hf and Sn additions on the 
phase selection and microstructure development in Nb-Si-Cr-Al base in situ composites.
Table 6.1 The nominal compositions (at.%) of the alloys studied in this work
Alloy Nb Ti Si Cr Al Mo Hf Sn
JG l 67 - 18 5 5 5 - -
JG2 43 24 18 5 5 5 - -
JG3 46 24 18 5 5 2 - -
JG4 41 24 18 5 5 2 5 -
JG5 67 - 18 15 - - - -
JG 6 36 24 18 5 5 2 5 5
As discussed in §2.5, two kinds of three-phase equilibrium, Nbgg-l-Cll-l-aNbgSia and 
Nbss-l-CrNbSi-j-aNbsSia, in the Nb corner of the Nb-Si-Cr system have been reported in 
the literature. Thus, a ternary Nb-18Si-15Cr alloy (JG5), which is located in this region, 
was selected to clarify the disputed three-phase field.
In the alloys, the Si content was set to 18 at.% for optimum oxidation resistance and creep
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behaviour (Bewlay et al. 2001). The Cr content was kept at 5 at.% in order to balance 
the oxidation resistance, creep resistance, fracture toughness and melting point. The Al 
content was kept at 5 at.% so that no NbgAl phase can be formed. As discussed in §2 .1 2 , 
in composites with Cr additions, the Al additions may help promote the C14 Laves phase 
instead of the A15 NbgAl phase. Hence, in this study, the base composition Nb-18Si- 
5Cr-5Al was selected, as it provides a basis for developing raicrostructures consisting 
of the niobium solid solution (Nbss), NbgSi, NbgSig and Cr-rich Laves phases, allowing 
study of the role of combinations of these phases in the microstructure, phase equilibria 
and oxidation behaviour of Nb-silicide base in situ composites in the as cast and heat 
treated conditions.
The addition of Mo to the Nb-Si alloys can increase the melting point and strengthen the 
composites by solid solution hardening, while it has a detrimental effect on the oxidation 
resistance (see §2.5). Therefore, 5 at.% Mo was added to the first alloy JG l.
Alloy JG 2  was designed to reveal the effects of Ti addition on microstructure and oxi­
dation of the Nb-Si-Cr-Al-Mo system. The amount of the Ti addition was selected to 
be 24 at.% in order to maintain the eutectic temperature above 1700°C, and to avoid 
the formation of the hP16 TigSig phase, which has been reported to be detrimental to 
the creep-rupture strength of the composites (Bewlay et al. 2002). In this alloy, the 
concentration of Mo was the same as that in alloy JG l.
In the alloy JG3, the Mo content decreased to 2  at.% while the concentration of Ti 
was kept as the same as that in alloy JG2. This alloy was selected in order to study 
the effects of Mo addition on microstructure and oxidation of the Nb-Ti-Si-Cr-Al-Mo 
system.
Hf is an important alloying element for oxidation resistance of the Nb-silicide base in 
situ composites (see §5.2). Thus, the alloy JG4, which is based on the alloy JG3 but 
with 5 at.% Hf addition, was selected to reveal the effects of Hf additions on the Nb-Ti- 
Si-Cr-Al-Mo system.
As discussed in chapter 5, refractory metals are susceptible to pesting damage at inter­
mediate temperatures (T < 850° C). Additions of Al and Hf in Nb-silicide base in situ 
composites have been shown to reduce the pesting susceptibility of these composites, 
but this problem has not been solved completely, as some of these materials can still 
be attacked in this manner (Bewlay et al, 2003). Recently, Bewlay et al. (2003) have 
reported that alloying with Sn was effective in managing pesting damage. However, the
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mechanism by which Sn prevents pesting has not been investigated in detail. Further 
investigations are thus required. The Sn-containing alloy JG 6  therefore was designed to 
study the effects of Sn addition on the microstructure and oxidation resistance of the 
Nb-silicide base composites. The nominal composition of alloy JG 6  was based on alloy 
JG4 (see table 6.1) and the concentration of Sn was set to 5 at.%.
6.1 .2  P rep aration  o f in gots
The selected Nb-silicide base composites were prepared from high purity elements by 
arc-melting under an Argon atmosphere in a water-cooled copper hearth using a non­
consumable tungsten electrode. Figure 6.1 shows the unit used in this work. The 
schematic diagram of the unit is shown in Figure 6.2.
Figure 6.1 Photograph of the chill block melt overflow unit used in this work.
The chamber was evacuated to a vacuum of <10“^Pa (10“  ^ mbar) using a rotary pump 
and a diffusion pump. The chamber was then filled with argon (99.995% pure) and 
pumped down again in order to eliminate the air in the chamber. Before melting, the 
chamber was filled again with argon to a pressure of ~50 kPa. Arc melting was carried 
out under a voltage of ~25 V and a current of ~800 A, lasting approximately 3 minutes. 
All alloys were remelted four times in order to ensure homogeneity, inverting the ingot 
after each melting. The ingot was left in the water-cooled copper hearth to cool down
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Figure 6.2 The schematic diagram of the unit used in this work.
Figure 6.3 Typical shape of the as cast ingot.
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after melting. Typical shape of the as cast ingot is illustrated in Figure 6.3.
6.2 Experimental techniques
6 .2 .1  X -ray diffraction
X-ray diffraction (XRD) was used to examine the phases present within each alloy. 
XRD was performed using a Philips X-ray diffractometer with CiiKa (A=1.540562 Â) 
radiation (46kV, 35mA) at a scan speed of 2°/min over a 29 range of 20° to 120°. BLUE 
TAG was used to stick the samples on the specimen holder of the X-ray diffractometer.
X-ray diffraction can also be used to measure the lattice parameter, which can provide 
information on an indirect method to determine the compositions in a solid solution, a 
measure of the strain state, the thermal properties of a material, or an analysis of the 
defect structure. In this study, XRD was used to calculate the lattice parameter of the 
niobium solid solution, which has the c/ 2  crystal structure.
Powder diffraction lines with values of 9 near 90° can be used to obtain accurate lattice 
parameter measurement. This can be seen by differentiating the Bragg equation with 
respect to 9 (Cullity 1978),
— —cot^A^. (6.1)
In a cubic system, the d spacing corresponding to each diffraction line can be related to 
the lattice parameter a through
a =  dy/h^ -h +  ^2 (6 .2 )
where hkl are the Miller indices (Cullity 1978). Therefore
—  =  — =  - c o t 6>A6>. (6.3)a d
Since cot 0 approaches zero as 9 approaches 90°, A a/a, the fractional error in a caused 
by a given error in 9, also approaches zero as 9 approaches 90°, or as 29 approaches 180°.
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The error in d, and therefore in a, is small for a line near 9 = 90°, although a greater 
accuracy can be obtained by measuring and indexing several high angle lines and then 
extrapolating the result to 0 =  90°. The Nelson-Riley (N-R) function (Cullity 1978),
(6.4)
is usually used for this extrapolation; this function is plotted versus the lattice parameter 
for each line measured and a linear extrapolation is made to 9 = 90° .
6.2 .2  Specim en  preparation  for scann ing e lectron  m icroscopy
Sections from the ingots were cut in a Struers Accutom using a Struers 40 TRE cut-off 
wheel. The vertical cross sections (Figure 6.4) of the ingots were used to study the alloys. 
This kind of sections covers the whole area from the bottom of the ingot, where it is 
in contact with the copper hearth, to the top surface. Because the cooling rates vary 
from the bottom of the ingot to the top surface (100 K-s“  ^ to less than 10 K-s“ ^), the 
solidification microstructures of the ingot can be examined. In addition, sections from 
the near bottom, centre, and near top surface of the ingot, which were parallel to the 
bottom of the ingot, were used to examine the microstructure.
Top Surface
Parallei Section
Figure 6.4 The vertical cross section and parallel section of the ingot used in this study.
Metallographic specimens were mounted in conducing bakelite using the Struers Pron- 
topress and grounded using a series of diamond pads, 75, 40, 20 and 10 pm. Finally, the 
specimens were polished using a diamond DUR cloth, 6  and 1 pm.
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6 .2 .3  S c a n n in g  e le c tro n  m ic ro sc o p y  a n d  e le c tro n  p ro b e  m ic ro a n a ly s is
The microstructures of the alloys were observed by scanning electron microscopy (SEM) 
on a JEOL JXA 8600 superprobe. The chemical compositions of the constituent phases 
were analysed by Electron Probe Microanalysis (EPMA) using energy dispersive spec­
trometry (EDS), with standards and ZAF (Z: atomic number effect, A: absorption, F: 
fluorescence) iterative corrections.
Line scan and spot analysis were used extensively to study the bulk microstructure and 
give quantitative chemical analysis of the elements in each phase. Wavelength dispersive 
spectrometry (WDS) digital mapping for area analysis was also used to determine the 
elemental distribution in the bulk specimen oxide layers. Furthermore, the area fraction 
measurements of some phases were performed in EPMA by differentiating the phases 
using the backscattering electron contrast.
The spatial resolution of the EPMA technique during spot analysis is associated with 
the electron beam voltage, the composition and the density of the phase being analysed. 
In this work, a voltage of 15 kV was used in order to achieve the best possible resolu­
tion. Under this voltage, the spatial resolution was about 1-1,5 pm. Taking this into 
consideration, analysis was only performed on particles of size > 5 pm  diameter.
The accuracy of the quantitative data is also limited by the counting statistics of the 
X-ray collection process. When analysing the bulk microstructures of the alloys, the 
recorded count levels were high (total number of counts above 30,000), which allowed 
for a high level of confidence in the results. However, when quantitatively analysing sol­
ubility levels in phases, grain composition in the oxide layer compositions, the maximum 
count rate was often only a few thousand counts, down to a minimum of a few hundred 
counts. This had obvious implications for the accuracy of the results obtained.
During the quantitative analysis of the oxide layers, the percentage of oxygen present 
was talcen as the difference between the percentage of other elements detected and the 
total percentage. The need for a high count rate became increasingly important in 
such circumstances, where low count rates or the detection of erroneous elemental peaks 
would have lead to large inaccuracies in the results. In order to check the accuracy of 
each spot analysis the chi-squared value on the instrument printout was noted. This 
value represented how accurately the instrument was able to fit the analysis curve to the 
recorded data. If the value rose significantly above 1  then the accuracy of the analysis 
was questionable and the analysis was repeated to improve the data fit.
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To confirm that oxygen was the missing fraction of analysis, the oxygen level on the 
relevant WDX spectrometer was also cross checked to ensure a high oxygen count rate,
6 .2 .4  H eat trea tm en t
Isothermal heat treatments of the ingots were carried out at 1000, 1300 and 1500°C for 
lOOh or 200h in a tube furnace. In order to avoid oxidation, samples for heat treatment 
were wrapped in Ta foil and heat treated in flowing argon, which was first gettered over 
Ti chips. All samples were furnace cooled.
The ternary Nb-18Si-15Cr (JG5) was heat treated at both 1000 and 1500°C for lOOh 
in order to study the stability of the G14-Cr2Nb Laves phase at these temperatures. 
The Sn-containing alloy JG 6  was first heat treated at 1500°C for lOOh. Liquation was 
observed in the heat treated JG 6  alloy. Thus, heat treatment at 1300° C was chosen in 
order to avoid the liquation.
6 .2 .5  Isotherm al ox id ation
Using Thermogravimetric analysis (TGA) it was possible to identify the major oxidation 
regimes, which occurred at ~800 and 1200° C respectively. Isothermal oxidation experi­
ments were carried out in order to determine the kinetics of oxidation at these different 
temperatures using two Stanton Redcroft thermobalances in static air for 50-100 h, with 
a heating rate of 5°C/min. The balances varied only in the design of the temperature 
capability of the balance furnaces and the balance sensitivity. The full scale deflection 
measurement of the balance used at 800° C was 20 mg and for that used at 1200° C, it 
was 100 mg. The recording mechanisms were identical, with the balances readjusting 
automatically every five minutes. The oxidation rate was obtained by measuring the 
mass change of the samples over a ~  45 to lOOh time period.
The specimens were cut from the as cast and heat treated ingots using Struers Accutom 
and polished to 800 grit SiC paper and cleaned in methanol. The dimensions of the 
cuboid specimens were measured to an accuracy of 0.01mm using a micrometer. The 
initial specimen weights were also recorded using a microbalance to an accuracy of 
O.Olmg.
Isothermal oxidations of rectangular' shape samples of the materials were undertalcen 
at two temperatures: 800°C and 1 2 0 0 °C for the as cast and heat treated alloys. After
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each oxidation experiment, XRD was used to identify the phases present in the oxidised 
specimen. Microstructm’es of the oxide scale and cross section of the oxidised specimens 
were observed by SEM and EDX, The recorded data from the isothermal oxidation 
experiments were plotted as weight change per unit surface area as a function of time to 
determine the oxidation kinetics.
6 .2 .6  M easu rem ent o f  d en sity
The density of each alloy was measured using a YDK Ol-OD Sartorius density determi­
nation kit. The Archimedean principle was applied for determining the specific density 
of a solid with this measuring device.
A solid immersed in a liquid is exposed to the force of buoyancy. The value of this force 
is the same as that of the weight of the liquid displaced by the volume of the solid. With 
a hydrostatic balance which enables us to weigh a solid in air as well as in water, it is 
possible to determine the specific density of a solid if the density of the liquid causing 
buoyancy is known:
where p is the specific density of the solid, p(L) is the density of the liquid, W(a) and 
W  (L) are the weights of the solid in air and in liquid respectively.
The following error and allowance factors must be considered using the Equation 6.5 for 
determining the specific density of solids:
(1 ) the density of the liquid causing buoyancy depends on its temperature,
(2 ) air buoyancy during weighing in air,
(3) the change in the immersion level of the pan hanger assembly when the sample is 
immersed,
(4) adhesion of the liquid on the suspension wire of the pan hanger assembly,
(5) air bubbles on the sample.
Some of these errors can be corrected by calculation. To correct the liquid density for 
temperature, we proceeded as follows: measured the temperature of the liquid and found 
the density of the liquid at the temperature measured using the reference table and used 
this density for the value p(L).
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A volume of 1 cm of air has a weight of approximately 1.2 mg, depending on its tem­
perature, humidity and air pressure. When weighed in air, a solid is buoyed by a 
corresponding force per cm^ of its volume. The error should therefore be corrected. The 
following formula allows for air buoyancy:
where p(a)= 0 . 0 0 1 2  g/cm^ (at 20 °C).
C hap ter 7
R esults
7.1 Introduction
This chapter describes the experimental results of each alloy in the as cast and heat 
treated conditions. The results for alloys JG l, JG 2 , JG3, JG4 and JG 6  are present 
first, followed by the results for alloy JG5. Then the oxidation behaviours of all the 
alloys at 800°C and 1200° G are presented. Alloy characteristics that will be described 
include microstructures and phase equilibria. X-ray diffraction (XRD) was used to iden­
tify the phases present in the alloys. The Nelson-Riley extrapolation method (Cullity 
1978) was used to determine the lattice parameter of the niobium solid solution. The 
microstructures were observed by scanning electron microscopy (SEM) and the chemical 
compositions of the constituent phases were analysed by electron-probe micro-analysis 
(EPMA). Vertical cross sections of the ingots were used to study the alloys, as well as 
sections pai’allel to the bottom of the ingot (§6.2.2, page.82). In the tables that give the 
EPMA data, the average concentration' is given first followed by the range (minimum- 
maximum) of concentrations either in the same line or below the average value. Given 
that all the experimental results are discussed in chapter 8 , the reader could find the 
discussion for the microstructures of alloys JG l to JG3 in §8 .1 . 2  (page.179) and for alloys 
JG4 and JG 6  in §8.1.3 (page.183).
Bn each case, the value was the average of 10 measurements.
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7.2 M icrostructural characterisation
7.2 .1 N b -18S i-5C r-5A l-5M o alloy (J G l)
As cast Nb-18Si-5Cr-5Al-5M o (JG l-A C )
The large area EPMA results for the Nb-18Si-5Cr-5Al-5Mo as cast ingot are given in 
Table 7.1. Different parts of the cross section, from bottom to the top surface, were 
examined. Deviation from the nominal composition (see Table 6.1) was observed as well 
as variation in the concentration of the elements with position in the ingot (see §3.2). 
The former is attributed to some loss of Al and Si by evaporation during melting, due 
to the high vapour pressures of both Si and Al at the melting point of Nb (2467° C). As 
mentioned in §3.2, such loss is possible when using arc melting.
Table 7.1 EPMA results for bulk compositions of JG l as cast alloy (at.%)
Area in ingot Nb Si Cr Al Mo
Bottom
Centre
Top
68.3 67.9-68.4
68.4 68.1-68.7 
66.7 66.3-67.2
17.1 16.8-17.5 
17.6 17.4-18.2 
18.5 18.2-18.8
4.8 4.5-5.0 
5.1 4.6-5.3 
4.6 4.4-4.7
4.8 4.2-4.9
4.2 4.1-4.3
4.3 4.2-4.4
5.0 4.6-5.2 
4.7 4.5-4.8 
5.9 5.3-6.1
According to the bulk analyses of the ingot, the Si concentration near the bottom of the 
ingot was slightly lower than 17.5 at.% (Table 7.1), which is the eutectic composition 
of the L —» Nbss +  NbsSi reaction in the Nb-Si binary system (Figure 2 .1 ). The alloy 
JG l could be classified as hypoeutectic. However, as discussed below, it is classified as a 
hypereutectic alloy due to the existence of the /^NbgSia phase in the microstructure (see 
Figures 7.3 and 7.5(a)). Thus, it is suggested that alloying with Cr, Al and Mo lowers 
the Si content of the eutectic reaction in the Nb-Si-Cr-Al-Mo system.
A typical backscattered electron (BSE) image from the centre of a cross-section of the 
ingot is presented in Figure 7.1. According to the SEM and EPMA results, the mi­
crostructure consisted of four phases, large primary Nb^Sig particles (which exhibited 
severe cracking) that were surrounded by a finer eutectic structure of Nbgg dendrites and 
NbgSi with the C14-(Cr,Si,Al)2Nb Laves phase formed at the interface between the Nbgg 
and the 5-3 silicide. The volume fraction of the Laves phase was small. The chemical 
compositions of these phases are listed in Table 7 .2 .
The results showed that the solubility of Mo and Cr in the Nbgg was higher than in 
the NbsSis and NbgSi and that the latter was richer in Mo compared to the other
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Figure 7.1 BSE image from the centre of the cross section of JGl-AC ingot.
Table 7.2 The phases present and their compositions in JG l as cast ingot (at.%) 
Phase Nb Si Cr Al Mo
Nbss 76.0 74.9-77.4 2.1 1.2-3.6 7.8 7.4-8.0
/ÎNbsSia 60.7 60.4-61.2 31.3 30.2-31.5 1.8 1.7-1.9
NbsSi 65.1 64.9-65.7 22.1 21.3-24.0 3.9 3.0-4.7
4.9 4.6-5.1 9.2 8.6-9.6
3.7 3.5-4.2 2.5 2.1-2.8
4.3 4.0-4.4 4.6 4.0-5.1
C14 Laves 40.5 39.6-40.8 9.9 9.2-10.5 42.7 42.1-43.6 5.3 5.1-5.6 1.6 1.1-1.9
intermetallic phases. The C14-(Cr,Si,Al)2Nb Laves phase contained 9.9 at.% Si, and 
was formed at the interface between Nbss and the 5-3 silicide (Figures 7.1 and 7.2). 
This phase corresponded fairly well to the p phase reported by Goldschmidt and Brand 
(1961b), see the 1000°C isothermal section in Figure 2.5. The p phase replaces the cubic 
C15-Cr2Nb Laves phase at a Si content of 2.5 at.% and has a considerable solubility for 
Nb, Cr and Si. Thus, our results have confirmed that Si and A1 stabilise the C14 Laves 
phase in the as solidified microstructure, instead of the C l5 Laves phase, which is the 
low temperature Laves in the Nb-Cr system. The formation of the Laves phase at the 
interface between Nbgg and the 5-3 silicide in JGl-AC is attributed to the partitioning 
of Cr and A1 during solidification. Furthermore, the solubility of Mo in the C14 Laves 
phase in the as cast alloy was about 1 . 6  at.%.
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Figure 7.2 X-ray maps from the centre of the cross section of JGl-AC ingot, showing 
the distribution of each element.
Figure 7.3 shows an X-ray diffractogram from a cross section of the ingot. XRD indicated 
the existence of the bcc Nbss, NbsSi, CM-CrgNb Laves and Nb^Sig phases, which is in 
agreement with the EPMA results. The Nb^Sig was found to be the D8 „i \V5 Si3 -type 
/^NbsSia that is stable from ~1650 to 2520 °C in the Nb-Si binary system (Kocherzhinskii 
et al. 1980). Thus, the alloy JGl-AC is classified as a hyper-eutectic Nb-silicide base in 
situ composite as the /^NbsSia phase was present in its as solidified microstructure.
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Figiu’e 7.3 X-ray diffractogram from a cross section of JG l as cast ingot.
In Figure 7.3, the Nbgg peaks were shifted slightly to the right (higher 29 values) of the 
intensity pealcs expected for pure Nb. This suggested that the Nbgg phase in the JG l as 
cast ingot has a reduced lattice parameter compared with pure Nb.
The lattice parameter a of the bcc Nb solid solution can be calculated using the relation 
a = dy/ - f  + /%), where h, k, I represent plane indices (see §6.2.1). The corrected 
value of lattice parameter can be estimated from the Nelson-Riley plot (Figure 7.4). The 
Nelson-Riley curve was plotted between the calculated a for different planes and the error 
function f{6) =  cos'^O/sinO +  cos'^BjB (see §6.2.1). The calculated lattice parameters of 
the bcc Nbgg in the as cast JG l alloy are given in Table 7.3. The lattice parameter of the 
Nbgg in JGl-AC was 3.260 À, which is about 1.3% smaller than that of pure Nb (3.303 
Â, JCPDS 34-0370).
The atomic radii of the pure Nb, Mo, Cr, A1 and Si are 1.47, 1.40, 1.30, 1.43 and 
1.17 Â, respectively (Gale and Totemeier 2003). Therefore, it is noted that Mo, Cr, 
and A1 dissolved into Nbgg contract the Nbgg lattice, considering only the size effect of 
substitutional atoms for Nb. Even though the content of Si in the Nbgg was only ~ 2 . 1  
at.% (see Table 7.2), a small amount of Si may remarkably reduce the unit cell volume 
of Nbgg, due to its strong covalent bonding (Kim et al. 2004). Thus, the contracted Nbgg
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Figure 7.4 Nelson-Riley plot for the lattice parameter of the bcc Nbgg in JGl-AC.
_______Table 7.3 The calculated lattice parameters of the bcc Nbgg in JGl-AC______
29 d (Â) hkl f{9) Calculated a (Â) Corrected a (Â)
39.201 2.296 1 1 0 5.240 3.247
56.564 1.626 2 0 0 3.208 3.252
70.928 1.328 2 1 1 2.215 3.253 3.260
84.3 1.148 2 2 0 1.566 3.247
97.1 1.028 310 1 . 1 0 2 3.251
109.3 0,944 2 2 2 0.761 3.270
lattice in alloy JGl-AC is attributed to the substitution by Mo, Cr, A1 and Si of the 
larger Nb atom in the soUd solution.
As shown in Figure 7.5, the microstructure of the as cast ingot varied from the bottom 
to the top of the ingot. It is evident that the microstructure in the latter region (Figure 
7.5(b)) became coarser and consisted of the large primary /^Nb^Sia particles (which 
exhibited severe cracldng) and a finer eutectic structure of Nbgg dendrites and NbgSi. 
The C14 Laves phase was not evenly distributed in the microstructure but could be 
found only in some areas in the centre of the ingot (Figures 7.1 and 7.2). In contrast, 
the microstructure in the bottom region of the ingot consisted only of a niobium solid 
solution matrix and finely dispersed /^NbsSis, In addition to the fine /^NbsSia, a small
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quantity of blocky form /^NbsSig was observed (Figure 7.5(a)). Since there was no 
significant difference in composition between the surface and the bottom in the as cast 
ingot (see Table 7.1), the formation of the coarser microstructure near the surface is 
attributed to the lower cooling rate at the top of the ingot compared with the higher 
cooling rate experienced at the bottom, which was in direct contact with the water- 
cooled copper hearth. The slower solidification rate could have allowed some coarsening 
of the microstructure during solidification.
It should be also noticed that the NbgSi phase was absent near the bottom of the ingot. 
Since no Cr-rich C14 Laves phase formed near the bottom, it is indicated that the 
remaining liquid, after the formation of the primary NbgSis, probably was quite rich in 
Cr. Therefore, the absence of the NbgSi phase near the bottom of the ingot is attributed 
to the higher Cr concentration in the melt, which can destabilise the NbgSi phase (see 
§2.5). Furthermore, the formation of the /^NbsSig instead of the aNbsSis in the as cast 
alloy would suggest that both Cr and A1 play a role on stabilising the /^NbsSis to lower 
temperatures during solidification (see §2.5 and §2.11).
It is also noted that the microstructures showed severe cracking in the faceted NbsSia 
dendrites (see Figures 7.1, 7.2 and 7.5). These cracks probably occurred upon cooling 
and were a characteristic featiu*e of the Nb^Sig phase that helped us to distinguish it 
hom other phases in the as cast structure.
H eat treated (1500 °C /100h) Nb-18Si-5Cr-5Al-5M o (JG l-H T )
The typical microstructure of the heat treated JC l is shown in Figure 7.6. After heat 
treatment at 1500°C for lOOh, the microstructure of alloy JC l-H T comprised of the 
Nbss, NbsSig, NbaSi and the C14 Laves phase. The chemical compositions of these 
phases are listed in Table 7.4. The NbsSia was the low temperature form D8 ; aNbsSis 
phase according to XRD data, which is shown in Figure 7.7.
Table 7.4 The phases present and their compositions in alloy JC l-H T (at.%)
Phase Nb Si Cr A1 Mo
Nbss 76.6 76.2-77.1 0.4 0.2-0.5 7.8 7.4-8.1 4.2 4.1-4.3 11.0 10.7-11.4
Q'NbsSia 62.6 61.4-63.2 31.9 30.4-32.7 0.7 0.5-1.2 3.5 2.7-S.8 1.3 0.8-1.9
NbsSi 66.9 65.9-67.3 21.0 20.7-22.1 3.5 2.9-3.8 3.9 3.7-4 . 1  4.7 4.4-4.8
014 Laves 35.1 34.5-35.7 9.0 8.9-9.1 50.5 49.8-51.2 3,7 3.5-3 . 8  1.7 1.6-1.9
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Figure 7.5 BSE images from a cross section of JG l as cast ingot at the same magnification 
(500x): (a) section near the bottom, and (b) section near the top surface.
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Figure 7.6 SE (a) and BSE (b) images of the alloy JGl-HT (1500°C/100h). Submicron 
size Nbsfi particles had formed inside the aNb^Sig.
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Figure 7.7 X-ray diffractogram from a cross section of JGl-HT (1500°C/100h).
The /?NbsSi3  that was present in the as cast alloy had transformed to the low temperature 
form oiNbsSia and the microstructure had coarsened following this heat treatment. The 
NbgSi was found at the interface between Nbgg and the 5-3 silicide and its composition 
had not changed compared to the as cast condition. The presence of the NbgSi phase 
in the heat treated microstructure indicated that the equilibrium microstructure was 
not formed after 1500°C/100h heat treatment and that the eiitectoid decomposition of 
NbaSi to Nbgg and oNbsSig had not been completed.
It should be noticed that submicron size Nbgg particles had formed inside the aNbgSig 
after lOOh at 1500°C and that the cracking of the 5-3 silicide particles had been reduced 
considerably (Figure 7.6).
Table 7.5 shows the calculated lattice parameter of the bcc Nbgg in JG l-H T using Equa­
tions 6.2 and 6.4. The lattice parameter of the Nbgg increased after the heat treatment 
at 1500° C for lOOh. This is attributed to the redistribution of solutes between the Nbgg 
and the intermetallic phases and in particular the reduction in Si content.
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Table 7.5 The calculated lattice parameters of the bcc Nbgg in JGl-HT
29 d(Â ) hkl Calculated a (Â) Corrected a (Â)
39.148 2.299 1 1 0 5.248 3.251
56.582 1.625 2 0 0 3.206 3.250
70.865 1.329 2 1 1 2.219 3.255 3.272
82.9 1.164 2 2 0 1.625 3.292
97.0 1.028 310 1.105 3.251
109.3 0.944 2 2 2 0.761 3.270
H eat treated (1500 °C /200h) Nb-18Si-5Cr-5Al-5M o (JG1-HT2)
The microstructure of alloy JG1-HT2, which was heat treated at 1500°C for 200h, con­
sisted only of two equilibrium phases, the Nbgg and aNbsSis, as shown in Figures 7.8 
and 7.9. The chemical composition of each phase is shown in Table 7.6. The lattice 
parameter of the Nbgg in JG1-HT2 was 3.278 Â, Table 7.7.
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Figure 7.8 X-ray diffractogram from a cross section of JG1-HT2 (1500°C/200h).
The equilibrium microstructure consisted of a continuous network of coarsened Nbgg 
within which the coarsened 5-3 silicide phase was distributed, Figure 7.9. The Si content 
of the Nbgg was ~0.7at.% (below lat.% ), in agreement with the low equilibrium solid
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Figure 7.9 BSE image of alloy JG1-HT2 (1500°C/200h). Submicron Nbgs particles were 
still present inside the aNbgSig.
Table 7.6 The phases present and their compositions in alloy JG1-HT2 (at.%)
Phase Nb Si Cr A1 Mo
Nbss 76.3 75.5-76.8 0.7 0.6-0.8 9.0 8.6-9.3 5.3 5.2-5.5 8.7 8.4-9.0
aNbsSi 3 62.0 61.3-62.5 33.1 32.5-33.7 0.7 0.6-0.8 3.6 3.4-3.8 0.6 0.3-1.0
Table 7.7 The calculated lattice parameters of the bcc Nbss in JG1-HT2
20 d(Â ) hkl f{0) Calculated a (Â) Corrected a (Â)
38.953 2.31 1 1 0 5.281 3.267
56.356 1.631 2 0 0 3.225 3.262
70.7 1.331 2 1 1 2.228 3.260 3.278
82.5 1.168 2 2 0 1.642 3.304
96.6 1.032 310 1.118 3.263
109.2 0.945 2 2 2 0.764 3.274
solubility of Si in Nb and the Cr and A1 contents were increased compared to the as 
cast condition (see Appendix A.3, page.207. To facilitate the discussion of the results. 
Appendix A summarises the chemical compositions of the phases present in all the as cast 
and heat treated alloys studied in this work.). The solubility of A1 in the aNb^Sig phase
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was 4.0at.%, which is different from the results of Bruld et al. (1961) and Muralîami et al. 
(2001a) who reported that the solubility of A1 in cvNbsSia is near zero (see §2 .1 1 ). With 
increasing heat treatment time the Si and A1 contents of the 5-3 silicide had increased and 
the Mo content had decreased. Thus, the formation of the equilibrium microstructure 
was accompanied by partitioning of Cr and Mo to the Nbgg and of Si and A1 to the 5-3 
silicide.
The submicron Nbgg particles were still present inside the aNbsSis after 200h at 1500° C 
and cracking of the 5-3 silicide had been almost eliminated. Thus, in alloy JG l, we have 
noticed a dramatic change in the cracking behaviour of 5-3 silicides, as evidenced by 
the cracks seen on polished cross sections of 5-3 silicides in the as cast and heat treated 
JG l alloys. It is suggested (i) that the concentrations of Mo and Cr in 5-3 silicides 
are important regarding the cracldng behaviour of the latter, with the Cr concentration 
being more critical than that of Mo and (ii) that the aNbsSia can be toughened via the 
precipitation of Nbgg particles during heat treatment (Figures 7.6 and 7.9).
7 .2 .2  N b -24T i-18S i-5C r-5A l-5M o alloy  (JG 2)
As cast Nb-24Ti-18Si-5Cr-5Al-5M o (JG2-AC)
Table 7.8 shows the large area EPMA results of Nb-24Ti-18Si-5Cr-5Al-5Mo as cast ingot. 
Different parts of the cross section, from bottom to the top surface, were examined. Like 
the alloy JGl-AC, slight deviation from the nominal composition was observed as well 
as variation of the concentration of elements in the ingot. This is principally due to the 
large disparities in melting points and vapour pressures among the species.
Table 7.8 EPMA results for bulk compositions of JG2 as cast alloy (at.%)
Area in ingot Nb Ti Si Cr A1 Mo
Bottom
Centre
Top
43.0 42.1-43.9
43.0 42.8-43.3  
43.2 42.6-43.5
24.8 24.2-25.2  
24.5 24.2-24.8  
23.7 23.6-24.1
17.6 16.8-18.4  
18.2 17.3-18.9  
18.8 18.4-19.1
5.1 5.0-5.2  
4.8 4.3-5.2  
4.7 4.4-4.9
4.7 4.6-4.S
4.6 4 .4-4 .7
4.6 4.5-4 .7
4.8 4.S-5.2
4.9 4.6-Ô.3 
5.0 4.9-5.1
XRD, as shown in Figure 7.10, revealed the existence of three phases in the as cast 
JG2 ingot, the (Nb,Ti)sg, ^ (N b ,T i)5 Sia and (N b,T i)aSi. No pealcs of the hexagonal 
TigSig were observed. The formation of the /5 (Nb,Ti)sSi3 phase indicated that JG2-AC 
is a hypereutectic alloy. This was in agreement with the EPMA results for the bulk 
compositions (Table 7.8).
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Figure 7.10 X-ray diffractogram from a cross section of JG2-AC ingot.
The existence of these three phases was confirmed by SEM and EPMA. Figure 7.11 shows 
the typical microstructure of the alloy JG 2 -AC, which consisted of (Nb,T i)ss dendrites, 
large-scale /?(Nb,Ti)5 Si3 that exhibited severe cracking and an interdendritic eutectic of 
(Nb,Ti)3 Si and ( N b , T i ) s g .  The results of quantitative analysis by EPMA are summarised 
in Table 7.9.
P hase Nb T i Si Cr A1 Mo
(Nb,Ti)88  
i3(N b,T i)5Si3  
T i-rich /3(N b ,T i)sS i3  
(N b .T i)3S i
44.2 42 .1 -45 .4  
39.5 37 .4-41.1  
35.7 33 .1 -36 .9
42.2 41 .6 -43 .1
29.8  28 .9 -3 1 .3  
22.3 20 .6 -24 .5
26.5 2 5 .4 -28 .8
23.6 22 .7 -25 .1
1.8 1 .5 -2 .6  
31.0 30 .2 -31 .5  
30.6 30 .0 -31 .1  
23.3 20 .8 -25 .6
9.7 8 .7 -1 0 .8
1.7 1 .3 -2 .2
2.2 2 .0 -2 .5
3.2 2 .6 -4 .6
6.4 6.1-G.6  
3.6 3 .3 -3 .7
3 .5 3 .3 -3 .9  
4.2 4 .1 -4 .4
8.1 7 .5 -S .4  
1.9 1 .7 -2 .5
1.5 1 .3 -2 .0
3.5 3 .1 -3 .8
In the as cast condition there were Ti rich regions in the (Nb,Ti)5 Si3 which, under back 
scattering conditions in the SEM, led to varying contrast at the interface between the 
Nbss and (Nb,Ti)sSi3 .
The 014 Laves phase was not observed in JG2-AC, to which 24 at.% Ti had been added, 
compared to the JGl-AC. This would suggest that Ti suppresses the formation of the 
C14 Laves phase in the presence of Mo < 5at.%, Cr < 5at.% and A1 < 5at.%.
As shown in Table 7.10, the lattice parameter of Nbgg in JG2-AC was 3.236Â, which is
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Figure 7.11 BSE image from the centre of a cross section of JG 2  as cast ingot.
about 2.0% smaller than that of pure Nb (3.303Â, JCPDS 34-0370) and ~0.7% smaller 
than that in JGl-AC. The difference in the lattice parameters of JGl-AC and JG2-AC 
is attributed to the Ti content and the slightly higher Cr and A1 contents of the Nbgg of 
JG 2 -AC.
Table 7.10 The calculated lattice parameters of the bcc Nbgg in JG2 as cast ingot
20 d ( A ) hkl m Calculated a ( A ) Corrected a ( A )
39.2 2.296 1 1 0 5.240 3.247
56.612 1.624 2 0 0 3.204 3.248 3.236
71.127 1.324 2 1 1 2.204 3.243
84.679 1.144 2 2 0 1.551 3.236
Heat treated (1500 °C /100h) Nb-24Ti-18Si-5Cr-5Al-5M o (JG2-HT)
Figure 7.12 illustrates the X-ray diffractogram of the alloy JG2-HT. The results showed 
that the alloy contained both the /3 (Nb,Ti)5 Si3 and Q(Nb,Ti)5 Si3 phases, as well as the 
(Nb,Ti)sg. The XRD data indicated that after heat treatment at 1500°C for lOOh, the 
D8 m \V5 Si3 -type /)(Nb,Ti)sSi3 had only partly transformed to the D8 / Q(Nb,Ti)5 Si3 , 
while the transformation was completely finished in JG l, which has no Ti addition.
7.2. Microstructural characterisation 102
Therefore, the Ti addition to the alloy stabilised the /^NbgSig to lower temperatures, 
which is only stable from ~1650 to 2520 °C in the binary Nb-Si system (Kocherzhinskii 
et al. 1980).
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Figure 7.12 X-ray diffractogram from a cross section of JG2-HT (1500°C/100h).
The typical microstructure of alloy JG2-HT (1500°C/100h) is shown in Figure 7.13. 
The microstructure consisted of the (Nb,Ti)ss and co-continuous distributed (Nb,Ti)5Si3. 
The EDS analyses revealed the chemical compositions of the constitute phases, which 
are tabulated in Table 7.11.
P hase N b T i Si Cr A1 Mo
(N b,T i)ss  
(N b,T i)5Si3  
Ti-rich (N b ,T i)5 S i3
47.8 47 .3 -48 .0
38.9 37 .9 -40 .5  
31.0 30 .6 -31 .4
27.1 2 6 .9 -27 .3  
22.7  2 0 .7 -24 .0  
30.3 2 9 .9 -30 .5
0.6 0 .4 -0 .9  
31.8 31 .4 -32 .2  
33.1 32 .9 -33 .2
9.3 8 .S -9 .5  
2.0 1 .9-2 .1  
1.5 1 .4 -1 .6
6.7 6 .4 -7 .0  
3.4 3 .2 -3 .7  
3.1 2 .S -3 .5
8.5 8 .3 -8 .7  
1.2 0 .8 -1 .6  
1.0 0 .7 -1 .3
It can be noted that after the heat treatment at 1500°0 for lOOh the microstructure 
had coarsened, which would contribute to the improved fracture toughness of the alloy, 
because a coarser (Nb,Ti)gs could play an important role in toughening due to bridging 
growing cracks (Mataga 1989).
The (Nb,Ti)3 Si phase, which was present in the as cast alloy, had completely transformed 
to the (Nb,Ti)ss and o;(Nb,Ti)5 Si3  via the eutectoid decomposition NbsSi Nbss +
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Figure 7.13 BSE image of alloy JG2-HT. The submicron (Nb,Ti)gg particles were present 
in a few of the 5-3 silicide (not in the Ti rich 5-3 silicide).
oNbsSia. Compared with the alloy JGl-HT, which still contained some amounts of 
NbgSi after heat treatment at 1500°C for lOOh, the Ti addition accelerated the eutectoid 
decomposition NbsSi —> Nbgg -t- aNbsSia considerably (even thought Ti stabilises NbaSi 
to lower temperatures, see §2.7).
The Si, Cr and Mo contents of the Nbgg in JG2-HT were similar to JG1-HT2 with a 
slightly higher A1 content. The Ti concentrations in the Nbgg and 5-3 silicides in JG2- 
HT had decreased slightly after heat treatment but Ti rich areas were still present in 
the 5-3 silicide. In these regions the Ti concentration was 30.3 at.%. The results have 
thus confirmed that the (Nb,Ti)sSi3 phase has a wide range of Ti solubility, even when 
Mo is present in the alloy. The previous value for the Ti content in the 5-3 silicide is 
in agreement with the results of Bewlay et al. (1997), who reported that the solubility 
limit of Ti in Nb^Sis is ~34 at.%.
The lattice parameter of the Nbgg increased to 3.245 Â (Table 7.12) after the 1500°C/100h 
heat treatment, as it would be expected given the solutes of the two alloys (see Appendix 
A 3, page.207).
It should be noticed that Ti nitride formed near the surface of the alloy JG2 after
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Table 7.12 The calculated lattice parameters of the bcc Nbgg in JG2-HT
2 0 d ( Â ) hkl Calculated a ( A ) Corrected a  ( A )
39.252 2.293 1 1 0 5.231 3.243
56.687 1.622 2 0 0 3.197 3.244
71.124 1.324 2 1 1 2.204 3.243 3.245
84.7 1.143 2 2 0 1.550 3.233
97.5 1.025 310 1.089 3.241
1 1 0 . 0 0.940 2 2 2 0.744 3.256
heat treatment at 1500°C for lOOh. The Ti nitride is shown as the black phase in the 
microstructure in Figures 7.14 and 7.15. The titanium nitride particles were formed up 
to about 500/iim below the surface and were found at the interface between Nbgg and 
NbsSig. However, a thin (< dOjLtm) continuous zone, consisting only of Nbgg and NbgSia 
and free of titanium nitride, was also formed just below the surface.
Table 7.13 The chemical compositions of the phases present in the Ti nitride dominated 
regions near the surface of JG2-HT (at.%)
Phase N Nb Ti Si Cr A1 Mo
Ti nitride 36.5 2.4 61.1 - - - -
(Nb,Ti)gg - 51.9 2 2 . 1 0.9 9.1 6 . 8 9.2
(Nb,Ti)sSi3 - 40.7 2 0 . 8 31.1 2.4 3.6 1.4
Ti-rich (Nb,Ti)5 Si3 - 33.1 28.7 32.3 1.7 3.0 1 . 2
The chemical composition of the Ti nitride was determined by WDX analysis. The 
results, as shown in Table 7.13, revealed that ~2.4 at.% Nb dissolved in the Ti nitride 
while no Cr, A1 and Mo were present in this phase. The composition of the other phases 
in these regions (Figure 7.15) were analysed by EPMA and listed in Table 7.13 as well. 
Compared with the compositions of the phases in the bulk alloy (Table 7.11), it is noted 
that the formation of the titanium nitride near the surface reduced the Ti contents in the 
(N b,T i)ss, (Nb,Ti)5 Si3 and Ti-rich (Nb,Ti)sSi3 phases in these regions. As readily seen 
in Figure 7.14, the Ti-rich 5-3 silicide was absent within the regions where the Ti nitride 
dominated. Thus, the formation of titanium nitride was associated with the presence of 
Ti-rich (Nb,Ti)5 Si3 -
The formation of Ti nitride resulted from the high reactivity of Ti at elevated tem­
peratures. As the heat treatment was carried out in flowing argon, the oxygen partial 
pressure was low. Therefore, nitriding occurred instead of oxidising.
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Figure 7.14 Ti nitride formed near the surface of JG2 after heat treatment at 1500°C for 
lOOh: (a) Secondary electron (SE) image, (b) BSE image. The Ti nitride is the black 
phase and the Ti-rich Nb^Sig is the dark grey phase.
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Figure 7.15 BSE image (500x) near the surface of JG2 after heat treatment at 1500°C 
for lOOh, showing the (Nb,T i)ss (white phase), (Nb,Ti)5 Si3 (grey phase), the Ti-rich 
NbsSis (dark grey phase) and the titanium nitride (black phase).
7.2 .3  N b -24T i-18S i-5C r-5A l-2M o alloy (JG 3)
As cast Nb-24Ti-18Si-5Cr-5Al-2M o (JG3-AC)
The large area EPMA results of JG3 as cast ingot are given in Table 7.14. Different 
parts of the cross section, from bottom to the top surface, were examined. Like the alloy 
JG l and JG2, slight deviation from the nominal composition was observed as well as 
variation in the concentration of the elements in the ingot.
Table 7.14 EPMA results for bulk compositions of JG3 as cast alloy (at.%)
Area in ingot Nb Ti Si Cr A1 Mo
Bottom 45.1 44.5-45.5 25.9 25.2-26.3 16.5 16.1-16.9 5.7 5.5-6.0 4.8 4.7-4.9 2.1 1.9-2.3
Centre 45.2 44.8-45.7 25.2 24.9-25.5 17.6 16.7-18.7 5.0 4 .6 -5  3 4.8 4.7-5.0 2.2 1.9-2.3
Top 45.0 44.5-45.3 25.1 24.8-25.3 18.3 17.8-18.6 5.0 4.5-5.4 4.8 4.5-4 9 1.9 1.5-2.5
Three phases, namely the (Nb,Ti)ss, /3(Nb,Ti)sSi3 and (Nb,Ti)3 Si were determined in the 
JG3 as cast ingot by XRD (Figure 7.16) and EPMA (Table 7.15). The C14 Laves phase, 
the hexagonal Ti5 Si3 and the hexagonal 'yNbsSi3 (metastable 5-3 silicide stabilised by 
interstitials, see §2.2) phases did not form in the JG3 as cast alloy.
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Figure 7.16 X-ray diffractogram from a cross section of JG3 as cast ingot.
Phase Nb T i Si Cr A1 Mo
(Nb,Ti)Hs 
/3(N b ,T i)sS i3  
T i-rich )3(Nb,Ti)5Si3  
(N b ,T i)3S i
48.4 43 .4 -52 .5
43.5 39 .9 -45 .0
37.6 36 .1 -39 .0  
44.5 3 9 .6 -48 .4
30.6 2 8 .1 -34 .9
18.7 17 .1 -22 .2  
25.2 2 4 .1 -26 .3  
23.6 2 0 .7 -28 .3
1.8 1 .4 -1 .9  
33.0 32 .4 -33 .8  
31.4 31 .1 -31 .6
22.8 20 .5 -26 .3
9.9 8 .4 -1 3 .6  
0.9 0 .6 -1 .4
1.9 1 .8 -2 .0  
3.4 2 .3 -4 .2
6.4 G.0-6.8  
3.0 2.G-3.4
3.4 S .3 -3 .6  
4.3 3 .8 -4 .S
2.9 2.G-3.3  
0.9 0 .7 -1 .1  
0.5 0 .3 -0 .8  
1.4 0 .9 -2 .3
The microstructure of JG3-AC, as shown in Figure 7.17, was similar to that of the 
alloy JG2-AC. It consisted of (Nb,T i)ss dendrites, large-scale faceted /?(Nb,Ti)5 Si3 that 
exhibited severe cracking and an interdendritic eutectic of (Nb,Ti)aSi and (Nb,Ti)sg. 
There was macro-segregation (Ti rich regions) within the as cast ingot like JG2-AC.
In the ingots of JG2 and JG3, the Cr and A1 contents of the Nbss had increased compared 
to JGl-AC and the same level of Ti was in solid solution in the Nbgg in both alloys (see 
Appendix A.3, page.207). In terms of their Si content the (N b ,T i)sS i3 and (N b ,T i)3 Si 
phases were slightly off their stoichiometric composition, indicating that Ti substitutes 
for N b and not Si. It should be also noted that the concentrations of Ti, Si, Cr and 
A1 in (Nb,T i)ss and (N b ,T i)sS i were very close in JG2-AC and JG3-AC. Thus, Mo as 
an alloying element substitutes for N b rather than the other elements. The results also 
confirmed that during solidification Mo partitions to the (Nb,Ti)sg and (Nb,Ti)3 Si rather 
than to the 5-3 silicide, even in the presence of Ti.
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Figure 7.17 BSE image from the centre of a cross section of JG3 as cast ingot.
The lattice parameter of the Nbgs in JG3-AC was determined by the Nelson-Riley extrap­
olation method (Equations 6.2 and 6.4). The results are listed in Table 7.16. The lattice 
parameter of the Nbss in JG3-AC was larger than that in JG2-AC and smaller than 
that in JGl-AC (see also Table 8.1, page. 178), as it would be expected given the solutes 
of the three alloys. Furthermore, in the alloys with the same Ti content but different 
Mo concentrations (JG2 and JG3), the lattice parameters decreased with increasing Mo 
concentration.
Table 7.16 The calculated lattice parameters of the bcc Nbgg in JG3 as cast ingot 
2Û d ( A )  hkl f{9) Calculated a ( A )  Corrected a ( A )
39.207 2.296 110 5.239 3.247
56.604 1.625 200 3.204 3.250
71.063 1.325 211 2.207 3.246 3.25184.6 1.145 220 1.554 3.239
97.2 1.027 310 1.099 3.248
109.8 0.941 222 0.749 3.260
The difference in the lattice parameter of the Nbss in JG2-AC and JG3-AC is attributed 
to the lower Mo content of the latter alloy. The difference in the lattice parameters of
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JG l-AC and JG3-AC is attributed to the Ti content and the slightly higher Cr and A1 
contents of the Nbss of JG3.
Heat treated (1500 °C /100h) Nb-24Ti-18Si-5Cr-5Al-2M o (JG3-HT)
The heat treated (1500°C/100h) J G 3  alloy had similar microstructure with the alloy 
J G 2 - H T ,  showing a co-continuous distribution of the ( N b , T i ) s s  and (Nb,Ti)sSi3 phases, 
as shown in Figure 7.18. EPMA results for the phases present are given in Table 7.17.
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Figure 7.18 BSE image of alloy JG3-HT. Submicron ( N b , T i ) s s  particles had formed in a 
few of the 5-3 silicide (not in the T i  rich 5-3 silicide).
Table 7.17 The phases present and their compositions in alloy JG3-HT (at.%)
Phase Nb T i Si Cr A1 Mo
(Nb,Ti)88
(N b,T i)5Si3  
Ti-rich (N b ,T i)sS i3
54.4 54 .1-55.1  
39.6 39 .3 -39 .8  
33.2 32 .8 -33 .5
26.4 2 5 .9 -27 .0
22.5 2 1 .7 -23 .0  
29.0 28 .5 -29 .6
0.6 0 .6 -0 .8
32.0 31 .7 -32 .5
33.0 32 .7 -33 .3
8.9 8 .6 -9 .1  
2.0 1 .8 -2 .2  
1.5 0 .8 -1 .8
6.5 6 3 -6 .6
3.5 3 4 -3 .6  
3.1 3 .0 -3 .2
3.2 2 .8 -3  9 
0.4 0 .3 -0 .5  
0.2 0 .1 -0 .4
The X-ray diffractogram shown in Figure 7.19 revealed that the alloy contained the 
( N b , T i ) s s  and (Nb,Ti)sSi3 phases. The 5-3 silicide in the alloy was found to be both 
of the (3- and a-form. The (Nb,Ti)3 Si phase, which was present in the as cast alloy, 
had completely transformed to the ( N b , T i ) s s  and a(Nb,Ti)5 Si3 . Thus, like in the heat 
treated JG2-HT alloy, the titanium addition to the alloy stabilised the /?NbsSi3 to lower
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Figure 7.19 X-ray diffractogram from a cross section of JG3-HT (1500°C/100h).
temperatures and accelerated the eutectoid decomposition NbgSi —» Nbss + aNb^Sig 
considerably.
The lattice parameter of the Nbgg in JG3-HT increased to 3.259Â (Table 7.18) after the 
1500°C/100h heat treatment as a result of the redistribution of solutes between the Nbgg 
and the intermetallic phases and in particular the reduction in Si content. Since Si forms 
covalent bonds with Nb (Kim et al. 2004), the lattice parameter of the Nbgg could also 
be reduced considerably by a small substitution of Si.
Table 7.18 The calculated lattice parameters of the bcc Nbga in JG3-HT_____
d (Â) hkl f{9)  Calculated a (Â) Corrected a (Â)26»
39.192 2.297 110 5.241 3,248
56.565 1.626 200 3.208 3.252
70.914 1.328 211 2.216 3.253 3.25984.0 1.151 220 1.579 3.256
96.9 1.029 310 1.108 3.254
109.9 0.941 222 0.747 3.260
The addition of Ti in JG2 and JG3 increased the solubility of A1 and Cr in Nbgg. In the 
equilibrium microstructures of the three alloys, the Si concentration in the Nbgg was the 
same and below 1 at.%, regardless of whether Ti was present or not in the alloy and the
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Mo concentration in the alloy. The concentration of 0.7 at.% Si in Nbss is in agreement 
with other work on Nb-silicide base in situ composites.
During solidification the Mo partitioned mainly to the Nbss and the NbaSi phases and 
to the Nbss during heat treatment. In the latter case the Mo content of the Nbss was 
not affected by the presence of Ti in the constitution of the alloy.
The concentration of A1 in the 5-3 silicides, which varied between 3 and 4 at.% (see 
Appendix A.3, page.207), did not change significantly by heat treatment and by the 
change in Mo concentration and regardless of whether Ti was present or not in the alloy. 
However, the presence of Ti in the constitution of the JG2 and JG3 alloys did have an 
effect on the Cr concentration of the 5-3 silicides, which increased during heat treatment.
It should be noted that severe cracldng of the 5-3 silicide can be seen in JG2-HT and 
JG3-HT (Figures 7.13 and 7.18). However, it had been almost eliminated in the JG l 
heat treated alloys (see Figures 7.6 and 7.9). Furthermore, in the heat treated JG2 
and JG3 alloys, submicron Nbgg particles had formed only in a few of the 5-3 silicide 
particles but not in the Ti rich 5-3 silicide. Even though the toughnesses of the alloys 
and of the intermetallics of interest to this research have not been assessed directly, it 
is suggested that in Nb-silicide base in situ composites containing Ti and regardless of 
their Mo content, the toughening of the Ti rich 5-3 silicides via the precipitation of Nbgg 
particles during heat treatment might not be possible. However, titanium is known to 
have a strong toughening effect in the Nb-Ti-Cr solid solution (Chan and Davidson 1999, 
Davidson et al. 1996).
Apart from the above phases, titanium nitride, which is shown as the black phase in 
Figures 7.20 and 7.21, formed at the edges of the heat treated alloy at a depth slightly 
larger than in JG2-HT. The microstructure from the edges of JG3-HT was similar to 
that of JG2-HT. A thin (< 50/zm) continuous zone, consisting only of Nbgg and NbsSia 
and free of titanium nitride, was observed just below the surface. The titanium nitride 
particles were found at the interface between Nbgg and NbgSis. Furthermore, the Ti-rich 
5-3 silicide was absent within the Ti nitride dominated regions. As discussed in §7.2.2, 
it is suggested that the formation of titanium nitride was associated with the presence 
of Ti-rich (Nb,Ti)5 Si3 .
Table 7.19 shows the chemical compositions of the phases present in the Ti nitride 
dominate regions at the edges of JG3-HT (Figure 7.21), which were determined by 
WDX (for Ti nitride) and EDS analysis. Like JG2-HT, no Cr, A1 and Mo dissolved in
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Figure 7.20 Ti nitride formed near the surface of JG3 after heat treatment at 1500°C for 
lOOh: (a)SE image, (b) BSE image. The Ti nitride is the black phase and the Ti-rich 
NbsSig is the dark grey phase.
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Figure 7.21 BSE image (500x) at the edge of JG3 after heat treatment at 1500°C for 
lOOh, showing the (Nb,Ti)ss (light phase), 5-3 silicide (grey phase) and the titanium 
nitride (black phase).
the Ti nitride. The Nb, Cr, A1 and Mo concentrations of the (Nb,Ti)gg in these regions 
were higher than those in the bulk alloy with a lower Ti content (Tables 7.17 and 7.19). 
No Mo was present in the 5-3 silicide in these regions. However, the contents of other 
solutes in the 5-3 silicide were almost unchanged, compared with the bulk alloy.
Table 7.19 The chemical compositions of the phases present in the Ti nitride dominated 
regions at the edges of JG3-HT (at.%)
Phase N Nb Ti Si Cr A1 Mo
Ti nitride 36.9 2.7 60.4 - - - -
(Nb,Ti)gg - 57.1 21.4 0.6 9.5 6.8 4.6
(Nb,Ti)5Si3 - 41.5 22.1 31.0 2.1 3.3 0.0
7 .2 .4  N b -24T i-18S i-5C r-5A l-2M o-5H f alloy (JG 4) 
As cast Nb-24Ti-18Si-5Cr-5Al-2M o-5H f (JG4-AC)
The large area EPMA results for the Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf as cast ingot are 
given in Table 7.20. The analyses showed some chemical inhomogeneity between the
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top and bottom (where the melt was in contact with the water-cooled copper hearth) 
areas of the as cast ingot, particularly for Si. Deviation from the nominal composition 
was observed as well. This is attributed to some loss of A1 and Si by evaporation during 
melting, due to the high vapour pressures of both Si and A1 at the melting point of Nb 
(2467°C).
Table 7.20 EPMA results for bulk compositions of JG4 as cast alloy (at.%)
Area in ingot Nb Ti Si Or A1 Mo Hf
Bottom 41.341.0-41.8 24.023.8-24.6 17,917.3-18.9 4.63.9—5.0 4.84.6-5.0 2.11.9-2.3 5.35.2-5.5
Centre 41.340.7-41.6 23.423.2-23.5 19.518.7-20.0 4.34.0-4.7 4.54.4-4.6 1.81.7-1.9 5.25.1-5.5
Top 41.040.7-41.3 23.323.0-23.8 19.318.9-19.7 4.64.4-4.9 4.54.4-4.7 2.11.8-2.5 5.25.0-5.3
Figure 7.22 shows the X-ray diffractogram from a cross section of the JG4-AC alloy. 
According to the XRD results, the microstructure of JG4-AC consisted of niobium 
solid solution (Nb,Ti)gg, NbgSig and the Cr-rich GrgNb Laves phase. The NbgSia phase 
was found to be either the tetragonal /^NbgSis phase or the hexagonal -yNbsSig phase 
(metastable 5-3 silicide, which according to the literature [Schlesinger et al. 1993], can be 
stabilized by interstitials). The Cr-rich Laves phase had the C14 Af 12 crystal structure. 
The hexagonal TisSis and HfsSig phases did not form in this alloy. Like alloys JG l, 
JG2 and JG3, the alloy JG4-AC is classified as a hyper-eutectic Nb-silicide based in situ 
composite as the blocky jONb^Sig phase was present in its as solidified microstructure. 
This is also confirmed by the large area EPMA analyses (Table 7.20). The Si concen­
tration in the ingot was higher than 17.5 at.%, which is the eutectic composition of the 
L Nbss +  NbsSi reaction in the Nb-Si binary system (Figure 2.1).
As shown in Table 7.21, the lattice parameter of the Nbss in JG4-AC was 3.240Â, which 
is about 1.9% smaller than that of pure Nb (3.303 Â, JCPDS 34-0370).
Table 7.21 The calculated lattice parameters of the bcc Nbss in JG4-AC
29 d (Â) hkl Calculated a (Â) Corrected a (Â)
38.827 2.371 110 5.301 3.353
56.000 1.641 200 3.256 3.282 3.240
70.274 1.338 211 2.252 3.277
96.100 1.036 310 1.134 3.276
Figiu'e 7.23 shows the typical backscattering electron image of the as cast JG4 alloy.
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Figure 7.22 X-ray diffractogram from a cross section of JG4 as cast ingot.
The SEM and EPMA results confirmed that in the JG4-AC alloy the microstructure 
consisted of three phases, namely the ( N b , T i ) g s ,  NbgSig and Si-rich Laves phases. The 
chemical compositions of these phases are given in Table 7.22. In alloy JG4-AC (see 
Figure 7.23), there were Hf rich regions in the NbgSig which, under backscattering (BS) 
conditions in the SEM, led to varying contrast at the interface between the ( N b , T i ) s s  
and N b s S i g .  The volume fractions of the ( N b , T i ) s s  phase in JG4-AC was 39.1%. The 
volume fraction may be a little higher than the actual one as the contrast between the 
( N b , T i ) s s  and Hf-rich Nb^Sig phase under BS condition was almost the same (see Figure 
7.23).
Table 7.22 The phases present and their compositions in JG4 as cast ingot (at.%)
Phase Nb Ti Si Cr AI Mo Hf
(Nb,Ti)=, 50.348.7-51.1 26.726.1-27.4 1.81.5-2.2 8.88.3-9.4 6.86.5-7.4 3.12.7-3.4 2.52.4-2.8
NbsSig 40.439.6-41.3 18.117.7-18.3 32.832.3-33.5 1.00.0-1.7 3.7S.4-3.8 0.0 4.24.1-4.4
Hf-rich NbgSis 28.027.7-28.3 23.623.4-24.1 34.834.8-34.8 1.2 1.1-1.2 3.12.9-3.1 0.0 9.49.2-9.7
Cl4 Laves 22.720.1-25.2 18.416.4-20.3 8.36.6-9.D 41.638.5-44.7 3.53.1-3.9 0.0 5.55.4-5.6
The SEM observation (Figure 7.23) and EPMA data (Table 7.22) showed that in JG4-
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Figure 7.23 Typical BSE image from the centre of a cross section of JG4-AC.
AC there was Hf segregation in the NbgSig phase. According to the EPMA results 
(Table 7.22), the Hf concentration in the Hf-rich regions was more than double that in 
the NbgSia. Furthermore, the Ti and Si contents in the former were higher than those in 
the latter. However, the concentration of Nb in the Hf-rich NbgSis was ~31at.% lower 
than in the NbgSig. There was no Mo dissolved in the 5-3 silicide.
The Al, Si and Mo concentrations in the niobium solid solution in JG4-AC were similar to 
those in JG3-AC (Tables 7.15 and 7.22). The concentrations of Ti and Cr in (Nb,Ti)gs 
had been reduced by ~  13at.% and lla t.%  respectively in the presence of Hf. The 
reduction in the Cr concentration is attributed to the formation of Si-rich 014 Cr2 Nb 
Laves phase in JG4-AC. The Si, Cr and Al contents of the C14 Laves phase, which were 
8.3at.% Si, 41.6at.% Cr and 3.5at.% Al, were slightly lower than those in the C14 Laves 
formed in the as solidified microstructure of the Nb-18Si-5Cr-5Al-5Mo alloy (JGl-AC, 
see Table 7.2). The data for JGl-AC and JG4-AC would thus suggest that the solubility 
range of Si in the Si rich C14 Laves phase formed in alloys of the Nb-Ti-Si-Cr-Al-Mo-Hf 
system is approximately 6.6 to 10.5 at.%.
Figure 7.24 shows the microstructures near the bottom and the top of the as cast JG4 
ingot. The SEM and EPMA analyses revealed that the C14 Laves phase was not formed 
near the bottom and the top of ingot but could be found only in the central region. This
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Figure 7.24 BSE images from a cross section of JG4 as cast ingot at the same magnifi­
cation (300x): (a) near the bottom and (b) near the top surface.
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was also the case for alloy JGl-AC (§7.2.1). Our results would thus suggest that the 
formation of C14 Laves phase in the as solidified microstructure is controlled not only 
by the alloying elements but also by the cooling rate. It is evident that a finer eutectic 
structure of Nbss and NbgSig silicide was present near the bottom of the as cast ingot. 
Such structure was not observed in the central and top regions. This could be attributed 
to the different cooling rates which experienced in the different regions of the ingot. Like 
the central region of the ingot, Hf rich regions in the NbgSig were also present near the 
bottom and the top of the ingot.
H eat treated (1500°C /100h) Nb-24Ti-18Si-5Cr-5Al-2M o (JG4-HT)
Figure 7.25 shows the microstructure of the alloy JG4-HT. After heat treatment at 
1500°C for lOOh, the Hf rich regions in the 5-3 silicide were still present in JG4-HT. 
However, the Si-rich C14 Laves phase was not present in the microstructure of the alloy 
JG4-HT. The SEM observation shows that the microstructure of JG4-HT consisted 
only of niobium solid solution and the NbgSia silicide. The compositions of individual 
phases are listed in Table 7.23. The volume fraction of the (Nb,Ti)ss phase in JG4-HT 
increased to 55.4% after heat treatment, which was ~42% higher than that in JG4-AC 
(see Appendix A.l, page.206).
Table 7.23 The phases present and their compositions in alloy JG4-HT (at.%)
Phase Nb Ti Si Cr Al Mo Hf
(Nb,Ti)ss 52.051.1-52.5 26.125.4-26.5 0.2 0.0-1.0 9.3S.9-9.7 7.16.9-7.5 3.42.9-3.9 1.91.7-2.1
NbgSig 40.339.8-41.4 17.116.6-17.9 35.433.2-36.1 0.4O.O-l.O 2.21.9-2.7 0.0 4.64.2-S.2
Hf-rich NbgSig 27.226.4-27.7 24.023.0-24.8 35.434.4-36.2 1.11.0-1.3 3.12.7-3.4 0.0 9.28.9-9.5
The XRD results shown in Figure 7.26 suggested the presence of three forms of the 
NbgSia phase, namely the aNbgSia, ^NbgSis and 'yNbgSis, in the heat treated JG4 alloy. 
It is indicated that the /^NbgSia, which was present in JG4-AC, had not transformed to 
OfNbgSis completely after heat treatment at 1500°C for lOOh. It should be noted that 
the Hf02 and Ti nitride phases were identified by XRD. The presence of these phases 
was also confirmed by SEM and EPMA analyses, which will be discussed in the following 
section.
After heat treatment, the lattice parameter of the bcc Nbss in JG4-HT was increased to 
3.258 Â (Table 7.24), compared to that in JG4-AC.
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Figure 7.25 Typical image of alloy JG4-HT (1500°C/100h). Nbgg particles were present 
inside the NbgSig.
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Figure 7.26 X-ray diffractogram from a cross section of JG4-HT (1500°C/100h).
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Table 7.24 The calculated lattice parameters of the bcc Nbss in JG4-HT
29 d(Â ) hkl m Calculated a (Â) Corrected a (Â)
39.056 2.304 110 5.264 3.258
56.421 1.630 200 3.220 3.260 3.25870.768 1.330 211 2.224 3.258
96.8 1.030 310 1.111 3.257
As previously discussed, after heat treatment at 1500°C for lOOh, the Si-rich C14 Laves 
phase was not present in the microstructure of the alloy JG4-HT. It is concluded that 
in the presence of Hf the Si-rich C14 Laves phase is not stable at this temperature. 
The Hf-rich Nb^Sig phase was still present in the heat treated microstructure. The 
concentrations of all the solutes in this phase were almost unchanged, compared to the 
as cast alloy (see Appendix A.4, page.208). The Ti, Al and Cr concentrations in the 
NbsSis phase had decreased slightly after heat treatment while the concentration of Si 
had increased from 32.8 to 35.4 at.%. The Si content was slightly higher than in the 
Hf-free alloy JG3-HT (32.0at.%, see §7.2.3). This provides further support that the Hf 
substitutes for the Nb site in the Nb^Sis and would suggest that with Hf addition the 
Si concentration in the NbsSis shifts closer to the stoichiometric composition of the 5-3 
silicide.
Similar to alloys JG2-HT and JG3-HT, a nitride phase of a stoichiometry corresponding 
to TiN was formed at the edges of the heat treated JG4 alloy. Furthermore, in JG4-HT 
the Hf02 phase was also formed near the surface as the result of the Hf addition. The 
microstructure for the edge of JG4-HT is shown in Figure 7.27, in which the HfÜ2  and 
TiN are shown as the white and black contrast phase respectively. The identification of 
Hf02 and TiN phases in the heat treated JG4 alloy was also confirmed by XRD data 
shown in Figure 7.26. In JG4-HT, the TiN particles were formed up to about 410/im 
below the surface and the Hf02 was formed up to ^750p,m. Compared to JG2-HT 
and JG3-HT, the presence of Hf in JG4 reduced the depth of TiN formation below the 
surface.
It seems that the formation of TiN in JG4 is attributed to the strong nitride-forming 
tendency of Ti at elevated temperatures. Hafnium has a high reaction rate with nitrogen 
but less than that for titanium (Thomas and Hayes 1960). Therefore, the hafnium 
nitrides were not formed in our alloys.
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Figure 7.27 Typical BSE image showing the TiN and HfOg which formed at the edge of 
the heat treated JG4 alloy.
7.2 .5  N b -24T i-18S i-5C r-5A l-2M o-5H f-5S n  alloy (JG 6)
As cast Nb-24Ti-18Si-5Cr-5Al-2M o-5H f-5Sn (JG6-AC)
The large area EPMA analyses, as shown in Table 7.25, indicated some chemical in­
homogeneity between the top and bottom (where the melt was in contact with the 
water-cooled copper hearth) areas of the as cast JG6 ingot, particularly for Si. Like 
other alloys, slight deviation from the nominal composition was observed in JG6-AC. 
The EPMA results for the bulk composition, as shown in Table 7.25, revealed that the 
Si concentration near the surface was higher than that near the bottom and centre of 
the ingot. This Si segregation is attributed to the difference in the densities of Si and 
other alloying elements.
The X-ray diffractogram from a cross section of JG6-AC is presented in Figure 7.28. The 
XRD results suggested the presence of three phases in JG6-AC, namely the niobium solid 
solution (Nb,Ti)ss, NbgSig and a Cr-rich Cr2 Nb Laves phase. The metastable hexagonal 
"yNbsSig phase, which can be stabilized by interstitials (Schlesinger et al. 1993), as well 
as the tetragonal /^NbsSia phase were identified in JG6-AC by XRD. Like alloy JG4-
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Table 7.25 EPMA analyses for bulk compositions of JC6 as cast alloy (at.%)
Area in ingot Nb Ti Si Cr Al Mo Hf Sn
Bottom 35.134.3-35.5 25.024.5-25.7 17.916.9-19.5 4.84.3-5.1 5.04.3-5.4 1.81.7-1.9 5.45.1-5.7 5.15.0-5.5
Centre 35.034.0-35.7 24.824.2-25.3 18.217.6-19.0 5.14.7-5.S 4.84.4-5.1 1.81.6-2.0 5.44.9-5.S 5.04.8-5.4
Top 35.134.8-35.5 24.324.3-24.4 19.319.1-19.9 4.74.2-5.3 4.94.7-5.1 1.71.3-2.1 5.25.2-5.3 4.84.5-5.4
AC, the Cr-rich Laves phase formed in JC6-AC was found to have a C14 hP12 crystal 
structure. The hexagonal TigSig and Hf^Sis phases did not form in this alloy. Since 
the /JNbsSia phase was present in its as solidified microstructure, the alloy JC6-AC is 
classified as a hyper-eutectic Nb-silicide base in situ composite, as for the other alloys. 
According to the EPMA results (Table 7.25), the Si concentration in the JC6-AC varied 
from 16.9 to 19.9at.%. Considering that the eutectic composition in the Nb-Si binary 
system is Nb-17.5at.%Si (Figure 2.1), it is concluded that the addition of Sn in the 
Nb-silicide base in situ composite lowers the Si content of the eutectic reaction slightly.
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Figine 7.28 X-ray diffractogram from a cross section of as cast JG6 ingot.
The XRD data, which was used to calculate the lattice parameter of the Nbss in JC6- 
AC, is shown in Table 7.26. The lattice parameter of the Nbgg in JC6-AC was 3.267Â, 
which is increased by ~  0.8% compared to that in JC4-AC (Table 7.21). Such increase
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of the lattice parameter of the Nbgg in JG6-AC would be attributed to the addition of 
Sn, which has a atomic radius of 1.58 Â (Gale and Totemeier 2003).
Table 7.26 The calculated lattice parameters of the bcc Nbgg in JC6-AC
26 d ( A ) hkl /(^ ) Calculated a (Â) Corrected a (Â)
39.528 2.278 110 5.187 3.222
56.6 1.625 200 3-205 3.250
71.1 1.325 211 2.205 3.246 3.26783.8 1.153 220 1.587 3.261
97.5 1.025 310 1.089 3.241
109.3 0.944 222 0.761 3.270
Typical BSE images from different areas of the JG6-AC ingot are shown in Figure 
7.29 and the phase compositions are given in Table 7.27. Segregation of elements was 
observed in the solid solution and jSNb^Sig phases, as shown in Figure 7.29. Similar to 
JG4-AC, there were Hf rich regions in the Nb^Sig. The ( N b , T i ) g g  phase, which was rich 
in Ti and Cr, imaged dark grey under BS condition in the SEM and had lower Sn and 
Si contents (Table 7.27) compared to the Sn-rich solid solution ( N b , T i ) s g ,  which is the 
white contrast phase in Figure 7.29. The Mo and Hf concentrations in the ( N b , T i ) s g  
in JC6-AC were not affected by the presence of Sn in the alloy. The solubility of Si 
increased with increasing Sn concentration in the solid solution. However, in the Sn- 
rich ( N b , T i ) s s  the concentrations of Ti and Cr decreased dramatically compared to the 
Sn-poor solid solution (see Table 7.27).
Table 7.27 The compositions of phases present in the as cast JC6 alloy (at.%)
Phase Nb Ti Si Cr Al Mo Hf Sn
(Nb,Ti).« 31.328.9-33.9 36.433.7-38.4 1.61.2-2.0 12.210.8-14.3 7.87.3-8.4 2.82.4-3.0 3.02.7-3.3 4.94.5-5.8
Sn-rich (Nb,Ti)sa 44.644.0-45.8 25.524.9-25.9 4.64.3-4.9 3.63.2-4.2 5.75.2-6.0 2.92.S-3.2 2.62.5-2.S 10.610.2-11.1
NbsSis 34.734.0-35.7 20.517.6-25.7 32.330.6-34.0 1.31.0-1.9 3.42.5-4.4 0.0 5.75.3-6.S 2.11.0-3.4
Hf-rich NbsSis 24.924.0-26.4 24.823.5-25.7 33.933.2-35.1 1.51.1-1.9 3.93.4-4.4 0.0 9.99.3-10.8 1.10.9-1.6
C14 Laves 21.219.6-22.9 17.214.7-19.8 8.37.2-9.4 40.335.9-44.7 4.64.1-5.2 1.51.3-1.6 5.95.6-6.1 1.00.4-1.6
As shown in Figure 7.29, the microstructine of the as cast JC6 ingot varied from the 
bottom to the top of the ingot. The microstructure near the bottom of the ingot (Figure 
7.29(a)) consisted of large NbsSis, ( N b , T i ) g s  dendrites and the Si-rich C14 Laves phase. 
The orientation of the dendrites was random. The Laves phase was surrounded by the
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Figure 7.29 Typical BSE images of the as cast JG6: (a) section near the bottom of the 
ingot, (b) section from central area and (c) section near the top surface of the ingot.
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(Nb,Ti)gs and Nb^Sis phases, as was the case for JGl-AC (§7.2.1). In the central area of 
the JG6-AC ingot the microstructure consisted of a continuous network of large /JNbsSia 
particles within which the (Nb,Ti)ss and Laves phases were distributed (Figure 7.29(b)). 
The Sn-rich (Nb,Ti)ss was the dominant solid solution in the central ingot. The Si-rich 
C14 Laves phase was formed at the interface of the Sn-rich (Nb,Ti)gg and NbsSis phases. 
In the central region the Sn-poor (Nb,Ti)sg is shown in black contrast in Figure 7.29(b) 
and almost had the same contrast with the Si-rich C14 Laves phase, which made the 
measurement of the volume fraction of the niobium solid solution impossible.
The large faceted /^NbsSis, which exhibited severe cracking (Figure 7.29(c)), was sur­
rounded by the niobium solid solution near the surface of the ingot. In this area, the 
Si-rich C14 Laves phase was not observed and there was no Hf segregation in the NbgSis 
phase but Sn segregation in the solid solution was still present. The Sn-rich (Nb,Ti)gg is 
shown in white contrast in the BS image in Figure 7.29(c).
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Heat treated (1300°C /100h) Nb-24Ti-18Si-5Cr-5Al-2M o-5Hf-5Sn (JG6-HT)
The heat treatment of alloy JG6 was attempted first at 1500°C. Partial melting was 
noticed after this heat treatment as the specimen was slightly distorted. Figure 7.30 
shows the microstructure of the alloy JG6 after heat treatment at 1500°C. The mi­
crostructure had significantly coarsened compared to the as cast one. It is indicated 
that liquation had taken place during heat treatment at 1500°C, which suggests that 
the Sn addition lowered the melting temperature of the alloy significantly. Therefore, 
the alloy Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf-5Sn was heat treated at 1300°C to homogenize 
the microstructure.
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Figiu-e 7.30 Typical BSE image of alloy JG6 after heat treatment at 1500°C for lOOh (at 
lOOx). Liquation had taken place during the heat treatment.
After heat treatment at 1300°C for lOOh three phases, namely ( N b , T i ) s g ,  NbsSia and the 
Si-rich C14 CrgNb Laves, were found in the microstructure of alloy JG6. Figure 7.31 
shows a typical BSE image of the JG6-HT alloy. The Si-rich C14 Laves phase, which 
was absent in JG4-HT, was stable in this Sn-containing alloy after the heat treatment 
at 1300°C. The volume fraction of the Laves phase was ~8.9%. According to the SEM 
(Figure 7.31) and EPMA (Table 7.28) data, the Hf-rich Nb^Sig phase was either sur­
rounded by the Sn-rich ( N b , T i ) s s  or was present at the interface between the Sn-rich 
( N b , T i ) s s  and Nb^Sig phases. It should be noted that small ( N b , T i ) s s  particles formed
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inside the NbsSis phase after this heat treatment. This formation of solid solution par­
ticles inside the 5-3 silicide has also been found in the previous alloys (§7.2.1-7.2.4) and 
the KZ alloys (Zelenitsas and Tsakiropoulos 2005). Furthermore, the SEM observations 
revealed that the number of cracked NbsSis silicide particles in JG6 alloy had been 
reduced significantly after heat treatment.
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Figure 7.31 Typical BSE image of alloy JG6-HT (1300°C/100h). 
Table 7.28 The compositions of the phases present in JG6-HT (at.%)
Phase Nb Ti Si Cr Al Mo Hf Sn
Sn-rich (Nb,Ti)s« 42.642.2-43.0 28.227.5-28.6 3.43 .2 -3 5 5.24 .9 -5 4 6.66.3-7.0 2.82 .4 -3 4 1.51.3-1.6 9.79.3-10.1
NbsSia 38.037.8-38.2 18.717.8-19.2 34.733.1-35.9 0.30.0-0.7 2.11.9-2.4 0.00.0 4.84 .3 -5 3 1.41.2-1.7
Hf-rich NbsSis 22.922.2-23.3 26.526.1-27.2 34.133.1-35.0 1.30.9-1.8 3.73 .5 -3 9 0.00.0 10.710.2-11.1 0.80.5-1.1
C l4 Laves 20.819.9-21.2 11.211.0-11.4 9.08.7-9.2 48.447.6-49.9 3.12 .9 -3 2 1.71.5-1.8 5.55.4-S.7 0.30.0-0.8
As shown in Figure 7.32, the XRD data suggested the existence of a-, (3- and 7 -NbsSis 
in JG6-HT. This was also the case for the alloy JG4-HT. However, in the Hf-free alloys 
studied in this work (JG l, JG2 and JG3) the ^Nb^Sis was not formed. It is therefore 
concluded that the 5at.% Hf addition to the Nb-24Ti-18Si-5Cr-5Al-Mo in-situ compos­
ites stabilises the ^NbgSig phase. Furthermore, it is suggested that the Hf-rich regions 
in the 5-3 silicide correspond to the yNb^Sig.
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Figure 7.32 X-ray diffractogram from a cross section of JG6-HT (1300°C/100h).
The lattice parameter of the Nbss in JG6-HT was calculated to be 3.314Â (Table 7.29), 
which is about 0.3% larger than that in pure Nb (3.303Â, JCPDS 34-0370).
Table 7.29 The calculated lattice parameters of the bcc Nbss in JG6-HT
29 d (Â) hkl /(^ ) Calculated a (Â) Corrected a ( A )
38.839 2.317 110 5.299 3.277
55.9 1.643 200 3.264 3.286 3.314
82.5 1.168 220 1.642 3.304
As shown in Figure 7.31, after heat treatment at 1300° C for lOOh in the microstructure 
of JG6-HT, large blocky 5-3 silicide and coarsened Laves phase were distributed in the 
niobium solid solution matrix. Homogenization of the niobium solid solution had talcen 
place during heat treatment with only the Sn-rich solid solution remaining. In the solid 
solution the Al, Cr and Ti concentrations had increased and the Hf and Si concentrations 
had decreased compared to JG6-AC. Hf-rich regions in 5-3 silicide were still present and 
these were richer in Hf compared to JG4-HT and the Nb concentration in the Hf-rich 
regions of NbgSig was much lower than in the NbsSis and the opposite was the case for 
Hf and Ti (Table 7.28).
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According to the EPMA results (see Appendix A.4, page.208), the composition of the 
NbsSis phase did not change significantly by the addition of Sn. However, the Cr and Ti 
concentrations in the Si-rich C14 Laves had significantly changed after heat treatment 
at 1300°C for lOOh. Compared to the as cast alloy, the Cr content had increased by 
20% whilst the (Nb+Ti) concentration had decreased by 17% to approach the “ideal” 
full sub-lattice occupancy of 1/3, accompanied by a slight increase of Si content.
It should be noted that Hf02 and a nitride phase of a stoichiometry corresponding to 
TiN were formed at the edge of alloy JG6-HT, which was also the case for JG4-HT. The 
identification of Hf02 and TiN phase in JG6-HT was based solely on EPMA data. The 
microstructures for the edge of JG6-HT are shown in Figure 7.33, in which the Hf02 and 
TiN are shown as the white and black contrast respectively. The zone consisting of TiN 
and Hf02 in JG6-HT was about 180/xm thick, and compared to JG4-HT, the depth of 
TiN formation was almost the same, but in JG6-HT the depth of Hf02 formation below 
the surface had been reduced significantly.
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Figure 7.33 Typical BSE images showing the formation of TiN and Hf02 at the edge of 
the heat treated JG6 alloy.
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7 .2 .6  N b -1 8 S i-1 5 C r (JG 5 )
Alloying with Al, Ti and Cr can significantly improve the oxidation resistance, and the 
Cr effect on enhancing oxidation resistance can be attributed to stabilisation of the 
NbCrg Laves phase (Zhao et al. 2003b). For the pmpose of advanced design of the Cr- 
rich Laves phase containing Nb-Si based composites, one needs good understanding of 
phase equilibria and thermodynamic properties of the Nb-Si-Cr-Hf-Ti-Al system, with 
Nb-Si-Cr being the most important.
As discussed in §2.5, the Nbsg+CrNbSi+NbsSig three-phase equilibrium reported by 
Zhao et al. (2003a) could not be reconciled with thermodynamic data in the Nb-Si-Cr 
system (Shao 2005, David et al. 2006), and therefore, the phase equilibria in the Nb-rich 
corner needed further investigation. In this work, an alloy of composition Nb-18Si-15Cr 
was chosen to clarify the debatable, yet very important, ternary phase equilibrium near 
the Nb corner.
As cast N b-18Si-15C r (JG 5-A C )
The large area EPMA results for the Nb-18Si-15Cr as cast ingot are given in Table 7.30. 
Different parts of the cross section, from bottom to the top surface, were examined. Like 
the other alloys, slight deviation from the nominal composition was observed as well as 
variation of the concentration of elements in the ingot. This is principally due to the 
large disparities in melting points and vapour pressures among the species.
Area in ingot Nb Si Cr
Bottom 67.4 66.7-67.8 17.6 16.6-18.7 15.0 14.5-15.7
Centre 67.5 66.4-68.9 16.6 15.7-18.0 15.9 14.3-17.7
Top 67.2 66.4-68.6 17.2 16.8-17.8 15.6 14.3-16.7
The typical backscattering electron micrographs from the centre of the solidified ternary 
Nb-18Si-15Cr are shown in Figure 7.34. The microstructure consisted of large primary 
NbsSis particles, Nbgg and a fine-scale eutectic of Nbgg and (Cr,Si)2 Nb Laves phase in the 
NbsSis matrix. The compositions of individual phases were determined using EPMA 
and are shown in Table 7.31. The Si concentration of the 5-3 silicide was 34.2 at.%, 
which was lean of the stoichiometric composition. The solubility of Cr in the Nbgg was
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10.3 at.%. The (Cr,Si)2 Nb Laves phase, which had a volume fraction of 9.3%, contained 
11.1 at.% Si. It should be noted that the NbgSis phase exhibited cracking.
Table 7.31 The compositions (at.%) and volume fractions (%) of individual phases in 
the central section of JG5-AC
Phase Nb Si Cr Volume fraction
Nbgg 87.7 87.5-88.0 2.0 1.9-2.1 10.3 9.9-10.5 44.5
^NbsSig 62.3 61.8-62.7 34.2 33.9-34.6 3.5 2.8-4.4 46.2
(Cr,Si)2 Nb 43.3 41.8-44.2 11.1 10.6-11.4 45.6 44.5-47.1 9.3
The crystal structures of these phases were identified using XRD. Figure 7.35 presents 
the X-ray diffractogram of JG5-AC. The NbsSis formed in the solidified alloy was found 
to be the WgSis-type ySNbsSis, which has a tetragonal D8„i structure. The Si-containing 
Laves phase (Cr,Si)2 Nb had a hexagonal MgZii2 (C14) type crystal structure. The lattice 
parameter of the bcc Nbgg in JG5-AC was 3.265 Â (Table 7.32), and was calculated using 
the XRD data and Equations 6.2 and 6.4.
______ Table 7.32 The calculated lattice parameters of the bcc Nbgg in JG5-AC______
29 d (Â) hkl f{9) Calculated a (Â) Corrected a (À)
38.888 2.314 110 5.291 3.272
56.276 1.633 200 3.232 3.266
70.4 1.336 211 2.245 3.273 3.265
96.7 1.031 310 1.114 3.260
109.3 0.944 222 0.761 3.270
The SEM observations, as shown in Figure 7.36, revealed that the microstructure of the 
JG5 as cast ingot varied from the bottom to the top of the ingot. Like the centre of 
the ingot, these regions also comprised three phases, namely Nbgg, ^^Nb^Sig and C14 
Laves. However, it is evident that the microstructure in the bottom of the ingot was 
finer than that of the top and the centre. It is supposed that the higher solidification rate 
experienced at the bottom, which was in direct contact with the water-cooled copper 
hearth, is responsible for the fine scale of the microstructure.
Table 7.33 gives the compositions of the phases present in the bottom and top parts of 
the as cast Nb-18Si-15Cr ingot. The EPMA results show that the Cr concentration in 
the 014 Laves near the bottom was lower than that of the centre and the top. This could 
also be reflected by the bulk composition (Table 7.30), which showed that the bottom 
of the ingot had the lowest Cr concentration compared to other regions. Furthermore,
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Figure 7.34 Typical BSE images from the centre of the as cast Nb-18Si-15Cr alloy: (a) 
at 1000X and (b) at 3500x. The white phase is Nbss, the black phase is (Cr,Si)2 Nb and 
the grey phase is NbsSig. The latter was severely cracked.
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Figure 7.35 X-ray diffractogram from a cross section of JG5 as cast ingot.
it is well known that size-controlled phases such as the C14 Laves phase are kinetically 
sluggish to nucleate during solid-state transformation. As discussed above, the bottom of 
the ingot experienced the highest solidification rate, which could suppress the nucléation 
of the Laves phase and the diffusion of solutes. As a result, the Cr concentration in the 
C14 Laves phase was increased from the bottom to the top of ingot, as shown in Tables 
7.31 and 7.33.
Table 7.33 The compositions (at.%) of phases present in the bottom and top parts of 
the as cast Nb-18Si-15Cr ingot
Region in ingot Phase Nb Si Cr
Top Nbss 86.1 85.5-86.4 2.1 1.9-2.2 11.8 11.6-12.3
^gNbsSis 62.6 62.4-62.7 34.4 34.2-34.6 3.0 2.8-3.2
C14 Laves 40.5 37.4-43.3 11.9 11.2-12.5 47.6 45.5-50.1
Bottom Nbss 86.5 85.5-87.4 1.8 1.6-2.1 11.7 11.1-12.4
/^NbsSis 62.8 62.5-63.3 33.5 33.0-34.3 3.7 3.0-4.4
014 Laves 47.8 44.0-52.9 11.4 9.4-12.5 40.8 37.7-43.7
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Figure 7.36 Typical BSE images from a cross section of the as cast Nb-18Si-15Cr alloy 
taken at the same magnification: (a) near the bottom and (b) near the top surface. The 
white phase is Nbss, the black phase is (Cr,Si)2 Nb and the grey phase is Nb^Sig.
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H ea t tre a te d  N b-18Si-15C r (1000°C /100h, JG 5-H T1000)
After heat treatment at 1000° C for lOOh, the microstructure, as shown in Figure 7.37, 
was similar to that of the as cast alloy (Figure 7.34). Three phases, namely Nbss, NbsSis 
and (Cr,Si)2 Nb Laves, were present in the annealed microstructure. The Laves phase was 
found to be C14 Laves by XRD (Figure 7.38). This confirmed that the C14 Laves phase, 
which is only stable at temperatures above 1585°C in the binary Cr-Nb system (Thoma 
and Perepezko 1992), was stabilised by Si to lower temperatures (at least 1000° C). 
Moreover, the XRD data revealed the existence of both the jdNbsSis and ctNbsSis phases. 
However the strongest peaks of the X-ray diffractogram corresponded to the jdNbsSis 
phase. It seems that a solid-state transformation took place via which the /JNbsSis phase 
transformed to (rNbsSig. Furthermore, this indicates that the decomposition process of 
the primary solidified jdNbsSis phase had not been completed and the equilibrium at 
1000°C had not been reached. As shown in Table 7.34, the lattice parameter of the Nbss 
increased to 3.290Â after heat treatment at 1000°C for lOOh.
 Table 7.34 The calculated lattice parameters of the bcc Nbss in JG5-HT1000
29 d (Â) hkl f{9) Calculated a (Â) Corrected a ( A )
38.564 2.333 110 5.346 3.299
55.886 1.644 200 3.266 3.288
69.916 1.344 211 2.273 3.292 3.290
82.8 1.165 220 1.630 3.295
95.455 1.041 310 1.155 3.292
The compositions of individual phases are listed in Table 7.35. The composition of 
NbsSis phase did not change significantly by heat treatment at 1000°C. The Cr contents 
in the Nbgg and C14 Laves had increased by 16.5% and 10.1%, respectively, compared 
to the as cast condition. This suggests that the change of the microstructure is mainly 
attributed to the partitioning of Cr.
Table 7.35 The compositions (at.%) and volume fractions (%) of individual phases in 
the heat treated Nb-18Si-15Cr (1000°C/100h, JG5-HT1000)
Phase Nb Si Cr Volume fraction
Nbgg 86.0 85.3-87.0 2.0 1.7-2.5 12.0 11.0-12.9 41.8
NbsSis 61.5 61.2-61.9 35.1 34.4-36.0 3.4 2.9-3.7 41.9
(Cr,Si)2 Nb 38.3 36.8-42.0 11.5 10.3-12.2 50.2 47.7-51.4 16.3
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Figure 7.37 Typical BSE images of the Nb-18Si-15Cr alloy after heat treatment at 1000°C 
for lOOh: (a) at 500x and (b) at 1000x . The white phase is Nbgg, the black phase is 
(Cr,Si)2 Nb and the grey phase is Nb^Sig.
7.2. Microstructural characterisation 137
1800
1600
1400I- 1200Z5
O 1000
■w
I 800c 600
400
Oo200
20 30 40 50 60 70 80 90 100 110 120
20
Figure 7.38 X-ray diffractogram from a cross section of JG5-HT1000 (1000°C/100h).
The grain growth of C14 Laves had taken place during annealing, with the composition 
of the Laves phase being changed towards the equilibrium composition (Figure 7.39). 
As shown in Table 7.35, the volume fraction of the C14 Laves phase had increased from 
9.3% in the as-solidified microstructure to 16.3% in the sample JG5-HT1000. There was 
no evidence of the formation of the CrNbSi phase in the annealed microstructure at 
1000°C.
Heat treated Nb-18Si-15Cr (1500°C /100h, JG5-HT1500)
The microstructure also coarsened after annealing at 1500° C for lOOh and still consisted 
of three phases, namely the Nbgg, Nb^Sig and (Cr,Si)2 Nb Laves phases. A typical BSE 
micrograph of the sample JG5-HT1500 is shown in Figure 7.40. Again, it was noticed 
that the Laves phase coarsened evidently and there were well defined triple junctions 
between the three phases. XRD results (Figure 7.41) indicated the Laves phase had a 
hexagonal C14 structure and the niobium silicide was the low temperature form oNb^Sig. 
The decomposition of primary solidified /^NbsSis phase had been completed and the full 
equilibrium had been reached after the heat treatment at 1500°C for lOOh. The lattice 
parameter of the bcc Nbgg in JG5-HT1500 was calculated to be 3.279Â (Table 7.36).
7.2. Microstructural characterisation 138
Si
0.9
0.8
0.7 NbSi.CrSi.
0.6
CrSi
0.5
(Cr. N b)„SI,
0 4
NbsSi.
;rNbSi
0.1 0.3 0.4(Or. S i) ,N b 0.5 0.70.6 0.8 0.9 1 Nb
X(Nb)
Figure 7.39 Calculated isothermal section of the Nb-Si-Cr system at 1000°C. The nominal 
alloy composition is shown as a solid square. The phase compositions measured by 
EPMA (in sample JG5-HT1000) are shown as open circles, while those in the as-cast 
alloy are shown as stars. Notice that annealing at 1000°C made the Laves phase shift 
towards the equilibrium composition.
Table 7.36 The calculated lattice parameters of the bcc Nbgg in JG5-HT1500 
20 d (Â) hkl f{9) Calculated a (Â) Corrected a (À)
38.422 2.341 110 5.370 3.311
55.6 1.652 200 3.290 3.304
69.964 1.344 211 2.270 3.292 3.279
83.122 1.161 220 1.616 3.284
95.524 1.04 310 1.152 3.289
The EPMA results in Table 7.37 show that the Cr content in the NbsSis decreased by 
~54.3% with a slight increase of Si concentration. Since the NbsSis formed in the JG5- 
HT1500 was the aNbsSis, it is suggested that the ^NbsSis phase has a higher solubility 
of Cr than aNbsSis. Little Si was dissolved in the Nbss, in agreement with the low 
equilibrium solid solubility of Si in Nb. The Nb and Cr contents in the C14 Laves had 
significantly changed after heat treatment at 1500°C for lOOh. Compared to the as cast 
sample, the Cr content had increased by 15.1% whilst the Nb concentration had de­
creased by 18.0% to approach the “ideal” full sublattice occupancy of 1/3, accompanied
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Figure 7.40 Typical BSE image of the Nb-18Si-15Cr alloy after heat treatment at 1500°C 
for lOOh.
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Figure 7.41 X-ray diffractogram from a cross section of JG5-HT1500 (1500°C/100h).
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by a slight increase of Si content. The compositions of the three phases after annealing 
at 1500°C are superimposed on the calculated corresponding equilibrium isothermal sec­
tion, showing excellent agreement with the prediction (Figure 7.42). The Si solubility in 
the C14 Laves did not change much with temperature varying from 1000°C to 1500°C 
(11.5at.% at 1000°C and 12.0at.% at 1500°C, as shown in Tables 7.35 and 7.37 respec­
tively). The (lata thus suggest that the formation of the equilibrium microstructure was 
accompanied by partitioning of Cr to the C14 Laves phase. As shown in Figures 7.34 
and 7.40. the C14 Laves became much coarser after annealing at 1500°C and its volume 
fraction was more than twice as that in the as cast sample. This indicates that the Cl4 
I Laves is stable at 1500°C.
Table 7.37 The compositions (at.%) and volume fractions (%) of individual phases in 
the heat treated Nb-18Si-15Cr (1500°C/100h, JG5-HT1500)
Phase Nb Si Cr Volume fraction
Nbss 89.7 88.9-90.7 0.0 10.3 9.3-11.1 37.8
NbsSia 62.6 61.8-63.9 35.8 34.8-36.6 1.6 0.9-2.6 41.5
(Cr,Si)2 Nb 35.5 35.1-35.8 12.0 11.7-12.4 52.5 51.9-53.0 20.7
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Figure 7.42 The calculated isothermal section of the Nb-Si-Cr system at 1500°C. The 
phase compositions in the as-cast ingot are shown as stars, and those after annealing at 
1500°C are shown as circles. Notice that annealing at 1500°C makes the Laves phase 
approach its equilibrium composition.
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The changes of phase morphology and composition of the C14 Laves after the heat 
treatments at 1000°C and 1500°C for lOOh indicated that this phase is stable in this 
temperature range. The CrNbSi phase was not observed in any samples. Therefore, the 
Nbss + CrNbSi +  oNb^Sig phase equilibrium suggested by Zhao et al. (2003a) is not 
in agreement with our results, which showed experimental support for the Nbss T C14 
+  aNbsSis three-phase equilibrium in the Nb-Si-Cr system (Coldschmidt and Brand 
1961b, Zhao et al. 2003a). The results of this work are consistent with thermodynamic 
predictions using the CALPHAD (acronym for Calculation of Phase Diagram) method 
(Shao 2005), which showed that due to the large heat of formation of the Nb^Sig phase, 
the common tangent plane of the Nbss +  014 +  aNbgSia equilibrium was below that of 
the Nbss +  CrNbSi +  aNbsSis.
It should be noted that the C14 Laves phase could have an effectively extended metastable 
composition range (see also the work of Coldschmidt and Brand (1961b)). In refractory 
silicide alloys, where solid state diffusion is slow, equilibration is a sluggish process, and 
extra care should be taken in studying phase equilibria.
7.3 Oxidation behaviour
The oxidation behaviour of the alloys studied in this work is presented in this section. 
Thermogravimetric analysis (TCA) was carried out in order to study the oxidation 
behaviour of the alloys. The oxidation kinetics of the alloys was determined and the 
cross sections of the oxide scale and residual metal were investigated by XRD, SEM and 
EPMA.
7.3 .1 O xidation  k in etics
The oxidation rates of all the alloys were measured at 800°C and 1200°C in static air. 
Results of the thermo-gravimetric studies are shown in Figures 7.43 and 7.44, where the 
weight change (mg/cm^) is plotted as a function of time (hours).
At 800°C, the isothermal oxidation tests showed that the oxidation kinetics of JGl-AC, 
JG2-AC, JC3-HT and JC4-HT were linear. Table 7.38 shows the linear oxidation rate 
constant ki for each alloy, which was calculated by using the equation (Schutze 2000)
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Figure 7.43 Weight change curves of (a) the alloys oxidised at 800°C in air and (b) details 
of the alloys JG3-AC, JG4-AC, JG6-AC and JG6-HT showing the effects of Hf and Sn 
additions.
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Figure 7.44 Weight change curves of the alloys JG3, JG4 and JG6 oxidised at 1200°C 
in static air, showing the effects of Hf and Sn additions.
A (7.1)
where Am is the weight change of the specimen, A is the surface area of the specimen, 
and t is the exposure time.
The weight changes of the JG3-AC, JG4-AC, JG6-AC and JG6-HT at 800°C followed 
parabolic oxidation kinetics. The parabolic oxidation rate constants kp for these alloys 
were calculated by using the equation (Schutze 2000)
Am
~A (7.2)
The parabolic oxidation rate constants of the alloys JG3-AC and JG4-AC at 800°C are 
given in Table 7.38.
The as cast Nb-18Si-5Al-5Cr-5Mo alloy (JGl-AC), which exhibited the highest weight
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Table 7.38 The oxidation rate constants of the selected alloys at 800°C and 12Q0°C
Alloy 800° C 1200°Cki (g-cm“ -^s“ )^ kp (g^-cm-'‘-s-^) ki (g-cm"^-s"^) kp (g^-cm"^-s"^)
JGl-AC 1.9x10"^ - - -
JG2-AC 5.7xl0~® - - -
JG3-AC - 2.5x10"“ 4.4x10"^ -
JG3-HT 8.0x10-® - 6.7xl0"^(0-24h), 4.1x10-^ (>24h) -
JG4-AC - 4.7x10"“ 4.4xl0"^(0-56h), 2.4xl0-^(>56h) -
JG4-HT 1.0x10-'^ - 6.7xl0-^(0-24h) I.lxl0"^(>24h)
JG6-AC - 1.0x10"“ 2.8x10"^ -
JG6-HT - 7.2x10"“ 5.2xl0"^(0-41h) 6.0xl0"®(>41h)
gain, showed very poor oxidation behaviour at 800°C. After 48h exposure in air the 
weight gain was 30.2mg/cm^. The addition of titanium (alloys JG2, JG3, JG4 and 
JG6) increased the oxidation resistance dramatically at 800°G. The Mo concentration 
had also a significant effect on the oxidation behaviour. In the presence of 24at.% Ti, 
the alloys with lower Mo content showed better oxidation resistance. However, the Hf 
addition had no significant effect on the oxidation behaviour of the JG4 alloy. As seen 
in Figure 7.43, after 94h exposure to air at 800°G the weight gains of the JG3-AC, 
JG3-HT (no Hf present), JG4-AG and JG4-HT (with Hf addition) were 4.0, 28.5, 4.7 
and 37.8 mg/cm^ respectively. The heat treated alloys JG3-HT and JG4-HT showed 
poor oxidation resistance at 800°C. Their weight changes were -^7 times larger than 
those of the as cast alloys with the same composition. The Hf-containing alloy JG4-AC 
and JG4-HT exhibited inferior oxidation resistance to alloy JG3. There was evidence of 
breakaway oxidation for JG4-AC, JG6-AC and JG6-HT at 800°C (Figure 7.43(b)).
The weight change curves in Figure 7.43 showed that the Sn-containing alloy JG6 exhib­
ited better oxidation resistance at 800° C, compared to the Sn-free alloys, particularly 
for the heat treated ones. The weight gain of the JG4-HT was ~28 times larger than 
that of the JG6-HT, which was 1.4 mg/cm^, after exposed to static air for 94h.
Exposed to static air at 1200°C, the JG3-AC and JG4-AC alloys showed better oxidation 
resistance than the heat treated ones, as shown in Figure 7.44. The alloys JG3 and 
JG4 showed near identical oxidation behaviour at the initial linear oxidation stage, 
~56h for the as cast alloys and ~24h for the heat treated alloys. The addition of Hf 
decreased the oxidation rate of JG4-AC whilst increased the oxidation rate of JG4-HT. 
At 1200°G, the oxidation kinetics of the as cast JG4-AC and JG6-AG alloys were linear. 
The linear oxidation rate constant of the JG4-AG changed from 4,4x10“  ^ g-cm“ ^-s“ ^to
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2.4xl0~^ after 56h exposure at 1200°C whilst the rate constant of JG6-AC
was unchanged. The alloys in as cast condition exhibited better oxidation behaviour 
compared to their heat treated condition at 1200°C.
The oxidation of JG3-HT, JG4-AC, JG4-HT and JG6-HT could be divided into two 
main stages characterised by: (1) an initial linear oxidation rate, which was followed 
by (2) a linear stage with lower oxidation rate for JG3-HT and JG4-AC or a parabolic 
oxidation stage for JG4-HT and JG6-HT. The oxidation rate constants of the alloys are 
given in Table 7.38.
7.3 .2  O xidation  b ehaviour a t 800“C
Nb-24Ti-18Si-5Cr-5Al-2M o (JG3) and Nb-24Ti-18Si-5Cr-5Al-2M o-5H f (JG4)
At 800°C the alloy JGl-AC exhibited catastrophic oxidation behaviour. Exposed to 
air for 48h at 800°C, the rectangular sample of JGl-AC had disintegrated into powder 
completely, indicating that pest oxidation had occurred. Partial pest oxidation behaviour 
was exhibited by the JG2-AC, JG3-HT and JG4-HT alloys exposed to air at 800°G for 
~48 to 95h. The outer parts of the oxidised specimens disintegrated into powder during 
the isothermal oxidation tests. The surface regions of the remaining parts of the oxidised 
specimens exhibited cracks parallel to the surface, as was the case for the oxidised JG3- 
AC and JG4-AG alloys, for which, no spallation of oxide scales was observed at 800°C.
Figure 7.45 shows the XRD diffractograms of the surfaces and cross sections of the JG3- 
AG and JG4-AC after oxidation at 800°C. The typical BSE images of cross sections of 
the oxidised JG3-AC and JG4-AC alloy (800°C/95h) are shown in Figure 7.46 and the 
compositions of the phases present in the alloys are listed in Table 7.39.
The XRD data and SEM observations of the scales formed on the oxidised JG3-AC and 
JG4-AG alloys revealed that the scale microstructures were similar. A non-homogeneous 
oxide scale was formed. Near the surface large oxide particles exhibiting black contrast 
in the SEM were observed. These were a complex mixture of Nb- and Ti-oxides, as 
confirmed by EPMA (Table 7.39) and XRD (Figure 7.45). The 5-3 silicide grains in 
the near surface region of the oxidised JG3-AG and JG4-AG exhibited severe cracking, 
with the cracks in the 5-3 silicide and the oxidised region being parallel to the surface. 
According to the EPMA results (Table 7.39), in the oxygen diffusion zone, there was 
no oxygen dissolved in the 5-3 silicide. HfOg was not formed in the diffusion zone of
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Figure 7.45 X-ray diSractograms of the surfaces and cross sections of the (a) JG3-AC and 
(b) JG4-AC after oxidation at 800°C. The unmarked peaks correspond to the specimen 
holder of the X-ray diffractometer (see Appendix B.l for the XRD data of the holder).
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Figure 7.46 BSE images of cross sections of the (a) JG3-AC and (b) JG4-AC after 
oxidation at 800° C for lOOh.
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Table 7.39 Compositions (at.%) of the phases present 
oxidation at 800° C.
in the JG3-AC and JG4-AC after
Alloy Phase 0 Nb Ti Si Cr Al Mo Hf
JG3-AC Mixed oxide 33.4 33.5 19.1 1-6 6.2 4.2 2.0 -
NbsSig 0.0 43.0 20.1 31.8 1.5 3.6 0.0 -
Nbss in the bulk 0.0 50.7 28.7 1.9 9.8 5.9 3.1 -
JG4-AC Mixed oxide 36.3 30.9 17.1 1.1 6.4 4.2 2.0 1.8
NbsSis 0.0 40.7 17.2 33.9 0.7 3,0 0.3 4.2
Nbss in the bulk 0.0 50,6 26.5 2.2 7.3 6.3 3.9 3.3
* The accuracy of oxygen analysis was about ±4.0at.%.
JG4-AC. This would suggest that in the presence of Ti, Al, Cr and Mo, the Hf addition 
does not change the diffusion zone structure in Nb silicide based in situ composites at 
intermediate temperatures.
Figure 7.47 shows cross sections of the remaining parts of the oxidised JG3-HT and 
JG4-HT alloys. The compositions of phases present in the oxide scale of both alloys 
are listed in Table 7.40. Beneath a highly cracked and porous scale that exhibits black 
contrast in Figure 7.47, there are cracks parallel to the surface of the specimen, as for the 
oxidised JG3-AC and JG4-AC. Remnants of the 5-3 silicide in the black contrast scale, 
which are indicated by arrows in Figure 7.47(b), contained ~9.6at% oxygen. The scales 
that remained adherent to the JG3-HT and JG4-HT alloys were a complex mixture of 
Nb- and Ti-oxides (Table 7.40). The EMPA results indicated that oxygen was dissolved 
in the niobium solid solution of the alloy under the oxide scale. It is therefore concluded 
that the oxidation of JG3-HT and JG4-HT occurred by inward oxygen anion diffusion.
Table 7.40 Compositions (at.%) of the phases present in the oxide scale of oxidised 
.TG3-HT and JG4-HT after oxidation at 800°C.
Alloy Phase 0 Nb Ti Si Cr Al Mo Hf
JG3-HT Nb-rich oxide 68.4 16.8 3.7 10.0 0.4 0.6 0.0 -
Ti oxide 67.5 2.6 29.9 0.0 0.0 0.0 0.0 -
JG4-HT Nb-rich oxide 69.2 17.7 6.5 0.2 3.3 2.1 1.1 0.0
Ti oxide 66.9 1.5 29.7 0.5 0.0 0.0 0.0 1.4
Oxygen containing NbsSis 9.6 26.5 20.5 31.2 1.1 3.4 0.0 7.8
The accuracy of oxygen analysis was about ±4.Oat.;
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Figure 7.47 BSE images of the microstructures of cross sections of the (a) JG3-HT and 
(b) JG4-HT after oxidation at 800°C.
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Nb-24Ti-18Si-5Cr-5Al-2M o-5Hf-5Sn (JG6)
As discussed above, the alloy JG4-HT exhibited partial pest oxidation at 800°C. The 
outer parts of the oxidised JG4 alloy specimens disintegrated into powder during the 
isothermal oxidation tests. The surface regions of the remaining parts of the oxidised 
alloy JG4 specimens exhibited cracks parallel to the surface. Alloying with Sn eliminated 
pasting damage of the JG6 alloy at 800°C in both the as cast and heat treated conditions. 
At 800°C, in the presence of Sn, formation of adherent oxide scale was favoured compared 
to posting, even though there were cracks formed parallel to the scale/alloy interface, as 
reported for the other JG series alloys and the KZ series alloys based on the Nb-Ti-Si- 
Cr-Al-Ta system (Zelenitsas and Tsakiropoulos 2006).
Figure 7.48 shows the X-ray diffractograms of the JG6-AC alloy after oxidation at 800°G, 
taken in planar and cross sectional view respectively. The typical back scatter electron 
(BSE) images of the cross sections of the JG6-AC and JG6-HT alloys after oxidation 
at 800°C are shown in Figure 7.49 and the compositions of the phases present in these 
alloys are given in Table 7.41.
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Figure 7.48 X-ray diffractograms of the JG6-AC after oxidation at 800°C: (a) surface 
and (b) cross section. The unmarked peaks correspond to the specimen holder used with 
the X-ray diffractometer.
7.3. Oxidation behaviour 151
fi ^  Sn-ricl^bp
H f-r ic h  N b ^ i ,  
%
•« O x id ise d
E le c tro n  I m a g e  1
Sn-nch Nb„
N h s S i s ^
y  v -Mixed oxide
1 0 p m
Figure 7.49 Backscatter electron images of the cross sections of the alloy JG6-AC and 
JG6-HT after oxidation at 800°C: (a) cross section of the oxidised JG6-AC at 1000x , 
(b) the microstructure from the enclosed rectangle in (a) at 3000 x, (c) cross section of 
the oxidised JG6-HT and (d) the microstructure of the oxide scale and diffusion zone 
formed in JG6-HT (at 2500x).
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The microstructures of the diffusion zones of the oxidised as cast and heat treated alloy 
JG6 were different, particularly regarding the features shown in the area enclosed by a 
rectangle in Figure 7.49(b). In this and similar regions, a large amount of submicron 
size particles were dispersed either at the Sn-rich Nbgg and Hf-rich NbgSig interface or 
inside the Hf-rich Nb^Sig phase. The submicron size particles were formed up to 50/rm 
below the surface and were too small to be analysed by EPMA. Nevertheless, according 
to the XRD data (Figine 7.48) and X-ray maps, which were taken in the EPMA (Figure 
7.50), they were probably titanium oxides. However, as shown in Figure 7.49(c), there 
were no such regions present in the oxidised alloy JG6-HT, whose microstructure just 
below the oxide scale was similar to the oxidised JG4-HT. Furthermore, such Ti oxide 
particles, which formed in JG6-AC, were not found in any of the Sn-free JG series alloys 
(in both the as cast and heat treated conditions) after oxidation at 800°C. It should be 
noted that the G14 Laves phase was not found in the oxidised JG6-AC at 800°G while 
it was present in the JG6-AC, JG6-HT (see §7.2.5) and oxidised JG6-HT (see below). A 
continuous, adherent oxide scale was formed on JG6-HT after exposure to air at 800°C. 
Beneath the scale, which exhibits black contrast in Figure 7.49(d), there were cracks 
parallel to the surface of the specimen, as for the oxidised JG6-AC. Similar to the case 
of the JG4-AC and JG4-HT oxidised at 800°C, HfOg was not formed in the diffusion 
zone of the oxidised JG6-AC and JG6-HT.
According to the XRD data, the oxides formed in JG6-AC at 800°C were Ti02, NbgOs 
and SiOg. This was supported by the EDX analyses of the scale that formed on the oxi­
dised JG6-AC specimen at 800°C. The EDX results showed the presence of complex Nb- 
and Ti-oxides (Table 7.41). The mixed oxides, which exhibit black contrast in Figures 
7.49(a) and 7.49(c), were formed just below the surface and had oxygen concentrations 
of ~42.5 at.% and 42.1 at.% for the oxidised JG6-AC and JG6-HT, respectively (Table 
7.41). In JG6-AC, the Sn-rich Nbss in the diffusion zone had a high oxygen concentra­
tion (~25at.%) while the Sn-rich Nbgg in JG6-HT remained un-attacked after oxidation 
at 800°C. Compared to the alloy JG6-AC (see §7.2.5), the compositions of the Nbgg 
and NbsSis phases in the oxidised JG6-AC (Table 7.41) had changed significantly but 
those of the Sn-rich Nbgg and Hf-rich NbsSis phases were almost unchanged. In oxidised 
JG6-AC, the Cr concentration in Nbgg had decreased dramatically with an increase of 
the Nb and Mo concentrations, compared to JG6-AC (see §7.2.5). Furthermore, the 
concentrations of Nb and Sn in NbsSis in the JG6-AC had increased after oxidation at 
800°C, accompanied by a slight decrease of Si content (see §7.2.5 and Table 7.41). How­
ever, the compositions of the phases present in the JG6-HT, namely the Sn-rich Nbgg,
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Figure 7.50 BSE image and X-ray maps from the enclosed rectangle regions in Figure 
7.49(b).
NbsSis, Hf-rich NbsSis and C14 Laves phases (see §7.2.5), did not change significantly 
after isothermal oxidation at 800°C.
7 .3 .3  O xidation  b ehaviour at 1200°C
Nb-24Ti-18Si-5Cr-5Al-2M o (JG3) and Nb-24Ti-18Si-5Cr-5Al-2M o-5H f (JG4)
At 1200°C, spallation of oxide scales during cooling was observed both for the as cast 
and heat treated JG3 and JG4 alloys. Figure 7.51 shows the XRD diffractograms of 
cross sections of the oxide scale and bulk material of the oxidised JG3-AC and JG4-AC 
at 1200°C. The XRD data and SEM observations indicated that the microstructures 
and morphology of the oxide scales formed on JG3 and JG4 were similar. Figure 7.52 
shows the secondary electron (SE) and BSE images of the porous oxide scale formed on 
JG4-HT. The high concentration of pores resulted in the weak adherence of the oxide 
scale and promoted the oxygen diffusion through the scale.
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Figure 7.51 X-ray diffractograms of the cross sections of the oxide scale and bulk material 
of the (a) JG3-AC and (b) JG4-AC after oxidation at 1200°C. The unmarked peaks 
correspond to the specimen holder of the X-ray diffractometer (see Appendix B.l for the 
XRD data of the holder).
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Figure 7.52 SEM images of the cross section of the oxide scale formed on JG4-HT at 
1200°C: (a) secondary electron image (300x) and (b) BSE image (1500x). The black 
phase is silicon oxide and the white phase is Hf-rich oxide.
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According to the EPMA results (Table 7.42) three oxides, namely the Ti2Nbio029 (light 
phase), TiNb0 4  (grey phase) and silicon oxide (black phase), were present in all the scales 
formed on both JG3 and JG4 and Hf-rich mixed oxide (white phase) was also present 
in the oxide scale formed on JG4. Table 7.42 gives the chemical composition of each 
phase, as determined by EPMA. The accurate determination of the oxide composition 
by EPMA was not easy, due to the porous nature of the oxide scales and the fine particle 
size of some oxide constituents. In the oxide scale, the accuracy of oxygen analysis was 
about ±5.2 at.%. The analysis revealed that the ratio of Si to O in the black silicon 
oxide phase was close to the stoichiometry of Si02. The Mo was not detected in the 
oxide scales by EPMA.
Table 7.42 Compositions (at.%) of the phases present in the oxide scales formed on the 
alloys JG3 and JG4 after oxidation at 1200°C. (The accuracy of oxygen analysis was 
about ±5.2at.%.)
Alloy Phase 0 Nb T i Si Cr Al Mo Hf
JG3-AC Ti2N bio029 76.4 18.8 4.1 0.0 0.0 0.7 0.0 -
T iN b 0 4 75.1 7.9 10.4 0.0 3.3 3.4 0.0 -
SiOs 73.0 0.8 0.2 26.1 0.0 0.0 0.0 -
JG3-HT T i2N bio029 74.4 19.1 5.3 0.0 0.2 1.0 0.0 -
T iN b 0 4 73.0 8.6 11.4 0.1 3.3 3.7 0.0 -
S i20s 72.2 1.3 1.6 23.5 0.7 0.7 0.0 -
JG4-AC Ti2N bio029 69.9 18.5 7.6 0.0 0.7 1.5 0.0 1.8
T iN b 0 4 69.5 7.8 13.7 0.0 3.7 3.2 0.0 2.2
S i02 68.8 2.7 2.7 24.9 0.5 0.4 0.0 0.0
Hf-rich oxide 70.7 6.8 5.4 7.1 1.1 1.1 0.0 7.9
JG4-HT Ti2N bio029 72.9 18.9 5.8 0.0 0.4 1.2 0.0 0.7
T iN b 04 71.2 8.0 12.2 0.3 3.6 3.3 0.0 1.4
SiOa 71.6 1.8 1.9 23.9 0.4 0.4 0.0 0.0
Hf-rich oxide 69.1 5.7 5.2 9.6 1.8 1.6 0.0 7.0
The XRD data (Figure 7.51) confirmed the presence of the phases determined by EPMA 
but would also suggest the presence of other oxides. Indeed, according to the XRD 
results, the phases present in the oxide scales formed on JG3-AC and JG4-AC at 1200° C 
consisted of Ti2Nbio02g, Ti2 Nb0 7 , Si02, Ti02 and Nb20s for the former alloy (Figure 
7.51(a)) and Ti2Nbio023, Ti2 Nb0 7 , Si02, Ti02 for the latter alloy for which Nb2 0 5  
and Hf0 2  were also present together with the previous oxides below the oxidised surface
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(Figure 7.51(b)).
The SEM observations of cross sections of the oxidised JG3 and JG4 specimens revealed 
that the core of the specimen had the same microstructure as the as-cast and heat- 
treated alloy (see §7.2.3 and §7.2.4). However, there was formation of diffusion zones 
between the surface and the core of the specimen. Internal oxidation was observed in 
both the JG3 and JG4 alloys at this temperature. Figures 7.53, 7.54 and 7.55 show BSE 
images of cross sections (including the core of the specimen) of the JG3-HT, JG4-AC 
and JG4-HT alloys oxidised at 1200°C.
In the oxidised JG3HT (Figure 7.53(a)), the diffusion zone exhibited two different mi­
crostructures, which are classified as zones I and II. In the diffusion zone I (see Figure 
7.53(b)), the Nb solid solution was converted to a complex mixture of TiO* (black 
phase) and (Nb,Ti,Cr,Mo,Al)0;c (white phase). Large TiOa, particles were also found 
at the interface between the Nbss and 5-3 silicide. No oxygen was dissolved in the 5-3 
silicide phase. In the diffusion zone II (Figure 7.53(c)) and the core of the specimen 
(Figure 7.53(d)), the microstructure consisted of three phases, namely the Nbss, Nb^Sig 
and titanium oxide. However, the volume fraction of titanium oxide in the bullc was 
much smaller than that in the diffusion zones. The titanium oxide formed either at the 
interface between the Nbss and 5-3 silicide or inside the Nbgg. In the diffusion zone II, a 
small amount of oxygen ('^6at.%) was dissolved in the niobium solid solution while the 
5-3 silicide in this region was not oxidised. No titanium segregation in the 5-3 silicide 
phase was found in the oxidised samples, compared with JG3-AC and JG3-HT, in which 
Ti-rich 5-3 silicide phase was present (see §7.2.3).
The microstructures of the JG4 alloy after isothermal oxidation at 1200° C are shown in 
Figures 7.54 for the as cast and 7.55 for the heat treated conditions respectively. In the 
outermost diffusion zone I (Figures 7.54(b) and 7.55(b)), the TiO^, (black phase) was 
formed either inside the niobium solid solution (light grey phase in Figures 7.54(b) and 
7.55(b)) or at the interface between the Nbgg and 5-3 silicide. About ~8at.% oxygen was 
dissolved in the Nbgg. Faceted/bulky Hf02 formed at the interface between the Nbgg and 
5-3 silicide and needle like Hf02 formed inside the 5-3 silicide, sometimes exhibiting a 
lamellar structure. It should be noted (i) that only a small amount of needle like Hf02 
formed in the oxidised JG4-AC, compared to the oxidised JG4-HT and (ii) that Hf rich 
regions were present in the 5-3 silicides at some of their interfaces with the solid solution 
in both the as-cast and heat-treated conditions (see §7.2.4). Thus, it is likely that the 
needle like Hf02 was formed in the prior Hf-rich areas of the 5-3 silicide.
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Figure 7.53 BSE images of the cross section of the oxidised JG3-HT specimen at 1200°C: 
(a) overall view, (b) diffusion zone I, (c) diffusion zone II and (d) core of the specimen. 
The black phase is titanium oxide.
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7.3. Oxidation behaviour 162
SOOum
NbsSis
20pm
Figure 7.54 BSE images of the cross section of the oxidised JG4-AC specimen at 1200°C: 
(a) overall view, (b) diffusion zone I, (c) diffusion zone II and (d) core of the specimen. 
The black phase is titanium oxide and the white phase is HfOg.
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Figure 7.54 (c) and (d)
7.3. Oxidation behaviour 164
m
v . : '
200pm (a)
/
NbsSi.
20pm
Figure 7.55 BSE images of the cross section of the oxidised JG4-HT specimen at 1200°C: 
(a) overall view, (b) diffusion zone I, (c) diffusion zone II and (d) core of the specimen. 
The black phase is titanium oxide and the white phase is Hf0 2 -
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In the diffusion zone II (Figure 7.55(c)), the microstructure of oxidised JG4-HT consisted 
of four phases, namely the Nbgs, 5-3 silicide, Hf0 2  and TiOa,. Like the diffusion zone I 
shown in Figure 7.55(b), the Hf0 2  was found to be either faceted/bulky or needle-like. 
However, in the oxidised JG4-AC (Figure 7.54(c)), the titanium oxide particles were 
absent in the diffusion zone II, there was no Hf oxide formed in the core of the oxidised 
JG4-AC (Figure 7.54(d)) and no needle-like Hf0 2  was observed in the diffusion zone 
II in the oxidised JG4-AC, suggesting that Hf exercised some control over the diffusion 
of oxygen towards the core of the specimen during oxidation at 1 2 0 0 ®C by forming the 
bulky Hf0 2  particles in diffusion zone I.
The microstructure of the core of the oxidised specimen of JG4-AC (Figure 7.54(d)) 
consisted only of Nbgg and 5-3 silicide. However, the microstructure of the core of the 
oxidised JG4-HT (Figure 7.55(d)) contained three phases, namely the Nbgg, 5-3 silicide 
(which exhibited cracking), and Hf0 2 - The needle-like Hf0 2  was formed inside the 5-3 
silicide. Under BSE imaging conditions in the SEM, there were various contrasts at the 
interface between the Nbgg and 5-3 silicide. The dark region in the 5-3 silicide had lower 
Hf content.
Table 7.43 gives the compositions of phases present in the JG4-HT and the core of the 
oxidised JG4-HT. There was no Hf in the Nbgg after oxidation. However, the concen­
trations of the other solutes in the Nbgg were almost unchanged compared to the heat 
treated condition.
Table 7.43 Compositions (at.%) of the phases present in JG4-HT and the core of the 
oxidised JG4-HT (1200°C/100h).
Alloy Phase 0 N b T i Si Or A1 Mo Hf
JG4-HT N b g g - 52.0 26.1 0 . 2 9.3 7.1 3.4 1.9
N b s S i g - 40.3 17.1 35.4 0.4 2 . 2 0 . 0 4.6
Hf-rich NbgSig - 27.2 24.0 35.4 1 . 1 3.1 0 . 0 9.2
Oxidised JG4-HT N b g g 0 . 0 54.0 25.9 0 . 0 9.7 7.0 3.4 0 . 0
N b g S i a 0 . 0 27.5 23.8 35.2 0.9 3.2 0 . 0 9.4
HfOg 71.3 0 . 0 0 . 0 0 . 0 0 . 0 0 . 0 0 . 0 28.7
The accuracy of oxygen analysis was about ±4.5 at.%.
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Nb-24Ti-18Si-5Cr-5Al-2M o-5Hf-5Sn (JG6)
At 1200°C, spallation of oxide scales during cooling, which has been exhibited by the 
alloy JG4-AC and JG4-HT, was not observed for both JG 6 -AC and JG 6 -HT. Figure 7.56 
shows the morphology of the cross section of the oxidised JG 6 -AC alloy. It is readily 
seen that the oxide scale remained adherent to the base metal even though it contained 
macrocracks that were parallel to the scale/alloy interface, as observed in other JG series 
alloys and the KZ series alloys (Zelenitsas and Tsakiropoulos 2006).
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Figure 7.56 Secondary electron image showing the cross-sectional morphology of the 
oxidised JG 6 -AC alloy at 1200°C.
The microstructures and morphologies of the oxide scales formed on JG4 and JG 6  were 
similar. Figure 7.57 shows a BSE image of the oxide scale formed on JG 6 -AC at 1200°C. 
Similar to the Sn-free alloy JG4, the oxide scale was porous and contained numerous 
microcracks. The X-ray diffractograms for the cross sections of the oxide scale and 
bulk alloy of the oxidised JG 6 -AC at 1200°C are shown in Figure 7.58. The XRD data 
suggested the presence of NbsOs, Ti0 2 , Si0 2 , Hf0 2  and TiNb2 0 7  (Ti0 2 -Nb2 0 5 ) in the 
scale formed on JG 6 -AC. Table 7.44 gives the chemical compositions of the oxides, which 
were determined by EDX. The accurate determination of the silicon oxide composition by
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EDX was not easy, because of the porous nature of the oxide scale and the same contrast 
exhibited by the scale and silicon oxide under BSE imaging conditions. Therefore, the 
composition of the silicon oxide is not given in Table 7.44. No Sn-rich oxide was observed 
in the oxide scales formed on the Sn-containing alloy JG 6 . The EDX results in Table 7.44 
suggest that three types of oxides, namely Nb-, Ti- and Hf-rich oxides, were formed in the 
oxide scales of both JG 6 -AC and JG-HT after oxidation at 1200°C. The compositions of 
the Nb- and Ti-rich oxides in the oxidised JG 6 -AC and JG 6 -HT were similar. However, 
the compositions of the Hf-rich oxide in both specimens were quite different. The Si 
concentration of the Hf-rich oxide in the former was ~3.5 times higher than that in the 
latter while the Hf concentration increased significantly, from 8.4 at.% in the former to 
12.1at.% in the latter (Table 7.44). It should be noted that Mo was not detected in the 
oxide scales by EPMA (Table 7.44), as for the alloy JG4-AC and JG4-HT.
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Figure 7.57 BSE image of the oxide scale formed on JG 6 -AC after oxidation at 1200°C 
for 96h. The black phase is either silicon oxide or microcracks.
7.3. Oxidation behaviour 169
* SiO  ^ V HfOj ® TiOg A NbgOg o TiNb^O,
•  aNbgSig © yNbgSij ■ C14-Cr„Nb ♦ Nb,Sn 
o Nb_SiSn_
A O  ^  •
-I r
20 30 40 50 60 70 80 90 100 110 120
2Ô
Figure 7.58 X-ray diffractograms of the JG 6 -AC after oxidation at 1 2 0 0 °C: (a) cross 
sections of oxide scale and (b) bulk material. The unmarked peaks correspond to the 
specimen holder used with the X-ray diffractometer.
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The SEM observations of the cross-sections of the oxidised alloy revealed that the dif­
fusion zones formed in the oxidised JG 6 -AC and JG 6 -HT at 1200°C were simihir but 
different from the diffusion zones observed in the Sn-free alloys. Figure 7.59 shows BSE 
images of the cross section of the alloy JG 6 -AC after oxidation at 1200°C for 96h. Table
7.45 give the compositions of the phases present in the different parts of the cross section 
of oxidised JG 6 -AC and JG 6 -HT specimens. The composition of Hf0 2  in the diffusion 
zone is not given in Table 7.45.
■ (Nb,r»!(Sn,..SUj
Ti nitride
%
20pm
Figure 7.59 BSE images showing the cross section of the JG 6 -AC after oxidation at 
1200°G for 96h: (a) interface between oxide scale and diffusion zone, (b) diffusion zone 
and (c) core of the specimen.
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The Nb content in the NbgSig, which formed at the interface between the oxide scale 
ajid diffusion zone in JG 6 -AC, was <-^ 20% higher than that in the oxidised JG 6 -HT but 
the Ti content in the latter was ~5.7 times that in the former (Table 7.45). The EDX 
analyses showed that the compositions of the phases present in the diffusion zone and 
core of the JG 6 -AG and JG 6 -HT specimens oxidised at 1200°C were basically the same. 
Furthermore, the phase compositions in the core of both specimens were close to those 
in the alloy JG 6 -HT.
The (Nb,Ti)5 (Sni_a:Sia; ) 3  phase was formed in the diffusion zones of JG 6 -AC and JG 6 - 
HT after oxidation at 1200°G (Table 7.45). Furthermore, the NbgSn phase was formed 
at the interface between the oxide scale and diffusion zone in JG 6 -AG but not in JG 6 - 
HT. The (Nb,Ti)5 (Sni_a,Siæ) 3  and the NbsSn phases were absent in the core of the 
specimens. In the oxidised JG 6 -AG, the composition of the (Nb,Ti)5 (Snx_a:Sia; ) 3  at the 
interface was close to that in the diffusion zone. However, in the oxidised JG 6 -HT, the 
(Nb,Ti)5 (Sni-.7;Sia; ) 3  that formed at the interface had a higher concentration of Si and Or 
but a lower concentration of Sn, compared to that formed in the diffusion zone. Instead 
of TiO?, which was observed in JG4-AG and JG4-HT, a nitride phase of a stoicliiometry 
corresponding to TiN was formed in the diffusion zones of JG 6 -AC and JG 6 -HT at 
1200°G (shown as black phase in Figures 7.59(a) and 7.59(b)). The identification of the 
TiN phase in the diffusion zones was based solely on WDX data. It should be noted 
that the TiN, (Nb,Ti)5 (Sni_a;Sia; ) 3  and NbgSn phases were not formed in the JG 6 -AC 
and JG 6 -HT after oxidation at 800°C.
According to the XRD data (Figure 7.58), the NbgSngSi phase was identified in the 
oxidised alloy. The Nb5 Su2 Si and NbgSis arc isomorphous and have the t/32 crystal 
structure (JGPDS card No. 24-813 and [Schlesinger et al. 1993]). Since there is limited 
experimental data on the Nb-Si-Sn ternary system, our results would suggest that the 
(Nb,Ti)5 (Sni_3;Sia; ) 3  phase, which was identified by EDX only in the oxidised alloy JG 6  
at 1200°C, is based on the ternary NbgSngSi phase, which probably has a wide range of 
Si and Sn solubilities.
Figiue 7.59(c) shows that the microstructiue in the core of the JG 6 -AC specimen oxidised 
at 1200°C consisted of the Nbgg, NbgSig and Laves phases. Internal oxidation, which 
was exliibited by the alloy JG4-AC and JG4-HT after isothermal oxidation at 1200°G, 
was not observed in the core of the oxidised JG 6 -AC and JG 6 -HT specimens. Compared 
with the as cast alloy JG 6 , no Sn-poor Nbgg was present in the oxidised JG 6 -AG. The 
results indicated that the solubility of Sn in the niobium solid solution was up to 10.6
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at.% at temperatures above 1200°C. It should be noted that the Si solubility in the 
niobium solid solution was increased with increasing the Sn concentration (Appendix 
A.4). The solubilities of Mo in the NbgSn and (Nb,Ti)5 (Siii_a;Sia; ) 3  phases were 10.2 
at.% and 2.3 at.%, respectively. However, there was no Mo dissolved in the 5-3 silicide 
in the as cast, heat treated and oxidised conditions (see Table 7.45). Furthermore, the 
NbgSn phase was not formed in JG 6 -HT after exposure at 1200°0.
7.4 D ensity
The densities of the alloys in as cast and heat treated conditions aie given in Table
7.46 and Figure 7.60. These were measured using the Archimedean principle (see §6.2.6, 
page.85).
Table 7.46 Measured densities of all the studied alloys
Alloy composition Condition Density (g/cm^)
Nb-18Si-5Cr-5Al-5Mo (JG l) As cast 7.68
As cast +  1500°C/100h 7.57
As cast +  1500°C/200h 7.64
Nb-24Ti-18Si-5Cr-5Al-5Mo (JG2) As cast 6.59
As cast +  1500°C/100h 6.58
Nb-24Ti-18Si-5Cr-5Al-2Mo (JG3) As cast 6.61
As cast -1- 1500°C/100h 6.55
Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf (JG4) As cast 6.94
As cast 4 - 1500°C/100h 6.91
Nb-18Si-15Cr (JG5) As cast 7.71
As cast +  1 0 0 0 °C /1 0 0 h 7.72
As cast -f 1500°C/100h 7.67
Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf-5Sn (JG 6 ) As cast 6.96
As cast 4- 1300°C/100h 7.01
As cast 4- 1500°C/100h 6.91
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Figure 7.60 The densities of the alloys studied in this work.
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Discussion
8.1 Alloy microstructures
8 .1 .1  T h e  la ttic e  p aram eter o f n iob iu m  solid  so lu tion  in  th e  alloys
As discussed in chapter 6 , X-ray diffraction data were used to calculate the lattice 
parameters of the Nbgs in each alloy. The lattice parameter a of the bcc niobium solid 
solution was determined using the relation a = dy/{h^ +  +  Z^ ), where h ,k ,l  represent
plane indices (see Equation 6.2, page.81). The corrected value of lattice paiameter was 
then estimated from the Nelson-Riley plot. The lattice parameters of the bcc niobium 
solid solution in all alloys are listed in Table 8.1.
The atomic radii of the pme Nb, Ti, Si, Cr, Al, Mo, Hf and Sn are 1.47, 1.47, 1.17, 
1.30, 1.43, 1.40, 1.59 and 1.58 Â, respectively (Gale and Totemeier 2003). Therefore, 
it is noted that Mo, Cr, and Al dissolved into Nbgs probably contract the Nbgg lattice, 
considering only the size effect of substitutional atoms for Nb. Thus, the contracted 
Nbgg lattice in alloys studied in tliis work is attributed to the substitutions of Mo, Cr, 
Al and Si for the larger Nb atom in the solid solution.
The lattice parameter of the Nbgg in JGl-AC was larger than the lattice parameter of 
Nbgg in JG2-AC and JG3-AC and smaller than that of the pure niobium, as it would be 
expected given the solutes of the three alloys (see Appendix A.3, page.207). Furthermore, 
in the alloys with the same Ti content but different Mo concentrations (JG 2  and JG3), 
the lattice parameters decreased with increasing Mo concentration.
177
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Table 8.1 The lattice parametersi of the bcc Nbgg in all the alloys studied in this work
Alloy composition Condition Lattice parameter (Â)
Nb-18Si-5Cr-5Al-5Mo As cast 3.260
As cast 4 - 1500°C/100h 3.272
As cast +  1500°C/200h 3.278
Nb-24Ti-18Si-5Cr-5Al-5Mo As cast 3.236
As cast 4 - 1500°C/100h 3.245
Nb-24Ti-18Si-5Cr-5Al-2Mo As cast 3.251
As cast 4 - 1500°C/100h 3.259
Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf As cast 3.240
As cast 4- 1500°C/100h 3.258
Nb-18Si-15Cr As cast 3.265
As cast 4 - 1000°C/100h 3.290
As cast -f- 1500°C/100h 3.279
Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf-5Sn As cast 3.267
As cast 4- 1300°C/100h 3.314
As cast 4 - 1500°C/100h 3.296
* The lattice parameter of the pure Nb is 3.303Â(JCPDS 34-370).
The difference in the lattice parameter of the Nbgs in JG 2 -AC and JG3-AC is attributed 
to the lower Mo content of the latter alloy. The difference in the lattice parameters of 
JGl-AC and JG2-AC is attributed to the Ti content and the slightly higher Cr and Al 
contents of the Nbgs of JG 2 .
The results showed that the lattice parameter of the Nbgg in the JG 6 -HT was slightly 
larger than that of the pure niobium. Since the alloying element Sn preferentially parti­
tioned to the niobium soHd solution rather than other intermetallic phases (see §7.2.5 and 
Appendix A.4), such increase of the lattice parameter of the Nbgg would be attributed 
to the addition of Sn, which has a larger atomic radius than the pure Nb.
For each alloy studied, the lattice parameter of the Nbgg increased after the heat treat­
ment/s signifying the redistribution of solutes between the Nbgg and the intermetallic 
phases and in particular the reduction in Si content (see Appendices A.3 and A.4). Since 
Si forms covalent bonds with Nb (Kim et al. 2004), the lattice parameter of the Nbgg 
could also be reduced considerably by a small substitution of Si.
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8.1 .2  T h e T i and M o effects on  th e  m icrostructure
The effects of Ti and Mo additions on the microstructure of niobium silicide base in 
situ composites can be appreciated by comparing the alloys JG l, JG2 and JG3. The 
tlu’co alloys studied in this work arc classified as hyper-eutectic Nb silicide base in situ 
composites as the NbsSis phase was present in their as solidified microstructure. The 
NbsSia that formed in all the as cast alloys was the tetragonal D8 m. WgSiy-type /^NbgSiy, 
see Figures 7.3, 7.10 and 7.16. After heat treatment at 1500°C for lOOh, this phase had 
completely transformed to the tetragonal D8 ( aNbsSis in JG l, but this transformation 
was not completed in the alloys with 24 at.% Ti addition. In the binary Nb-Si system 
the /^NbsSis is stable only in the temperature range ~1650 to 2520°C (Kocherzhinskii 
et al. 1980). Therefore, our experimental data would suggest that the presence of Ti in 
JG 2  and JG3 stabilised the ^dNbgSig to lower temperatures. Comparison of the alloy 
JGl-HT, the microstructure of which contained a small volume fraction of NbgSi after 
the heat treatment at 1500°C for lOOh, with the alloys JG2-HT and JG3-HT, shows that 
the addition of Ti in the latter two alloys had enhanced the eutcctoid decomposition of 
NbgSi to Nbgg and aNbgSis considerably. Given that Ti stabilises the NbgSi to lower 
temperatures, this result would indicate enhanced diffusivity at 1500°C, probably due 
to the higher homologous temperature for JG2-HT and JG3-HT. The hexagonal TigSia 
and the hexagonal q-Nb^Sig (metastable 5-3 silicide stabilised by interstitials) phases did 
not form in these three alloys.
The Nb-Si-Cr ternary system (Goldschmidt and Brand 1961b, Shao 2005) was used to 
analyse further the experimental data about phase selection obtained in alloy JG l by 
considering selected elements as equivalent. The Nb and Mo were considered as equiv­
alent and, similarly, Si and Al were treated as equivalent on the basis of structural 
relationship and site occupancy (Shao 2004; 2005). Figure 8 . 1  shows the 1500°C isother­
mal section of the Nb-Si-Cr ternary system (Shao 2005). In the ternary phase diagram, 
the alloy JG l is located very closely to a two-phase field containing Nbgg and oNbsSig.
Figiue 8 . 2  shows the Scheil condition (non-equilibrium) and equilibrium solidification 
paths of JG l, which were calculated using a CALPHAD database of the Nb-Si-Cr-Mo-Al 
system. Under the non-equilibrium condition (Scheil model [Scheil 1942]), solidification 
of alloy JG l began by the formation of primary /^Nb^Sig and then the reaction L 
/3 NbsSi3  -f- Nbgg occurred as the liquid composition changed. At ~1797°C, the C14 
Laves phase was formed in the region surrounded by l^NbgSig and Nbgg. Subsequently, 
there followed the eutectic L —» Nbgg 4 - NbsSi until solidification was completed. The
8.1. Alloy microstructures 180
1500 °C
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(Cr. NbUjSig
(Cr. Nb)„Sie
(Nb)
X(Nb)
Figure 8.1 The 1500°C isothermal section of the Nb-Si-Cr system (Shao 2005). The 
closed square shows the nominal composition of JG l, considering Nb and Mo as equiv­
alent as well as Si and Al.
calculated solidification is largely consistent with the microstructure of JGl-AC shown 
in Figures 7.1 and 7.2. It should be noticed that the transformation from /ilNb^Sig to 
oNbgSis was delayed in JGl-AC due to the rapid coohng rate experience by the melt in 
the production of the alloy.
The equilibrium solidification path in Figure 8.2(b) suggests that the equilibrium mi­
crostructure contains only two phases, aNbgSig and Nbgs, which is in agreement with 
the observed microstructure in JG1-HT2 (Figure 7.9, page.98). Thus, it is concluded 
that the alloy JG l had reached full equilibrium after the 1500°C/200h heat treatment.
The formation of (Nb,Ti)aSi and of (Nb,Ti)sSi3  in JG2 and JG3 can be explained on 
the basis of the phase equilibria of the Nb-Si, Ti-Si and Nb-Ti-Si systems. In the two 
binaries there exist the isomorphous phases NbsSi and Ti3 Si and in the ternary the 
eutectic valley extends from the former to the latter phase and alloying Nb-Si with Ti 
leads to a decrease of melting temperature. The 5-3 silicides of the two binaries are 
not isomorphous. Our results have shown that the 5-3 silicide of the Nb-Si system has
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Figure 8,2 Calculated solidification path under (a) Scheil conditions and (b) equilibrium. 
The calculation was carried out using a CALPHAD database of the Nb-Si-Cr-Mo-Al 
system.
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considerable solubility for Ti which is at least as high as 30.3 at%.
During solidification the Mo partitioned mainly to the Nbgg and the NbgSi phases and 
to the Nbgg during heat treatment. In the latter case the Mo content of the Nbgg was 
not affected by the presence of Ti in the constitution of the alloy.
In the as cast condition, the concentrations of Cr and Al in the NbgSi were not affected 
by the Mo content of the alloys and the alloying of JG2 and JG3 with Ti. However, in 
the as cast JG l and JG 2 , where the Mo concentration was the same, the concentrations 
of Cr and Al in the Nbgg depended on the presence of Ti. In JG2 and JG3 (alloys contain 
Ti) the Al content of the Nbgg was not affected by the concentration of Mo in the alloys. 
It is known that Al at concentrations >5at% stabiUses the formation of the C14 Laves 
phase in the Nb-Cr-Al system (see §2 .1 2 , page.32). The formation of the Laves phase at 
the interface between Nbgg and the 5-3 silicide in JG l is attributed to the partitioning 
behaviom of Cr and Al, which seems to be affected by the presence of Ti and Mo in Nb 
silicide based in situ composites.
The composition of the Laves phase formed in JGl-AC corresponds fairly well to the p 
phase reported by Goldschmidt and Brand (1961b), which replaces the cubic CIS Laves 
phase GrgNb at a Si content of 2.5 at.% and has a considerable solubility for Nb, Cr and 
Si. Thus, our data has confirmed that Si and Al stabihze the C14 Laves phase in the as 
solidified microstructure, instead of the C15 Laves phase, which is the low temperature 
Laves in the Nb-Cr system. Fm'thermore, the solubihty of Mo in the C14 Laves phase is 
about 1.6at%. The absence of Laves phase formation in JG 2  and JG3 would suggest that 
Ti suppresses the formation of C14 Laves phase in the presence of Mo<5at.%, Cr<5a.t.% 
and Al<5at.%.
The addition of Ti in JG 2  and JG3 increased the solubility of Al and Cr in the Nbgg. 
In the equihbrium microstructures of the three alloys, the Si concentration in the Nbgg 
was the same and below 1  at.%, regardless of whether Ti was present or not in the 
alloy and the Mo concentration in the alloy. The concentration of 0.7 at.% Si in Nbgg 
is in agreement with other work on Nb silicide based in situ composites (Mendiratta 
et al. 1991, Mendiratta and Dimiduk 1993, Bewlay et al. 1996, Subramanian et al. 1997, 
Zelenitsas and Tsakiropoulos 2005).
The concentration of Al in the 5-3 silicides, which varied between 3 and 4 at.% (see 
Appendix A.3, page.207), did not change significantly by heat treatment and by the 
change in Mo concentration and regardless of whether Ti was present or not in the aUoy.
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However, the presence of Ti in the constitution of the JG2 and JG3 alloys did have an 
effect on the Cr concentration of the 5-3 silicides, which increased during heat treatment.
8.1 .3  T h e  H f and Sn effects on  th e  m icrostructure
The effects of Hf and Sn additions on the microstructure of niobium silicide base in .situ 
composites can be appreciated by comparing the alloys JG3, JG4 and JG 6 . Like alloy 
JG3, the JG4 and JG 6  alloys could also be classified as hyper-eutectic alloys, owing to 
the existence of the blocky NbsSis phase in the as cast microstructures. The Si contents 
in the JG4-AC and JG 6 -AC varied from 17.3 to 2 0 . 0  at.% and from 16.9 to 19.9 at.%, 
respectively (Tables 7.20 and 7.25). Considering that the eutectic composition in the Nl> 
Si binary system is Nb-18.7a.t.%Si (Massalski et al. 1990) or Nb-17.5at,%Si (Schlesinger 
et al. 1993), it is concluded that probably the additions of Hf and Sn in the Nb-silicide 
base in situ composite lower the Si content of the eutectic.
Addition of 5at.% Hf in the Nb-24Ti-18Si-5Cr-5Al-2Mo alloy (JG3) changed the mi­
crostructure significantly. The formation of the eutectic between (Nb,Ti)gg and NbgSi 
observed in JG3 was suppressed by the Hf addition and the formation of the Si-rich C14 
Laves phase was promoted. According to Yang ct al. (2003), NbgSi formation is to bo 
expected in the as solidified microstructure of the Nb-16Si-5Hf and Nb-19Si-5Hf alloys 
where the Nbgg and NbgSi are the primaiy phases in the two alloys respectively and the 
Hf-rich NbsSis is predicted to form at the later stages of solidification. The NbsSi also 
forms in Nb-silicide base in sitii composites with Ti addition /without the presence of 
Hf (Zelenitsas and Tsakiropoulos 2005). As discussed in §7.2.1 7.2.3, the NbgSi phase 
was present in all the as solidified microstructures of the Hf-free alloys Nb-18Si-5Cr-5Al- 
5Mo (JG l), Nb-24Ti-5Cr-5Al-5Mo (JG2) and Nb-24Ti-18Si-5Cr-5Al-2Mo (JG3). This 
would suggest that the Hf addition destabilises the NbgSi phase in Nb-24Ti-18Si-5Hf 
with 5at.% addition of each of Cr and Al and 2at.% addition of Mo.
In JG4-AC, there was Hf segregation in the Nb^Sig phase and the Hf concentration in the 
Hf-rich regions was more than double that in the NbsSis (see Appendix A.4, page.208). 
The Ti and Si contents in the former were higher than those in the latter. However, 
the concentration of Nb in the Hf-rich NbsSis was ~31% lower than in the NbsSis. 
Compared to the EPMA data for the as cast Nb-24Ti-18Si-5Cr-5Al-2Mo (JG3-AC), it 
is noted that (i) the concentrations of Ti, Si, Cr and Al in the NbsSis phase did not 
change significantly by alloying with Hf and (ii) in the Hf-rich NbsSis the Ti, Cr and 
Mo concentrations decreased and the Si concentration increased compared to the Ti-rich
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NbsSis in JG3-AC. Considering that in the presence of Hf the Nb content in the NbsSis 
was reduced and Mo was rejected by this phase, it is concluded that in the 5-3 silicide 
the Hf substitutes for Nb and not other solutes.
The Al, Si and Mo concentrations in the niobium solid solution in JG4-AC were similar 
to those in JG3-AC (Tables 7.15 and 7.22). The concentrations of Ti and Cr in (Nb,Ti)gs 
had been reduced by ~  13% and 11% respectively in the presence of Hf. The reduction 
in the Cr concentration is attributed to the formation of Si-rich C14 Ci‘2 Nb Laves phase 
in JG4-AC. The Si, Cr and Al contents of the C14 Laves phase, which were 8.3at.% Si, 
41.6at.% Cr and 3.5at.% Al, were slightly lower than those in the C14 Laves formed in 
the as solidified microstructure of the Nb-18Si-5Cr-5Al-5Mo alloy (JGl-AC). The data 
for JGl-AC and JG4^AC would thus suggest that the solubility range of Si in the Si-rich 
C14 Laves phase formed in alloys of the Nb-Ti-Si-Cr-Al-Mo-Hf system is approximately 
6 . 6  to 10.5 at.%.
Considering that Cr, Si, Al and Sn occupy the B sites of the AB2 (NbCi2 ) Laves struc­
ture, in the JG4-AC and JG 6 -AC alloys the concentration range for B was 47.2 to 59.3 
at.% compared to 56.4-59.7 at.% for JGl-AC owing to the lower concentration ranges 
of Cr, Si and Al in the C l4 Laves phase in the alloys of this study. This is attributed to 
the presence of Hf in these alloys. Thus, the concentration of the elements Ti, Hf and 
Mo, which occupy the A sites of the ABg (NbCi'2 ) Laves structure, was ~46.6 at.% in 
JG4-AC and JG 6 -AC, which is higher than in alloy JG l (Appendices A.3 and A.4) and 
the Nb solubility range (32 to 37 at.%) in the NbCr2  (Bejarano et al. 1993). In JG 6 -HT 
the concentration of these elements in the C14 Laves phase was shifted to ~39 at.%, 
very close to the limit of the solubility range of Nb in NbCr2 . This was also the case for 
the C14 Laves phase in JG l-H T and the KZ alloys (Zelenitsas and Tsaldropoulos 2005).
Compared to the KZ alloys (Zelenitsas and Tsaldropoulos 2005), the Cr and Si and Al 
concentration ranges in the C14 Laves phase exhibited different behaviour, with Cr and 
Si in JG l, JG4 and JG 6  being lower than in the KZ alloys and the Al concentration 
being higher. This effect is attributed to the presence of both Mo and Hf in the JG series 
of alloys. The results of Zelenitsas and Tsakiropoulos (2005) and this work would thus 
suggest that Ta (present in the KZ6  and KZ8  alloys [Zelenitsas and Tsakiropoulos 2005]) 
and Mo and Hf (present in alloys JG l, JG4 and JG 6 ) have opposite effects regarding 
the concentration ranges of Cr, Si and Al in the C14 Laves phase.
The microstructure of the alloy JG4 after heat treatment at 1500°C for lOOh consisted 
only of niobium solid solution and the NbsSis silicide. The Si-rich C14 Laves phase was
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not present, which suggested that in the presence of Hf the Si-rich C14 Laves phase is 
not stable at this temperature. The Hf-rich NbsSis phase was still present in JG4-HT. 
The concentrations of all the solutes in this phase were almost unchanged, compared to 
the as cast alloy (Appendix A.4, page.208). The Ti, Al and Cr concentrations in the 
NbsSis phase had decreased slightly after heat treatment while the concentration of Si 
had increased from 32.8 to 35.4 at.%. The Si content was shghtly higher than in the 
Hf-free alloy JG3-HT (32.0at.%, see §7.2.3). This provides further support that the Hf 
substitutes for the Nb site in the NbsSis and would suggest that with Hf addition the 
Si concentration in the NbsSis shifts closer to the stoichiometric composition of the 5-3 
silicide.
In JG4, the concentration of Si in the ( N b , T i ) s s  had decreased to 0 .2 at.% after heat 
treatment, as would be expected from the Nb-Si binary phase diagram (Massalski et al. 
1990, Schlesinger et al. 1993). The EPMA results (Table 7.23, page. 118) revealed that 
during heat treatment the Al, Cr and Mo partitioned mainly to the ( N b , T i ) g g .  Com­
pared to alloy JG3-HT, the Cr and Al contents in the ( N b , T i ) s s  increased slightly with 
Hf alloying while the Mo concentration was almost unaffected by the presence of Hf. 
Furthermore, in the presence of Hf in the alloy, the volume fraction of the (Nb,Ti)gg 
phase increased by -^9% and 17% in the as cast and heat treated alloys, respectively 
(see Appendix A.l, page.206). The suppression of the eutectic reaction L —>■ Nbgg 4 - 
NbsSi in the solidification of JG4 (see §7.2.4) could have contributed to the increase of 
the volume fraction of ( N b , T i ) s g .
In the as cast Nb-24Ti-18Si-5Al-5Cr-5Hf-5Sn-2Mo (JG 6 ) alloy, the micro-segregation of 
Si, Ti, Cr and Sn was particularly strong in the ( N b , T i ) s g  phase (Table 7.27, page. 123). 
In the solid solution that was formed in JG 6 -AC there was a part that was poor in Sn 
and when considering the Ti, Cr, Si, Al concentrations, had a composition corresponding 
to the Ti-rich ( N b , T i ) g s  reported by Zelenitsas and Tsakiropoulos (2005) and another 
part, sometimes surrounded by the Sn-poor solid solution, that was rich in both Sn and 
Si and with lower Ti and Cr concentrations. The Ti, Cr and Al concentrations in the 
Sn-poor solid solution were higher than those in the ( N b , T i ) s g  in JG4-AC. The Mo and 
Hf concentrations in both the Sn-poor and Sn-rich (Nb,Ti)gg were almost the same. The 
Si concentration in the Sn-rich ( N b , T i ) g g  was 4.6at.% Si, about three times that in the 
Sn-poor ( N b , T i ) s g .  The Ti and Cr concentrations in the Sn-poor solid solution were 
about 43% and 239% higher than in the Sn-rich solid solution, respectively.
The compositions of the Nb^Sig and Si-rich C14 Laves phases did not change significantly
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in the presence of Sn, compared to the JG4-AC alloy. The EPMA results for JG 6 -AC 
confirmed that during solidification the Sn preferentially partitioned to the niobium solid 
solution rather than other intermetallic phases. The Ti solubility in the NbsSis increased 
slightly by alloying with Sn compared to JG4-AC (no Sn present). The Hf rich regions 
of NbsSis in JG 6 -AC were richer in Al compared to JG4-AC. As shown in Figure 7.29 
(page. 124), the microstructures in the bottom and centre of the JG 6 -AC alloy ingot 
consisted of primary NbsSis and the ( N b , T i ) a s ,  and Si-rich 014 Laves phases. The Laves 
phase was formed m the region surrounded by NbsSis and ( N b , T i ) s s .  It is suggested 
that in these regions the solidification path was: L —> L NbsSis —> L +  NbsSis +  
( N b , T i ) s s  — ^ NbsSis - f  ( N b , T i ) g g  +  Laves. There was no evidence of the formation of the 
Si-rich C14 Laves phase near the top surface of the as cast ingot. Since there was only 
a slight variation of the concentration of the elements with position in the ingot (Table 
7.25, page. 122), it is concluded that the formation of the Laves phase in JG 6 -AC is very 
sensitive to cooling rate.
After heat treatment at 1300°C for lOOh, the microstructure of JG 6 -HT comprised the 
Sn-rich ( N b , T i ) g s ,  and the NbsSis and Si-rich C14 Laves phases. As discussed in §7.2.5, 
large blocky 5-3 silicide and coarsened Laves phase were distributed in the niobium solid 
solution matrix. Homogenization of the niobium solid solution had taken place during 
heat treatment vdth only the Sn-rich sofid solution remaining. In the solid solution 
the Al, Cr and Ti concentrations had increased and the Hf and Si concentrations had 
decreased compared to JG 6 -AC. Hf-rich regions in 5-3 silicide were still present and these 
were richer in Hf compared to JG4-HT. EDX analyses (Table 7.28, page. 127) revealed 
that during heat treatment Sn and Al partitioned mainly to the (Nb,Ti)gg and Cr difliised 
to the Laves phase. There was still 9.7 at.% Sn dissolved in the (Nb,Ti)gg, almost at 
the same level as in the as cast microstructure. The Si concentration in the (Nb,Ti)gg 
was 3.4at.%, significantly higher than the low equihbrium sofid solubility of Si in Nbgs 
(below lat.%) expected from the Nb-Si binary phase diagram (Massalski ct al. 1990, 
Schlesinger et al. 1993) and observed in the JG l, JG2 and JG3 alloys (§7.2.1-7.2.3) and 
the Ta-free KZ alloys (Zelenitsas and Tsakiropoulos 2005). It is concluded that the Sn 
addition increases the Si solubility in the niobium solid solution considerably. Compared 
to alloy JG4-HT, the Cr content in the ( N b , T i ) s s  had decreased by 44%. This is mainly 
attributed to the formation of the Si-rich C14 Laves phase.
The Cr and Ti concentrations in the Si-rich C14 Laves had significantly changed after 
heat treatment at 1300° C for lOOh. Compared to the as cast alloy, the Cr content had 
increased by 20% whilst the (Nb-f-Ti) concentration had decreased by 17% to approach
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the “ideal” full sub-lattice occupancy of 1/3, accompanied by a slight increase of the Si 
content. The changes of phase morphology and composition of the C14 Laves after heat 
treatment at 1300°C for lOOh indicated that the addition of Sn to the alloy stabilised 
this phase at this temperature.
Similar to alloy JG4, the Nb concentration in the Hf-rich regions of Nb^Sig was much 
lower than in the NbsSis and the opposite was the case for Hf and Ti (Appendix A.4, 
page.208). In JG 6 -HT, the Nb content in the Hf-rich regions was 16% lower than the 
Ti content. Since XRD provided no evidence of the existence of the TigSig and HfgSig 
silicides (Figures 7,22, 7.26, 7.28 and 7.32), which are isomorphous and have the hexag­
onal hP16 crystal structure (Villars and Calvert 1991), it is concluded that the Hf-rich 
regions of the 5-3 silicide in both JG4 and JG 6  alloys were the Nb^Sig phase.
According to the EPMA results (Appendix A.4, page.208), the composition of the NbgSig 
phase did not change significantly by the addition of Sn. The Nb concentration in the Hf- 
rich regions decreased by 16% with a slight increase of the Ti, Hf and Al concentrations, 
compared to the JG4-HT alloy. Considering that the Si content in the NbgSig was 
almost unchanged, it is concluded that the Ti and Hf substituted for Nb sites in the 
NbgSig. Since Sn mainly partitions to the niobium solid solution, it is concluded that 
the structure of the NbgSig phase is mainly affected by the Hf addition.
As discussed in §7.2.4 and §7.2.5, XRD suggested the existence of a-, d- and "y-NbsSig in 
the JG4 and JG 6  alloys. However, in the Hf-free alloys studied in this work (JG l, JG2 
and JG3) the 'yNbsSig, which is a metastable 5-3 silicide and has a hexagonal (MiisSig) 
structure (Schlesinger et al. 1993), was not formed. It is therefore concluded that the 
5at.% Hf addition to the Nb-24Ti-18Si-5Cr-5Al-Mo in situ composites stabilises the 
'yNbsSig phase. Furthermore, it is suggested that the Hf-rich regions in the 5-3 silicide 
correspond to the 'yNbsSig.
8.2 Oxidation behaviour
8.2 ,1  O xid ation  k in etics
The addition of Ti to JGl-AG, which suppressed the formation of the Laves phase in 
JG2-AC and reduced the volume fraction of Nbss by 15.6% (see Appendix A .l, page.206), 
was not accompanied by a change in oxidation kinetics at 800° C but brought a reduction
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in the linear oxidation rate by 70% (Table 7.38, page. 144), and confirmed (i) the crucial 
role played by the sofid solution in the oxidation of Nb-silicide base in situ composites 
and (ii) that significant improvements in oxidation rate at 800° C can be achieved without 
the presence of Laves phase in the alloy microstructure. The linear oxidation kinetics of 
the alloys would suggest that as the oxide scale thickened, it developed cracks or lifted 
away from the alloy partially or completely, and that it did not provide an effective 
barrier to oxygen ingress towards the alloy as oxidation progressed.
The reduction in the concentration of Mo in JG3-AC compared to JG2-AC brought a 
change in oxidation kinetics at 800° C from linear to parabolic and a further improvement 
in oxidation behaviour (Figure 7.43(a), page. 142) even though there was a 5% increase 
in the volume fraction of Nbgg, thus confirming that the actual concentration of Mo in 
the alloy does play a key role in the oxidation of Nb-silicide base in situ composites. 
The addition of Hf in JG4-AC did not change the oxidation kinetics at 800° C but the 
parabolic oxidation rate constant increased by <^90%. In JG4-AC the Hf0 2  was not 
found in the oxide scale and diffusion zone. In JG4-AC the NbgSi silicide was not 
formed compared to JGl-AC, JG2-AC and JG3-AC, the volume fraction of the Nbgg 
increased by -^11% compared to JG3-AC and the Laves phase was present, thus again 
confirming the key role of the Nbgg in the oxidation of the alloys.
In the heat treated JG3 (no Hf present) and JG4 (Hf present) alloys, where the volume 
fractions of the Nbgg had increased by 31.5% and 30.6% respectively compared to the as 
cast alloys (see Appendix A .l, page.206), there was a change of the oxidation kinetics 
at 800° C from parabolic to linear and the linear oxidation rate constant of JG-4HT was 
increased by 25% compared to JG3-HT. Furthermore, the linear oxidation rate constants 
of JG3-HT and JG4-HT at 800°C had increased by 40% and 75% respectively compared 
to JG2-AC, but were still lower than JGl-AC. The data for the heat-treated alloys 
pointed out that the beneficial effect of the reduction of the Mo concentration on the 
oxidation behaviour of the as cast alloys is lost by heat treatment, and confirmed the 
dominance of the Nbgs and the marginal role of Hf in the oxidation behaviour of the 
alloys at 800° C.
Addition of Hf in JG4-AC reduced the linear oxidation rate constant by 45% after 56h 
isothermal oxidation at 1 2 0 0 °C compared to JG3-AC. For the heat treated JG4 there 
was a change in oxidation kinetics from linear to parabolic after 24h at 1200°C, by which 
time there was a reduction in the linear oxidation rate constant for JG3-HT. Since the 
increase in the volume fraction of Nbgg in JG3-HT and JG4-HT was almost the same
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(~31%) compared to the as cast alloys, and the volume fraction of Nbgg in JG4-HT was 
higher than in JG3-HT, the data for the isothermal oxidation of JG3-HT and JG4-HT 
at 1200°C would suggest that Hf might play a more important role in the oxidation of 
the alloys at this temperature compared to 800“C.
Alloying JG 6  with Sn caused a reduction of the parabolic oxidation constant by ~  
64% at 800“ C for the as cast condition compared to JG4 and a further reduction by ~  
28% for the heat treated condition of JG 6  (Table 7.38, page. 144). As shown in Figure 
7.43(b) (page. 142), the alloys JG4-AC and JG 6 -AC and JG 6 -HT exhibited breakaway 
oxidation at 800“C, and the addition of Sn in JG 6  did have an effect on this phenomenon, 
particularly for JG 6 -AC where brealcaway oxidation did not occur as often as for JG 6 - 
HT. Furthermore, in the case of the alloy JG4-AC the brealcaway oxidation weakened 
after 35h and deteriorated further after 70h (see Figure 7.43(b)). During the first 69h 
of oxidation, the weight changes of JG 6 -AC and JG 6 -HT were almost identical (Figure 
7.43(b)). After that time, the weight gain of JG 6 -AC exceeded slightly that of the 
latter. This behaviour is different compared to all the non-Sn containing JG series 
alloys during isothermal oxidation at 800“C, where in the heat treated condition the 
alloys always exhibited inferior oxidation behaviour compared to their as cast condition. 
Thus, alloying with Sn not only improved oxidation performance at 800“ C compared to 
the Sn-free JG4 alloys, but also lead to an improvement of oxidation particularly for the 
heat treated condition. Furthermore, the weight gain of the Sn-free JG4-HT was r.^ 28 
times larger than that of the JG 6 -HT after exposure to static air for 94h.
At 1200“C, the alloys JG4-AC and JG 6 -AC exhibited better oxidation behaviour com­
pared to their heat treated condition, as for the other JG series alloys (see §7.3.1). 
The linear oxidation rate constant of the JG4-AC changed from 4.4xl0~^g-cm“^-s“  ^ to 
2.4x10“  ^ g-cm“ ^-s~^ after 56h exposure at 1200“G whilst the rate constant of JG 6 -AC 
was unchanged (Table 7.38). Compared to the Sn-free alloy JG4-AC, the linear oxida­
tion rate of JG 6 -AC was reduced by ~37% during the first 56h of exposure at 1200“C 
(Table 7.38). For the heat treated JG4 and JG 6  alloys, there was a change in oxidation 
from linear' to parabolic. During the initial linear oxidation, the oxidation rate of the 
Sn-containing JG 6 -HT alloy was ~22% lower than that of the Sn-free JG4-HT alloy. 
After the change of oxidation kinetics, the parabolic oxidation rate of the former was 
~46% lower than that of the latter. The data thus suggested that alloying with Sn has 
a beneficial effect on the oxidation behaviom of both as cast and heat treated alloys at 
high temperature.
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8 .2 . 2  P e s t  o x id a tio n  b e h a v io u r
Pest oxidation is a dramatic oxidation phenomenon observed in intermetallic alloys and 
leads to disintegration of a susceptible compoimd or alloy into small particles or powder 
(Aitkcn 1967). The NbgSi and NbsSig intcrmctallics suffer from post oxidation at 800“C 
and 1200“C in static air, where they disintegrate completely into powder in less than 24h 
(Vellios and Tsaldropoulos 2005). The Nb-24Ti-18Si alloy pests at 800“0  but additions 
of Cr or A1 either alone or together, each at 5at.% concentration, change the oxidation 
behaviour from pesting to one where strongly or weakly adhering thick or thin scales 
that do not exhibit spallation on cooling are formed on the base alloy (Zelenitsas and 
Tsaldropoulos 2006).
Our results show that posting in the alloy JG 6  has been eliminated at 800“C, which 
would suggest that the addition of Sn to Nb-silicide base in situ composites plays an 
important role in controlling the pest oxidation behaviour at intermediate temperatures. 
However, in this work, pest oxidation behaviour has been observed for the alloys JGl-AC 
(Nb-18Si-5Cr-5Al-5Mo), JG2-AC (Nb-24Ti-18Si-5Cr-5Al-5Mo), JG3-HT (Nb-24Ti-18Si- 
5Gr-5Al-2Mo) and JG4-HT (Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf) at 800“C. The rectangular 
sample of JGl-AC had disintegrated into powder completely after exposure to air for 
48h while pest-like oxidation product (powder) was formed on the oxidised specimens of 
the other three alloys but this pest behaviour was not catastrophic as only part of the 
specimen was converted into powder after lOOh at 800“C. However, the JG3 and JG4 
alloys did not pest at 800“C in their as-cast condition and at 1 2 0 0 °C in their as-cast and 
hcat-trcatcd conditions. At 800“C, oxide scale and oxygen diffusion zone were formed 
in the surfaces of JG3-AC and JG4-AC (see §7.3.2). There was also severe cracking in 
the scale, particularly of the 5-3 silicide, with the cracks being parallel to the surface.
The pesting of JGl-AC and JG2-AC at 800“C would suggest that the 5at.% Mo con­
centration in these alloys, which leads to 8 ~ 9 at.% Mo in their Nbgg and 1.5^2.5at.% 
Mo and 3.5-^4.5at.% Mo in the 5-3 and 3-1 silicides respectively (see §7.2.1 and 7.2.2), 
is high regarding avoidance of pest oxidation. The oxidation behaviour of JG3 and 
JG4 at 800“C and 1200“C in their as-cast and hcat-trcatcd conditions points to the Mo 
concentration in the alloy not exceeding 2 at.% for oxidation resistance purposes.
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8 .2 .3  T h e  T i a n d  H f  ejffects o n  o x id a tio n  b e h a v io u r
The reaction of Nb ■with oxygen leads to the dissolution of oxygen in the metal lattice 
and the formation of sub-oxide phases and of several homogeneous crystalhne oxides in 
various oxidation states (sec §5.1, page.70). At 800“C and 1200“C the diffusion distances 
of oxygen in Nb after lOOh are about 2.75 and 15.8mm respectively and higher than those 
of nitrogen, which are 0 . 6  and 6 .2 mm for the two temperatures respectively (Ang 1953). 
Titanium reduces the diffusivity of oxygen in Nb, for example for Nb-25Ti the diffusivity 
is 1/20 that in pure Nb (Kelly 1949).
In our alloys, as oxygen anion diffusion occurred towards their bulk, tensile and com­
pressive stresses developed due to the change of oxide composition and the formation of 
NbOa; NbOy (y=l, 2) and NbgO^ oxides with Pilling Bcdworth ratios less than
one (NbOa;) or greater than one (NbOy (y= l, 2 ) and Nb2 0 s). Furthermore, tensile and 
compressive stresses developed between different regions of Nbgg with different oxygen 
content (Prokoshkin and Vasil'eva 1965) and because of phase transformations of the 
NbOg at ~770“C (Wert and Zener 1949) and Nb2 0 g at ~800°C in the absence of Ti, 
or at lower temperatures (~700°C) in its presence, as Ti (and Cr) extent the stability 
of the high temperature Nb2 0 s to lower temperatures whilst Si stabilises the low tem­
perature form of Nb2 0 5 - A drop in the oxidation rate of Nb-Ti alloys at -'-'700°C has 
been attributed by Argent and Phelps to different diffusion rates of oxygen in the low 
and high temperature forms of Nb2 Ü5 (Argent and Phelps 1960). A sharp drop in the 
oxidation rate of Nb-Si alloys at 90D“C has also been reported by Magnelli et al. (1955), 
who attributed this change to the transformation of Nb2 0 g from the low to the high 
temperature form.
The presence of Nb2 0 s, Ti0 2  and Si0 2  in the oxide scale formed on JG4-AC and 
of Nb2 0 s, Ti0 2 , TiNb2 0 7  and SiÜ2  in the oxide scale formed on JG3-AC was indi­
cated by the XRD data for 800“C (see Figure 7.45, page. 146). According to Roth 
and Coughanour (1955), TiÜ2  and Nb2 0 s form solid solutions and the compounds 
3 Nb2 0 5 -Ti0 2  (Tmpf«1480“C) and Nb2 0 5  TiOg (T,np-1490°C). Goldschmidt (1960) has 
suggested (i) that the 3 Nb2 0 5 -Ti0 2  is not a special compound but instead is a solid 
solution based on the high temperature form of Nb2 0 5  and (ii) that the Nb2 0 5 *Ti0 2  
compound can be regarded as an independent phase with a considerable homogeneity 
range and a monocHnic structure that has lattice parameters different from those of the 
high temperature form of Nb2 0 s (Goldschmidt 1960, Wadsley 1961). Wadsley (1961) 
has proposed that instead of 3 Nb2 0 5 *Ti0 2  the compound 5 Nb2 Ü5 -Ti0 2  (or Ti2 Nbio0 2 9 )
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exists in two forms, at low temperatures m th  orthorhombic structure and at high tem­
peratures with monoclinic structure. The presence of TigNbioOsg is suggested by the 
EPMA and XRD data (see Table 7.42, Figures 7.45 and 7.51) for the oxide scales formed 
on JG3 and JG4 at 1200“C but not at 800“C.
Figure 7.46 (page. 147) shows that the NbgSig phase, either in the diffusion zone or in 
the core of the base materials, remained un-attacked after isothermal oxidation tests at 
800“ C, and thus confirms that preferential attack of the Nbgg phase had taken place in 
OUI" alloys at 800“ C.
Changes in growth rate/s accompanied by the phase transformations of the oxide dis­
cussed above led to the development of stresses in the growing oxide scEile. Fmthermore, 
lateral oxide growth developed compressive stresses that caused local debonding when 
the stresses exceeded a critical value (Schutze 1997). The growth stresses that devel­
oped either from a single mechanism or from a combination of different mechanisms, as 
discussed above, induced microcracks in the growing oxide scale, and caused cracking 
of the Nb^Sig phase, which, as can be seen in Figure 7.46, exhibited severe cracking. 
These cracks in the 5-3 silicide provided more sites for rapid oxygen ingress, growth of 
voluminous oxides and stress risers, as discussed above. The reaction then continued 
on the newly exposed surfaces and within newly exposed cracks and pores eventually 
leading to full disintegration of the alloy.
A protective AI2 O3  or Si0 2  scale has not been established at 800“C or 1200“C in any 
of the alloys studied in this work. The accelerated oxidation of JGl-AC that led to the 
disintegration of the alloy to powder is attributed to rapid oxygen ingress and internal 
oxidation by transport through non-protective Nb-oxide product (s) and the formation of 
an oxygen-affected zone that led to a mixture of oxides or oxygen-saturated metaH-oxides 
being formed. It is suggested that only after such a microstructure/morphology of the 
scale was established that the characteristic pest disintegration product (powder) oc­
curred. It resulted from the action of stresses from the formation of fast-growing volu­
minous oxides. Such stresses contributed to the breakdovm of any partially protective 
reaction products formed during the preceding accelerated oxidation stage in the case 
of JGl-AC but not for JG2-AC and JG3 and JG4 in their as-cast and heat treated 
conditions. The need to establish a susceptible microstructure would account for the 
behaviour of JG3-HT and JG4-HT. Accelerated oxidation alone was not sufficient for 
pesting in our alloys; oxide grovdh stresses in the surfaces of the alloys, which have lim­
ited ductility and toughness (Bewlay et al. 2003) had also to be present and these had
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to be above the stress levels that led to the cracking of the 5-3 silicides in JG3-AC and 
JG4-AC. Thus, the pesting oxidation behaviour of our alloys occurred due to a combina­
tion of the presence of elements that oxidised rapidly and of the restricted deformation 
capability of the scale.
In the as cast and heat treated conditions the Nbss and 5-3 silicides present in the 
microstructures of JG3 and JG4 had Ti and/or Hf rich regions (see §7.2.3 and §7.2.4). 
Furthermore, TiN had formed near the surfaces of specimens that had been heat treated 
at 1500“C for lOOh or 200h in a Ti gettered Ar atmosphere. The TiN phase was not 
found in the alloys oxidised at 800“C and 1200“C. The same oxides were formed on 
JG3 and JG4, with HfOg being also present in the scale formed on the latter ahoy. 
As discussed above, the TigNbioOgg undergoes a phase transformation on heating from 
a low temperature orthorhombic structure to a high temperature monoclinic structure 
(Wadsley 1961). The Nb02 and Ti02 oxides form solid solutions and the TiNb0 4  
compound (Goldschmidt 1960). The oxidation of pure Nb from lower (NbO) to higher 
(Nb2 0 s) oxides is accompanied by an increase in relative volume, with the lower oxides 
forming on the base metal a dark film and the higher oxide (NbgOg) undergoing a phase 
transformation at T>800“C (see above). In Nb-Ti alloys and at T>1150“C the oxidation 
rate of Nb20s increases further due to the evolution of large amount of heat (Argent 
and Phelps 1960). The high temperature oxidation of NbgSig (Nb20s is the oxidation 
product at 1200°C) (Vellios and Tsaldropoulos 2005) attains a maximum at ~1100°C 
and then drops in the range 1200^1400° C (Grube ct al. 1939).
The combined effects (i) of Ti, Cr and Si on the phase transformation of Nb2 0 5  and its 
compounds (see above), (ii) of the mechanisms responsible for the damage of the oxide 
scale formed on the alloys that were discussed when we considered their oxidation at 
800“C (see above) and (iii) of the above mechanisms operating either alone or in synergy 
at T>800°C led to further grovdh stresses developing in the oxidation scale formed at 
1200° C, mechanical damage (cracking) of the scale and further oxygen anion access to 
the underlying alloy leading to formation of (Nb,0)ss, Ti0 2  and Hf02 (in JG4) in the 
regions below the diffusion zone II. The cracked and porous oxide scale together with 
the stresses developing during cooling of the oxidised specimens led to the spallation of 
the scales formed on JG3 and JG4.
The microstructures of the diffusion zones developed in JG3 and JG4 after exposure at 
1200°C (Figures 7.53, 7.54 and 7.55) exhibited (i) fine titanium oxide particles inside the 
niobium solid solution and (ii) large titanium oxide particles at the interfaces between the
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Nbss and the 5-3 silicide. Furthermore, in the case of the 1200“C oxidised JG3-HT the Ti- 
rich 5-3 silicide was absent in the microstructure of the diffusion zones and the underlying 
alloy, with titanium oxide being present in the latter (Figure 7.53(d), page. 161) and the 
Nbss particles inside the 5-3 silicide (see §7.2.3) appearing intact. Considering these 
results it is suggested that oxygen that had diffused in the Nbss reacted with Ti in the 
Ti-rich 5-3 silicide to form Ti oxide particles at the interface. The formation of Ti oxide 
at the Nbss and 5-3 silicide interface and of fine Ti oxide particles inside the Nbss is thus 
important regarding the oxidation behaviour of the JG3 and JG4 alloys at 1200“G.
The needle-like Hf02 was formed inside the 5-3 silicide in JG4-HT, but not in JG4-AC 
after isothermal exposure at 1200“C (see Figures 7.54 and 7.55). As discussed in the 
section §7.3.1, the Hf containing alloy JG4 showed better oxidation resistance in the as 
cast condition but this behaviour was reversed after heat treatment, compared to Hf- 
free alloy JG3. The formation of needle-hke Hf02 inside the 5-3 silicide in the oxidised 
JG4-HT has been contributed to the degradation in the oxidation resistance of the Hf 
containing alloy in the heat treated condition.
The EPMA results (Table 7.43, page. 166) indicated that no Hf was present in the Nbss 
phase in the core of the oxidised JG4^HT. This probably resulted from the formation of 
faceted Hf02, which was formed inside the Nbgg, as shown in Figure 7.53(c) (page. 161). 
The EPMA data also showed that the composition of the Hf-ricli 5-3 silicide had not 
changed after oxidation at 1200“ C, compared to that of the heat treated alloy JG4HT 
(see §7.2.4), which suggests that not all the 5-3 silicide areas had been attaclced by 
oxygen to form Hf0 2 .
8 .2 .4  T h e Sn effect on  ox id ation  behaviour
The presence of the Si containing C14 Laves phase in the microstructure of some of 
the KZ series of alloys has been found not to be beneficial regarding their oxidation at 
800“C (Zelenitsas and Tsaldropoulos 2006). Bewlay et al. (2002) have reported that 
the presence of the C14 Laves phase improves the oxidation resistance of Nb-silicide 
base in situ composites at high temperatures, namely 1204“C and 1316°C. Furthermore, 
pesting has been observed in JGl-AC, in the microstructure of which the Si containing 
C14 Laves phase was present (§7.3.2, page. 145).
In JG6, the addition of Sn promoted (i) the formation of Si containing C14-Cr2Nb based 
Laves phase (§7.2.5) and (ii) the formation of Sn and Si rich Nbgg. As reported in §7.3,
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the niobium solid solution plays a key role in the oxidation of the Nb-silicide base in situ 
composites and alloying Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf-5Sn with Sn has a significant 
effect on the Si solubility in the niobium solid solution, which can be as high as 3.4 at.% 
after heat treatment while the solubility of Sn in the Sn-rich Nbss can be up to 10 at.% 
(§7.2.5). Thus, the improved oxidation resistance of JG6 (Sn present) compared to JG4 
(no Sn present) could be due to the change in the composition of the Nbgg phase, in 
particular the increase of Si solubility and the high concentration of Sn in the Nbgg.
The Sn effect on O xidation at 800°C
The dramatic improvement in the oxidation behaviour of JG6 at 800“ C compared to 
all other JG series alloys could be attributed to both the natm e of the niobium solid 
solution and the presence of the Laves phase in the microstructure of the alloy JG6. 
Considering our results and other data in the literature (Bewlay et al. 2002, Zelenitsas 
and Tsaldropoulos 2006) we would like to suggest that the improvement in oxidation 
behaviour at 800“C and in particular the elimination of pesting are mainly due to the 
nature of the niobium solid solution in the alloy JG6. However, we can not rule out any 
synergistic effect between the Laves phase and the Sn and Si rich Nbgg.
At 800“C, the heat treated Sn-free JG series of alloys always exhibited higher weight 
gains than the as cast ones (§7.3.1 and §7.3.2). However, this tendency was reversed by 
the alloying with Sn. The observed different morphologies of the oxide formed in the 
as cast and heat treated alloy JG6 were in good agreement with their respective weight 
changes. It is readily seen in Figure 7.49 (page. 151) that at 800“ C the diffusion distance 
of oxygen in JG6-AC was higher than in JG6-HT.
Comparison of the phases present in the JG6-AC after oxidation at 800“C (Table 7.41, 
page.153) with those in the as cast alloy (§7.2.5) shows that (i) the compositions of the 
Sn-rich Nbgg, NbsSis and Hf-rich NbsSig phases did not change after oxidation, (ii) the 
concentration of Cr in the Nbgg phase was reduced and (iii) the Laves phase, which was 
present in the as cast alloy (§7.2.5), was not found in JG6-AC after oxidation at 800“C 
for ~100h. A similar comparison of the phases present in the JG4-AC (§7.2.4) shows 
that (a) the compositions of the Nbgg and Nb^Sig phases did not change after oxidation 
at 800“C for lOOh and (b) the Laves and Hf-rich Nb^Sig phases, which were present 
in the as cast microstructure, were absent in the oxidised alloy. This provides further 
support for the key role played by the Sn-rich Nbgg in the superior oxidation behaviour 
of JG6-AC at 800“C compared to JG4-AC.
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A similar compaiison of the phases present in the JG6-HT after oxidation at 800°C 
(Table 7,41, page.153) with those in the heat treated alloy (§7.2.5) shows that (i) the 
same phases were present in both cases (it should be noted that the “typical” Nbss, i.e., 
the Sn poor solid solution in this case, was not present hi JG6-HT [see §7.2.5]) and (ii) 
the compositions of the phases did not change after lOOh at 800°C, the only exception 
being the Laves phase in which the very low Sn concentration (§7.2.5) was reduced to 
zero after oxidation (Table 7.41, page.153). However, in the case of JG4-HT, there were 
reductions in the Si and Hf concentrations of the Nbgs, the NbsSis had experienced a 
slight change in composition and the Hf-rich NbsSis phase, which was present in the 
heat treated alloy, was absent in the alloy JG4-HT oxidised at 800° C.
A significant volume fraction of submicron size titanium oxide particles formed around 
the Sn-rich Nbgs phase in the oxidised JG6-AC but not in JG6-HT (Figure 7.49 (page.151). 
Furthermore, as we have already mentioned, no Laves phase was found in the oxidised 
JG6-AC at 800°C. Thus, the inferior oxidation resistance of JG6-AC at 800°C compared 
to JG6-HT is attributed to the presence of the Sn-poor Nb solid solution (i.e., the “typ­
ical” Nbss that is present in the microstructurc of Nb-silicide base in situ composites 
[see §7.2.1-§7.2.5, Zelenitsas and Tsaldropoulos 2005; 2006]) in the JG6-AC microstruc­
ture (§7.2.5). The above data could thus suggest a “sacrificial” role for the Laves phase 
in oxidation at 800° C in the presence of Nbgg in the alloy microstructure (the case of 
JG6-AC oxidised at 800° C), the Laves phase probably acting as a “reservoir” of the 
elements participating in the formation of the mixed oxide (Table 7.41, page.153), while 
in the absence of the Nbgg (the case of the microstructure of JG6-HT) the presence of the 
Sn-rich Nbgg and the other phases (i.e., Nb^Siy and Hf-rich NbsSis) malce redundant the 
“sacrifice” of the Laves, which thus contributes to improving the oxidation behaviom' 
(see Figure 7.43, page. 142).
Since the number of cracked NbgSig silicide particles m the microstructure of the alloy 
JG6 had been reduced after heat treatment (§7,2.5), it is suggested that the severe 
cracking exhibited by NbgSig in JG6-AC is probably another reason for the inferior 
oxidation resistance of JG6-AC at 800°C, compared to JG6-HT. Pores, cracks and grain 
boundaries are preferential oxidation sites in the microstructure. Therefore, the cracks 
in the NbgSig silicide provided more sites for rapid oxygen ingress, which contributed to 
the slightly higher oxidation kinetics (Table 7.38, page. 144).
Figure 7.49(c) (page. 152) shows a continuous, adherent oxide scale approximately 4-6 
fim  thick formed on the JG6-HT after exposure at 800°C. Just below the thin scale,
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the Nbgg was oxidised into a mixture of Nb- and Ti-oxides and there were craclcs in the 
5-3 silicide that were formed parallel to the scale/alloy interface. The main reason that 
the 5-3 silicide exliibits cracking is that the NbgSig is a brittle material having very low 
fracture toughness (~3MPav/m, [Bewlay et al. 2 0 0 2 ]), and our data for the JG series 
alloys would suggest that cracking of the 5-3 silicide is enhanced when Hf and/or Mo are 
present in the alloy (see §7.2.1-§7.2.5, Zelenitsas and Tsaldropoulos 2006). According 
to the EDX analyses (Table 7.41, page.153), the continuous thin oxide scale formed on 
JG 6 -HT at 800°C was a complex mixture of Si0 2 , Ti0 2  and Nb2 0 s. This scale acted 
as a diffusion barrier for the oxygen anion to penetrate into the base material. Thus, 
the oxidation of JG 6 -HT was limited by the diffusion of oxygen and pesting damage was 
eliminated. This kind of thin oxide layer was not found on the surface of the Sn-free JG 
(§7.3.2) and the KZ series of alloys (Zelenitsas and Tsaldropoulos 2006).
The Sn effect on Oxidation at 1200° C
According to the EDX results (Table 7.44, page. 170) the same oxides were present in 
the oxide scales that formed on the oxidised ahoy JG 6 -AC and JG 6 -HT at 1200°C. In 
these oxides almost no Mo and Sn were detected (Table 7.44, page. 170). However, for 
the oxidised JH 6 -HT, the Cr and Al concentrations in the Ti-rich oxide decreased and 
increased respectively while the Hf concentration in the Hf-rich oxide increased compared 
to the same oxides formed in the oxidised JG 6 -AC. Furthermore, the Si concentration 
in the Hf-rich oxide decreased from 7.1 at.% in the oxidised JG 6 -AC to 2.0 at.% in the 
oxidised JG 6 -HT.
The oxides formed in the scales of the alloy JG 6 -AC and JG 6 -HT at 1200°C were mainly 
Nb2 0 s, Ti0 2 , Si0 2 , Hf0 2  and TiNb2 0 7  (Figure 7.58(a), page. 169). The SEM studies 
suggested that these oxides existed as mixed oxides in the scales. The Nb-rich oxide, 
which is shown as the grey phase in Figure 7.57 (page.168), was probably the TiNb2 0 7  
phase. It is reported by Roth and Coughanour (1955) that Ti0 2  and Nb2 0 s can form 
the compounds Nb2 0 s-Ti0 2 , i.e. TiNbgO? (Tmp~1490°C). The Nb2 0 s-Ti0 2  (TiNb2 0 7 ) 
compomid can be regarded as an independent phase with a considerable homogeneity 
range and a monoclinic structure that has lattice parameters different from those of the 
high temperature form of NbgOs (Goldschmidt 1960, Wadsley 1961). The existence of 
the TiNb2 0 7  phase has also been observed in the oxide scales formed on the Sn-free JG 
series of alloys (§7.3.3).
The same phases were present in the diffusion zone and core of the JG 6 -AC and JG 6 -
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HT specimens oxidised at 1200° C (Table 7.45, page. 173). In the core of the oxidised 
specimens (i) the compositions of the phases present were almost the same for JG 6 -AC 
and JG 6 -HT and (ii) the Nbss (i.e., the “typical” Nbgg that is poor in Sn), which was 
present in JG 6 -AC but not in JG 6 -HT (see §7.2.5), was absent for both the JG 6 -AC 
and JG 6 -HT oxidised at 1200°C. However, in the scale/diffusion zone interface of the 
oxidised JG 6 -HT, the NbgSn phase, which was present in the oxidised JG 6 -AC (Table 
7.45, page. 173), was not found. This data would thus suggest that the Nbss (present 
in JG 6 -AC) is key to the formation of the NbgSn phase at the scale/diffusion zone 
interface, since the Nbgs was not present in JG 6 -HT (see §7.2.5). It is suggested that the 
better oxidation performance of JG 6 -AC compared to JG 6 -HT at 1200° C (Figure 7.44, 
page. 143) can be attributed to the formation of Nb^Sn in the former.
The NbsSis phase was present in the scale/diffusion zone interface and the diffusion 
zone in both the JG 6 -AC and JG 6 -HT oxidised at 1200°C, thus confirming the better 
oxidation behaviour of this phase compared to the sofid solution, in agreement with 
Zelenitsas and Tsaldropoulos (2006). Furthermore, at the scale/diffusion zone interface, 
in the case of the oxidised JG 6 -AC, there was significant reduction of the Ti concentration 
in NbgSis, in which the Cr, Al and Hf concentrations had been reduced to zero and 
there was also a reduction in the Sn content, while in the case of the oxidised JG 6 -HT 
there were reductions of the Al, Ti and Hf contents and increases of the Mo and Sn 
concentrations in NbsSis.
Figures 7.59(a) and (b) (page. 171) show that two Sn-rich phases, namely NbgSn and 
(Nb,Ti)s(Sni_a;Siæ) 3  formed at the interface between the scale and diffusion zone in JG 6 - 
AC and the microstructurc of the diffusion zone that consisted of (Nb,Ti)5 (Sni_a;Sia;)3 , 
NbsSis, TiN and HfOg. Neither Sn-rich Nbgg nor Sn-poor Nbgg (i.e., the “typical” Nbgg) 
was detected in the diffusion zone. Considering that there was no Sn dissolved in the 
oxide scales, the data would suggest that at 1 2 0 0 °C the growth of the oxide scale on 
the JG 6  alloy was promoted by outward solute (except Sn) and inward oxygen anion 
diffusion. Since other solutes diffused outward from the Sn-rich Nbgg to the surface, the 
formation of Sn-rich phases was promoted. Thus, it is concluded that in the diffusion 
zone the Sn-rich Nbgg transformed into the (Nb,Ti)s (Sni_a,Sia; ) 3  and/or NbsSn phases. 
This was also indicated by the concentrations of Mo in the (Nb,Ti)5 (8 ni_a:Si,i; ) 3  and 
NbsSn phases, which were ~2,3 at.% and 10.2 at.% respectively. As discussed in §7.2.5, 
there was no Mo dissolved in the NbsSis silicide in both JG 6 -AC and JG 6 -HT.
The (Nb,Ti)s(Sni_æSiæ) 3  phase identified in our alloys is considered as a  ternary phase
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based on NbgSngSi, which has a t/32 crystal structure (JCPDS card No. 24-813). Our 
results would suggest that the Nb5 Sn2 Si phase has a wide range of Si and Sn solubilities. 
However, the mechanism of formation of this phase and its stability has yet to be clarified 
by further investigations due to the lack of experimental data on the Nb-Si-Sn ternary 
system.
During oxidation of Nb silicide base in-situ composites, the formation of TiN in the 
diffusion zone observed in this study has not always been reported in the literature. 
As discussed in §8.2.3, the titanium nitride was not found in the diffusion zones in the 
Sn-free JG series alloys. The nitridation of 7 -TiAl alloys has been reported by many 
researchers (Rakowski et al. 1995, Locci et al. 1997). The formation of TiN in our alloys 
is attributed to the strong nitride-forming tendencies of Ti. The role of alloying additions 
in influencing nitride formation in the diffusion zone in Nb silicide in situ composites 
should be studied further. It should be noted that TiN was not formed in the JG 6 -AC 
and JG 6 -HT after oxidation at 800°C and in any other Sn-free JG series alloys oxidised 
at 800°C and 1200°C.
The thickness of the diffusion zones formed in the oxidised JG 6 -AC and JG 6 -HT at 
1 2 0 0 °C was f^300 and 465/nn, respectively. In the latter, the oxygen and nitrogen 
diffused <^55% farther than in the former. This is attributed to the absence of the 
NbgSn phase in JG 6 -HT. It is thus indicated that the formation of NbsSn in the oxi­
dised JG 6 -AC could result in the better oxidation performance of JG 6 -AC compared to 
JG 6 -HT at 1200°C. As discussed above, the oxidation resistance of the alloy JG 6  was 
improved by the addition of Sn, compared to the Sn-free alloy JG4, in which the diffu­
sion zone extended up to ^^410 and 472/um, for the as cast and heat treated conditions 
respectively. Furthermore, unlike the JG4 alloy, which exhibited internal oxidation (see 
§7.3.3), the core of the alloy JG 6 -AC and JG 6 -HT remained un-attacked after exposure 
at 1200°C. Our results would thus suggest that this is a beneficial effect of the diffusion 
zone formed in the JG 6  alloy. The formation of the Ti nitride and tetragonal Nb5 Sn2 Si 
based (Nb,Ti)s(Sni_a;Sia; ) 3  phase in the oxidised alloy JG 6 -AC and JG 6 -HT reduced the 
diffusivity of oxygen in the diffusion zone and thus acted as a diffusion barrier for oxygen 
to penetrate into the base material.
C hapter 9
Conclusions and suggestions for 
future work
The objectives of this researdi as outlined in the introduction have to a large extent 
been achieved. The following conclusions are derived from the study presented in this 
thesis.
9.1 Conclusions
9 .1 .1  A lloy  m icrostru ctu res
1. The Nb-Si-Cr-Al-Mo base in situ composites alloyed with Ti and/or Hf and/or 
Sn have been prepared by arc-melting followed by heat treatment at 1300°C or 
1500°C. The evaporation of Al, Cr and Si during melting hindered the accurate 
control of alloy composition.
2. The jSNbsSia phase w^ as formed in all the as cast alloys, which can therefore be 
identified as hyper-eutectic alloys. After heat treatment at 1300°G or 1500°C, the 
/^NbsSig partly transformed to the aNbgSis in the presence of Ti. The addition of 
Ti stabilised the jdNbsSis to lower temperatures and increased the solubilities of 
Al and Cr in the bcc Nbgs.
3. The NbgSi phase was formed in the as cast Hi-free alloys (JG l, JG2 and JG3) 
However, this phase was unstable at 1500°C and decomposed by a eutectoid trans­
formation to Nbss and aNbgSis. The eutectoid decomposition was enlianced con-
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siderably by the Ti addition. In the presence of Hf (alloys JG4 and JG 6 ) the 
formation of NbsSi in the as cast alloys was suppressed.
4. In the presence of Ti, there was Ti segregation in the NbsSis phase. The con­
centration of Ti in the Ti-rich (Nb,Ti)s8 is that was formed during solidification, 
increased to ~30.3 at.% by heat treatment.
5. In alloys JG4 and JG 6  (Hf present), there was Hf segregation in the NbsSis phase. 
The Ti solubility in the Hf-rich NbsSis was higher than that in the NbsSis. The 
Si concentration in the NbsSis phase increased slightly and shifted closer to its 
stoichiometric composition by alloying with Hf.
6 . The structure of the NbsSis phase was mainly affected by the Hf addition, which 
prompted the formation of the ^NbsSis. The I'NbsSig phase was formed in the 
as cast Hf-containing alloys (JG4 and JG 6 ) where the /JNbsSis was also present. 
Probably, the Hf-rich regions in the 5-3 silicide correspond to the ^Nb^Sis. This 
silicide is stable up to 1500°C in the presence of Hf.
7. The formation of the equilibrium microstructure was accompanied by partitioning 
of Cr and Mo to the Nbgg and of Si and Al to the 5-3 silicide.
8 . In the presence of Mo (< 5 at.%), the formation and stability of the Cr-rich 014 
Laves phase was controlled by Ti when Cr < 5 at.% and Al < 5 at.% in the 
alloy. The formation of the Laves phase at the interface between Nbgg and the 
5-3 silicide in JG l was attributed to the partitioning behaviour of Cr and AL 
The results have confirmed that Si and Al stabilise the C14 Laves phase in the as 
solidified microstructure, instead of the C15 Laves phase. The solubifity range of 
Si in the Si-rich C14 Laves phase formed in alloys of the Nb-Ti-Si-Cr-Al-Mo-Hf 
system is approximately 6 . 6  to 10.5 at.%.
9. In the Ti-free alloy (JG l), submicron Nbgg particles were present inside the aNbgSis 
after heat treatment and cracking of the 5-3 sihcide had been almost eliminated. 
In contrast, in the Ti containing alloys (JG 2 , JG3, JG4 and JG 6 ) Nbgg particles 
had formed only in a few of the 5-3 silicides but not in the Ti-rich or Hf-rich 5-3 
silicides and severe cracking of the 5-3 silicide was still present.
10. The alloying elements Hf and Sn preferentially substitute for Nb in the NbsSis and 
Nbgg, respectively.
11. The addition of Sn had a significant effect on the Nbgg, essentially leading to 
the formation of Sn-rich and Sn-poor parts in the solid solution in the as cast
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microstructure. In the presence of Sn, the Si solubility in the Nbgg increased 
considerably whilst the Cr solubility decreased. As a result of the decrease of the 
Cr solubility in the Nbgg, the Sn addition promoted the formation of the Si-rich 
C14 Laves phase and stabilised this phase at 1300°C.
12. In the Ti containing alloys, titanium nitride formed near the surface of the specimen 
during heat treatment.
13. The lattice parameter of bcc Nbgg decreased with the addition of Ti as well as with 
increasing Mo concentration.
14. The lattice parameter of the Nbgg increased after the heat treatment. This is 
attributed to the redistribution of solutes between the Nbgg and the intermetallic 
phases and in particular the reduction in Si content.
15. Alloy Nb-18Si-15Cr (JG5), which is located in the disputed three-phase field near 
the Nb corner, was prepared by clean melting followed by heat treatments at 
1000°C and 1500°C. The C14 Laves formed in both the as-cast and heat treated 
samples. The results confirmed that the C14 Laves phase formed in the binary 
Nb-Cr system at high temperatures was stabilised by Si to lower temperatures. 
Nbgg+C14-{-Q;Nb6Sis, instead of NbggH-CrNbSi-t-aNbsSig, three-phase equilibrium 
was observed in this work.
9.1 .2  O xid ation  b ehaviour
The oxidation behaviour of the Nb-Si-AI-Cr-Mo base in situ composites in the as cast 
and heat treated conditions has been studied to understand the effects of the additions 
of Mo, Ti, Hf and Sn on oxidation at 800°C and 1200°C. The conclusions are as follows:
1 . The oxidation resistance of the Nb-silicide base in situ composites at 800° C was 
dramatically increased by the addition of Ti and the decrease of the Mo content in 
the alloy. In the presence of Ti, Al, Cr and Mo the Hf addition had no significant 
effect on the oxidation behaviour of the Nb-silicide base in situ composites at 800° C 
but was probably beneficial to oxidation at 1200°C. The oxidation resistance of the 
Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf-5Sn alloy (JG 6 ) at 800°C and 1200°G increased 
significantly by the addition of Sn. No protective oxide scale was formed on any 
studied alloys m this work. Oxidation-protective coatings, therefore, will have to 
be used for the application of these alloys in oxidising environments.
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2. The oxidation behaviour of all the studied alloys at 800°C and 1200°C was con­
trolled by the oxidation of the Nbgs and was sensitive to the volume fraction of 
Nbss hi the alloy. Preferential attack of the Nbgg phase was observed in all the 
oxidised alloys.
3. Pesting oxidation behaviour was exhibited by the Nb-18Si-5Al-5Cr-5Mo (JG l, 
as cast), Nb-24Ti-18Si-5Al-5Cr-5Mo (JG 2 , as cast), Nb-24Ti-18Si-5Al-5Cr-2Mo 
(JG3, heat treated) and Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf (JG4, heat treated) al­
loys at 800°C. Pesting of the alloys occurred due to a combination of the presence 
of elements that oxidised rapidly and of the restricted deformation capability of 
the scales. Pesting behaviour was essentially eliminated by alloying with 5 at.% 
Sn. The improvement in oxidation behaviour at 800°C and in particular the elim­
ination of pesting is attributed to the nature of the niobium solid solution in alloy 
JG 6 .
4. Spallation of oxide scales during coolmg was observed for the as cast and heat 
treated Nb-24Ti-18Si-5Al-5Cr-2Mo and Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf alloys at 
1200°C. The TiNbO^, TiNb2 0 r,T i2 Nbio0 2 g and silicon oxide were present in all 
the scales formed on both the Nb-24Ti-18Si-5Al-5Cr-2Mo and Nb-24Ti-18Si-5Al- 
5Cr-2Mo-5Hf alloys at 1200°C and Hf oxide was also present in the latter ahoy. 
The oxide scales formed at 1200°C on JG 6  remained adherent to the base metal 
and consisted of Nb2 0 s, TiC)2 , Si0 2 , Hf0 2  and TiNb2 0 y. There was almost no Sn 
and Mo dissolved in the scales. The scales grew by outward solutes (except Sn) 
and inward oxygen anion diffusion.
5. The oxidation behaviour of the Nb-24Ti-18Si-5Al-5Cr-2Mo and Nb-24Ti-18Si-5Al- 
5Cr-2Mo-5Hf alloys at 800°C and 1200°C in their as-cast and heat-treated condi­
tions suggests that the Mo concentration in the aUoy should not exceed 2at.% for 
oxidation resistance purposes. Furthermore, the oxidation behaviour of these two 
alloys at 1200°C was affected by the formation of large Ti oxide particles at the 
interfaces between Nbgg and 5-3 silicides and of fine Ti oxide particles inside the 
Nbgg. A two-zone microstructure developed in the diffusion zones formed on the 
Nb-24Ti-18Si-5Al-5Cr-2Mo and Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf alloys at 1200°C.
6 . In the diffusion zones formed in the alloys without Hf addition, the 5-3 silicide was 
not oxidised. However, needle-like Hf oxide formed inside the 5-3 silicide in the 
heat treated Hf containing alloy, which resulted in the degradation in the oxidation 
resistance.
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7. TiN, instead of TiOg, and the (Nb,Ti) 5  (8 ni_a;Sia, ) 3  phase formed in the diffusion 
zone of JG 6 -AC and JG 6 -HT after oxidation at 1200°C, reduced the diffusivity 
of oxygen in the diffusion zone and thus acted as a diffusion barrier for oxygen 
to penetrate into the base material. The better oxidation performance of JG 6 - 
AC compared to JG 6 -HT at 1200°G is attributed to the formation of NbsSn in 
the former. The existence of the Sn-poor Nbgg in JG 6 -AG was essential for the 
formation of the NbgSn phase at the scale/diffusion zone interface in the oxidised 
JG 6 -AC.
9.2 Suggestions for future work
This work aimed to establish the effects of alloying additions on the microstructure, 
oxidation and properties of the Nb-Si-Al-Cr-Mo base in situ composites. Phase selec­
tion, phase transformations, the as cast and heat treated microstructures and oxidation 
behaviour have been the priorities of this study. In this section suggestions tor future 
work are made to advance further the achievements of this study.
1. Phase equilibria and liquidas data for the Nb-Si-Sn system should be determined. 
Of importance are phase equihbrla for the NbgSn and NbsSiSn2  phases, as they 
were formed in alloy Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf-5Sn (JG 6 ) during isothermal 
oxidation tests.
2 . Although the addition of Sn has eliminated the pest oxidation behaviour at 800°C, 
it depressed the melting temperature of the alloy since liquation was observed in the 
Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf-5Sn alloy after heat treatment at 1500°C. Thus, 
Sn additions have to be tailored in order to balance the properties of the alloys.
3. The isothermal oxidation assessment of the alloys carried out in this work is a 
preliminary survey of their oxidation behaviour. Fmther investigations, such as 
cyclic oxidation tests, are needed, especially for the Nb-24Ti-18Si-5Al-5Cr-2Mo- 
5Hf-5Sn alloy, in which the pest oxidation behaviour was eliminated.
4. The mechanical properties, such as fracture toughness, creep resistance and tensile 
properties, of the alloys should be investigated as these alloys are promising for 
high temperature applications.
A ppendix  A
The com positions of the phases in 
all the alloys studied in this work
This appendix contains the chemical compositions of the phases present in all the as 
cast and heat treated alloys studied in this work. The composition of each phase was 
determined by EPMA. In this appendix, the minimum and maximum concentrations of 
elements are given after the average concentration. Table A .l shows the area fractions of 
the Nbss hi the alloys studied in this work excluding alloy JG 6 , in which the measurement 
of the area fraction of Nbgg was impossible because the Sn-poor Nbgg almost had the 
same contrast (black) with the Si-ridi C14 Laves phase. Table A . 2  shows the phase 
compositions and volume fractions of individual phases in the as cast and heat treated 
Nb-18Si-15Cr alloy (JG5). The phase compositions in the Nb-18Si-5Al-5Cr-5Mo (JG l), 
Nb-24Ti-18Si-5Al-5Cr-5Mo (JG2) and Nb-24Ti-18Si-5Al-5Cr-5Mo (JG3) are listed in 
Table A.3 and those in the Nb-24Ti-18Si-5Al-5Cr-2Mo-5Hf (JG4) and Nb-24Ti-18Si- 
5Al-5Cr-2Mo-5Hf~5Sn (JG 6 ) are listed in Table A.4.
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Table A .l The area fractions (%) of the bcc Nbgg in the alloys studied in this work
Alloy composition Condition Area fraction
Nb-18Si-5Cr-5Al-5Mo (JG l) As cast 40.5
As cast + 1500°C/100h 48.9
As cast +  1500°C/200h 51.9
Nb-24Ti-18Si-5Cr-5Al-5Mo (JG 2 ) As cast 34.2
As cast +  1500°C/100h 45.5
Nb-24Ti-18Si-5Cr-5Al-2Mo (JG3) As cast 35.9
As cast + 1500°C/100h 47.2
Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf (JG4) * As cast 39.1
As cast +  1500°C/100h 55.4
Nb-18Si-15Cr (JG5) As cast 44.5
As cast + 1000°C/100h 41.8
As cast +  1500°C/100h 37.8
The measured value in alloy JG4 may be a little higher than the actual one as under BSE 
condition the contrast between Nbgs and Hf-rich NbgSig was almost the same.
Table A . 2  The phase compositions (at.%) and volume fractions (%) of phases in JG5
Alloy Phase Nb Si Cr Volume fraction
JG5-AC Nbss 87.7 87.5-88.0 2.0 1.9-2.1 10.3 9.9-10.5 44.5
/SNbsSis 62.3 61.8-62.7 34.2 33.9-34.6 3.5 2.S-4.4 46.2
(Cr,Si)2 Nb 43.3 41.8-44.2 11.1 10.6-11.4 45.6 44.5-47.1 9.3
JG5-HT1000 Nbgg 86.0 85.3-87.0 2.0 1.7-2.5 12.0 11.0-12.9 41.8
NbsSis 61.5 61.2-61.9 35.1 34.4-36.0 3.4 2.9-S.7 41.9
(Cr,Si)2 Nb 38.3 36.8-42.0 11.5 10.3-12.2 50.2 47.7-51.4 16.3
JG5-HT1500 Nbgg 89.7 88.9 90.7 0.0 10.3 9.3 11.1 37.8
NbsSis 62.6 61.8 63.9 35.8 34.8 36.6 1.6 0.9 2.6 41.5
(Cr,Si)2 Nb 35.5 35.1 35.8 12.0 11.7 12.4 52.5 51.9 53.0 20.7
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A ppendix B
X-ray diffraction data of the  
alloys studied in this work
This appendix lists X-ray diffraction data of all the as cast and heat treated alloys as 
well as the BLUE TAG, which was used to stick samples on the specimen holder.
B .l  X-ray diffraction data of BLUE TAG
BLUE TAG was used to stick samples on the specimen holder of the X-ray diffractometer. 
The unmarked peaks in some of the assessed X-ray diffractograms correspond to tins 
substance. XRD data of BLUE TAG is listed in Table B.l.
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Table B .l X-ray diffraction data of BLUE TAG
No 29measured d (Â)measured I/Io ^measured No measured d (Â)measured I/Io  ^measured
1 23.300 3.815 14 15 65.900 1.416 5
2 25.500 3.490 9 16 69.500 1.351 3
3 29.651 3.010 1 0 0 17 70.500 1.335 3
4 31.600 2.829 1 0 18 73.200 1.292 4
5 36.200 2.479 13 19 77.500 1.231 3
6 39.688 2.269 18 2 0 81.800 1.176 3
7 43.464 2.080 15 2 1 84.000 1.151 5
8 47.746 1.903 2 2 2 2 85.100 1.139 3
9 48.600 1.865 18 23 93.200 1.060 2
1 0 56.800 1.620 5 24 95.200 1.043 5
1 1 57.600 1.599 8 25 96.500 1.032 3
1 2 61.100 1.515 6 26 99.400 1 . 0 1 0 4
13 63.300 1.468 3 27 106.300 0.963 3
14 64.900 1.436 6
20000
15000 -
II^
 10000 -'«cBc
5000-
20 30 40 60 70 8050 90 100 110 120
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Figure B .l X-ray diffractogram of BLUE TAG used in this work.
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B.2 X-ray diffraction data of the as cast alloys
Table B . 2  X-ray diffraction data of the as cast Nb-18Si-5Cr-5Al-5Mo (JGl-AC)
No 20measured rf(A)measured I/Iomeasured d(A)reference hklreference I/I() Phase *
1 26.660 3.341 15 3.3610 25 2 1 1 /INbsSis
2 28.278 3.153 17 3.1720 30 310 dNbsSia
3 35.600 2.520 13 2.5200 80 321 NbgSi
4 36.929 2.432 25 2.4350 60 1 1 0 Cl4-Cr2Nb
5 37.800 2.378 14 2.3870 14 1 1 2 /^NbsSis
6 39.201 2.296 1 0 0 2.3360 1 0 0 1 1 0 Nbss
7 40.300 2.236 31 2.2400 1 0 0 103 C14-Cr2Nb
8 41.197 2.189 57 2.1930 1 0 0 411 /^NbgSis
9 43.986 2.057 23 2.0625 60 2 2 2 jSNbsSis
1 0 52.400 1.745 5 1.7481 6 521 /INbsSig
1 1 56.564 1.626 18 1.6519 18 2 0 0 Nbss
1.630 40 611 NbsSi
1 2 58.200 1.584 6 1.5854 14 620 /INbsSia
13 59.500 1.552 5 1.5538 13 512 dNbsSis
14 64.100 1.452 1 0 1.4526 9 442 /INbsSig
15 64.600 1.442 9 1.4437 18 323 I 3 m &
1.4400 60 640 NbsSi
16 65.100 1.432 1 1 1.4336 17 631 ^NbgSis
1.4300 60 701 NbsSi
17 65.800 1.418 1 0 1.4183 2 0 710 /^NbgSis
18 67.543 1.386 25 1.3878 30 413 jSNbsSis
19 70.928 1.328 19 1.3484 28 2 1 1 Nbss
2 0 78.500 1.217 6 1.2162 15 820 iSNbsSis
2 1 84.300 1.148 9 1.1678 8 2 2 0 Nbss
2 2 86.600 1.123 8 1.1237 7 802 /INbsSia
23 88.700 1 . 1 0 2 13 1.1033 14 424 aNbsSig
24 97.100 1.028 8 1.0446 1 1 310 Nbss
25 109.300 0.944 8 0.9535 3 2 2 2 Nbss
* JCPDS card used: Nbss 34-370, dNbgSis 30-875, NbsSi 34-1071, CigNb 12-603
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Table B.3 XRD data of the as cast Nb-24Ti-18Si-5Cr-5Al-5Mo (JG2-AC)
No 29 d (Â) I/Io d (Â) I/Io hkl Phase *measured measured measured reference reference
1 28.014 3.182 14 3.1720 30 310 ^NbsSis
2 35.593 2.520 15 2.5200 80 321 NbsSi
3 36.771 2.442 2 0 2.4400 80 321 /^NbsSis
4 37.800 2.378 16 2.3870 14 1 1 2 /JNbsSis
5 39.200 2.296 1 0 0 2.3360 1 0 0 1 1 0 Nbss
6 41.069 2.196 33 2.1930 1 0 0 411 m bsS is
7 43.971 2.058 31 2.0625 60 2 2 2 ^NbsSis
8 52.200 1.751 3 1.7481 6 521 /SNbsSis
9 56.612 1.624 14 1.6519 18 2 0 0 Nbgg
1.6300 40 611 NbsSi
1 0 57.966 1.590 1 1 1.5854 14 620 /JNbsSis
1 1 61.863 1.499 9 1.4961 1 0 541 jgNbsSig
1 2 64.800 1.438 7 1.4336 17 631 /^NbsSis
1.4400 60 640 NbsSi
13 65.600 1,422 7 1.4229 14 532 /^NbsSis
14 67.100 1.394 6 1.3953 18 602 /^NbsSis
15 67.600 1.385 6 1.3878 30 413 /^NbsSis
16 71.127 1.324 18 1.3484 28 2 1 1 Nbgg
17 77.100 1.236 5 1.2378 1 0 552 /^NbsSis
18 78.400 1.219 4 1.2196 15 642 i^NbsSis
19 84.679 1.144 15 1.1678 8 2 2 0 Nbgg
2 0 88.900 1 . 1 0 0 7 1.1033 14 424 i^NbsSis
JCPDS card used: Nb^s 34-370, /INbsSia 30-875, NbsSi 34-1071
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Table B.4 XRD data of the as cast Nb-24Ti-18Si-5Cr-5Al-2Mo (JG3-AC)
No 20 d(A) I/Io d (Â) I/Io hkl Phase *measured measured measured reference reference
1 26.608 3.347 9 3.3610 25 2 1 1 /^NbsSis
2 28.102 3.173 7 3.1720 30 310 /^NbsSis
3 35.743 2.510 1 2 2.5070 14 400 jSNhsSis
2.5200 80 321 NbsSi
4 36.871 2.436 30 2.4400 80 321 m bsS is
5 38.000 2.366 1 2 2.3650 1 1 330 /JNbsSis
6 39.207 2.296 1 0 0 2.3360 1 0 0 1 1 0 Nbgg
7 41.134 2.193 40 2.1930 1 0 0 411 /SNbsSis
8 44.079 2.053 25 2.0400 60 510 NbsSi
9 52.300 1.748 5 1.7481 6 521 /^NbsSis
1 0 53.200 1.720 2 1.7200 1 530 /^NbsSis
1 1 56.604 1.625 13 1.6519 18 2 0 0 Nbgg
1 2 58.100 1.586 4 1.5854 14 620 /JNbsSis
13 59.600 1.550 8 1.5538 13 512 /JNbsSis
14 62.000 1.496 3 1.4961 1 0 541 /^NbgSis
15 64.867 1.436 23 1.4336 17 631 iSNbsSis
1.4400 60 640 NbsSi
16 65.700 1.420 9 1.4183 2 0 710 /^NbsSis
1.4300 60 701 NbsSi
17 67.165 1.393 13 1.3953 18 602 ^NbsSis
18 67.800 1.381 6 1.3878 30 413 /JNbsSis
19 71.063 1.325 2 0 1.3484 28 2 1 1 Nbgg
2 0 75.500 1.258 3 1.2500 60 811 NbsSi
2 1 78.500 1.217 7 1.2162 15 820 ^NbsSis
2 2 84.600 1.145 7 1.1678 8 2 2 0 Nbgg
23 89.200 1.097 4 1.1033 14 424 /^NbsSis
24 97.200 1.027 1 0 1.0446 1 1 310 Nbgg
25 109.800 0.941 5 0.9535 3 2 2 2 Nbgg
JCPDS card used: Nbgg 34-370, .^NbsSis 30-875, NbsSi 34-1071
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Table B.5 XRD data of the as cast Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf (JG4-AC)
No 26» d { k )  I/Io d(Â)  I/Io hkl Phase*
measured measured measured reference reference
1 26.500 3.361 1 1 3.3610 25 2 1 1 /?NbsSi3
2 29.387 3.037 28 BLUE TAG
3 35.400 2.534 26 2.5360 30 0 0 2 i^NbgSis
4 36.600 2.453 27 2.4600 50 2 1 0 7 ^ 6 5 8 1 3
5 38.827 2.371 1 0 0 2.3360 1 0 0 1 1 0 Nbgg
6 39.700 2.268 47 2.2630 40 2 0 2 .dNbsSis
7 40.800 2 . 2 1 0 28 2.1930 1 0 0 411 .^NbsSia
8 41.500 2.174 2 0 2.1740 50 300 7Nb6Si3
9 43.600 2.074 13 2.0750 1 0 0 1 1 2 C14-Cr2Nb
1 0 47.400 1.916 8 BLUE TAG
1 1 48.400 1.879 7 BLUE TAG
1 2 56.000 1.641 13 1.6519 18 2 0 0 Nbgg
13 64.700 1.440 1 0 1.4390 50 321 7NbsSi3
14 67.100 1.394 8 1.3953 18 602 /îNbsSis
15 70.274 1.338 17 1.3484 28 2 1 1 Nbgg
16 75.000 1.265 5 1.2672 8 004 /^NbgSis
17 77.500 1,231 5 1.2320 50 420 7NbsSi3
18 96.100 1.036 7 1.0446 1 1 310 Nbgg
* JCPDS card used: Nbgg 34-370, /3NbsSi3  30-875, 'yNbgSig 8-422, CrgNb 12-603
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Table B . 6  XRD data of the as cast Nb-18Si-15Cr (JG5-AC)
No 26» d (Â)
measured measured I/Iomeasured
d { k )
reference
I/Io hkl 
reference
Phase *
1 23.1 3.847 3 BLUE TAG
2 25.2 3.531 4 3.5419 7 2 2 0 .mbsSig
3 26.5 3.361 7 3.3578 28 2 1 1 m bsS is
4 28.1 3.173 7 3.1679 25 310 ./^NbsSis
5 29.454 3.03 2 0 BLUE TAG
6 35.38 2.535 37 2.5360 25 0 0 2 /?Nb5Si3
7 36.881 2.435 33 2.4350 60 1 1 0 G14-Gr2Nb
8 38.888 2.314 1 0 0 2.3360 1 0 0 1 1 0 Nbgg
9 40.269 2.238 39 2.2400 1 0 0 103 G14-Gr2Nb
1 0 41.157 2.191 44 2.1912 1 0 0 411 .mbsSis
1 1 42.9 2.106 13 2 . 1 1 0 0 1 0 2 0 0 G14-Gr2Nb
1 2 43.872 2.062 2 2 2.0619 53 2 2 2 ^NbsSig
13 47.6 1.909 4 BLUE TAG
14 48.1 1.89 2 BLUE TAG
15 56.276 1.633 46 1.6519 18 2 0 0 Nbgg
16 65.834 1.417 1 0 1.4167 14 710 jONbsSis
17 67.445 1.387 14 1.3877 18 413 /^NbsSig
18 70.4 1.336 8 1.3484 28 2 1 1 Nbgg
19 78.4 1.219 4 1.2184 9 642 j^NbsSis
2 0 81.4 1.181 7 1.1806 4 660 .mbgSis
2 1 84.8 1.142 6 1.1423 8 831 /^NbgSis
2 2 86.635 1.123 23 1.1228 4 802 /?Nb5 Sis
23 96.7 1.031 1 1 1.0446 1 1 310 Nbgg
24 99 1.013 9 1.0140 4 912 jSNbsSis
25 102.3 0.989 2 0.98989 3 215 m bsS is
26 106.1 0.964 3 0.96348 5 833 .mbsSig
27 108 0.952 4 0.95288 2 325 /^NbgSia
28 109.3 0.944 7 0.9535 3 2 2 2 Nbgg
0.94484 7 714
29 1 1 0 . 8 0.936 4 0.93609 5 415 PNh^Si's
30 115.4 0.911 5 0.91109 1 961 m bsS is
* JCPDS card used: Nbgg 34-370, /^NbgSia 65-2785, C^N b 12-603
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Table B.7 XRD data of the as cast Nb-24Ti-18Si-5Cr-5Al-2Mo-5Hf-5Sn (JG 6 -AC)
No 29
measured
d ( A )
measured I/Iomeasured
d (A)
reference I/Ioreference
hkl Phase *
1 24.9 3.573 9 3.5419 7 2 2 0 /^NbsSis
2 26.4 3.373 1 0 3.3578 28 2 1 1 /^NbgSig
3 27 3.3 1 1 3.2631 35 2 0 0 -yNbsSis
4 29.41 3.035 2 1 3.0609 40 1 1 1 "-yNbsSig
5 34.39 2.606 19 2.6245 9 0 0 2 7 X6 5 8 1 3
6 35.46 2.529 25 2.5360 25 0 0 2 i^NbsSis
7 36.575 2.455 24 2.4667 51 2 1 0 7 X6 5 8 1 3
8 37.668 2.386 24 2.3876 1 0 1 1 2 /JNbsSig
9 39.528 2.278 44 2.336 1 0 0 1 1 0 Nbgg
2.2796 87 103 C14-Cr2Nb
1 0 40.826 2.208 46 2.1912 1 0 0 411 ,0 X6 5 8 1 3
1 1 42.639 2.119 64 2.117 1 0 0 1 1 2 C14-Gr2Xb
1 2 43.8 2.065 16 2.0619 53 2 2 2 0 X6 5 8 1 3
13 47.6 1.909 6 BLUE TAG
14 48.5 1.875 6 BLUE TAG
15 56.6 1.625 7 1.6519 2 0 0 Xbgg
16 61.919 1.497 30 1.4972 5 320 7N65S13
17 64.793 1.438 33 1.4398 15 321 7N65S13
18 67.479 1.387 1 0 0 1.3877 18 413 .0 X6 5 8 1 3
1.3856 2 1 402 7Nb581s
19 71.1 1.325 8 1.3484 28 2 1 1 Xbgg
2 0 75.1 1.264 9 1.2666 3 214 G14-Cr2Xb
2 1 77.7 1.228 9 1.2292 1 204 ^Xb5Sl3
2 2 83.8 1.153 1 1 1.1678 8 2 2 0 Xbgg
1.158 80 214 7N65S13
23 8 8 . 2 1.107 6 1.1063 1 910 0 X 6 5 8 1 3
24 97.5 1.025 5 1.0446 1 1 310 Nbss
1.0245 5 842 .0 X6 5 8 1 3
25 105.1 0.97 6 0.97091 7 522 7 Nbs8 l3
26 105.6 0.967 7 0.96596 5 215 7N65S13
27 106.2 0.963 7 0.96348 5 833 0 X6 5 8 1 3
28 107.8 0.953 5 0.95288 2 325 0 X6 5 8 1 3
29 109.3 0.944 5 0.9535 3 2 2 2 Xbgg
30 110.5 0.937 5 0.93609 5 644 0 X6 5 8 1 3
31 114.5 0.916 6 0.91602 1 1 0  2  2 .0 X6 5 8 1 3
JCPDS card used: Nbgg 34-370, mbgSig 65-2785, -yNbsSig 65-3599, Cr2 Nb 47-1638
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B.3 X-ray diffraction data of the heat treated alloys
Table B . 8  XRD data of heat treated Nb-18Si“5Cr-5Al-5Mo (1500°C/100h, JGl-HT)
No 29
measured
<i(A)
measured I/Iomeasured
d (A) 
reference i / hreference
hkl Phase *
1 24.400 3.645 9 3.6400 1 0 2 0 1 NbaSi
2 29.534 3.022 31 BLUE TAG
3 31.318 2.854 14 2.8540 25 2 1 1 Q'NbsSis
4 35.901 2.499 2 0 2.5040 25 114 oNbsSiy
5 38.150 2.357 71 2.3600 1 0 0 213 aNbgSis
6 39.148 2.299 1 0 0 2.3360 1 0 0 1 1 0 Nbss
7 40.947 2 . 2 0 2 28 2.2040 30 204 aNbsSia
8 43.535 2.077 15 2.0750 1 0 0 1 1 2 Cl4-Cr2Nb
2.0770 40 310 Q’NbaSia
9 45.742 1.982 23 1.9820 16 006 ctNbgSia
1 0 47.600 1.909 4 BLUE TAG
1 1 48.600 1.872 4 BLUE TAG
1 2 54.000 1.697 3 1.6960 1 206 aNbgSis
13 56.582 1.625 19 1.6519 18 2 0 0 Nbss
14 58.400 1.579 4 1.5792 8 411 Q’NbsSig
15 61.500 1.507 4 1.5077 1 226 crNbsSia
16 63.096 1.472 15 1.4699 2 0 217 Q'NbaSis
17 64.923 1.435 13 1.4376 9 404 aNbaSia
18 6 8 . 2 0 0 1.374 7 1.3731 13 334 Q’NbsSia
19 70.865 1.329 2 1 1.3484 28 2 1 1 Nbss
2 0 78.200 1 . 2 2 1 4 1 . 2 2 0 1 4 336 oiNbaSia
2 1 79.100 1 . 2 1 0 7 1.2085 6 318 aNbsSia
2 2 81.300 1.182 4 1.1820 5 514 aNbsSia
23 82.900 1.164 8 1.1678 8 2 2 0 Nbss
1.1660 1 2 523 a-NbsSia
24 83.900 1.152 6 1.1519 1 1 1 (1 0 ) oiNbaSia
25 86.900 1 . 1 2 0 4 1.1178 2 2 0 (1 0 ) a-NbaSia
26 89.300 1.096 3 1.0950 3 600 aNbsSia
27 94.900 1.046 3 1.0448 2 428 ctNbsSia
28 97.000 1.028 9 1.0446 1 1 310 Nbss
29 98.400 1.018 4 1.0171 2 419 a'NbsSia
30 109.300 0.944 4 0.9535 3 2 2 2 Nbss
JCPDS card used: Nb^ 34-370, aNbgSis 30-874, NbgSi 22-763, CrgNb 12-603
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Table B.9 XRD data of heat treated Nb-18Si-5Cr-5Al-5Mo (15QQ°C/2Q0h, JG1-HT2)
No 29
measured
d(A)
measured I/Iomeasured
d (A)
reference I/Ioreference
hkl Phase *
1 23.100 3.847 13 BLUE TAG
2 24.200 3.675 1 2 3.6600 8 1 1 2 cïNbsSis
3 29.437 3.032 39 BLUE TAG
4 31.142 2.870 17 2.8750 17 2 0 2 oNbsSis
5 35.700 2.513 14 2.5040 25 114 a-NboSis
6 37.986 2.367 53 2.3600 1 0 0 213 aNbsSis
7 38.953 2.310 1 0 0 2.3360 1 0 0 1 1 0 Nbgg
8 40.790 2 . 2 1 0 18 2.2040 30 204 aNbsSis
9 45.563 1.989 1 2 1.9820 16 006 oiNbsSis
1 0 47.600 1.909 5 BLUE TAG
1 1 48.600 1.872 4 BLUE TAG
1 2 56.356 1.631 18 1.6519 18 2 0 0 Nbgg
13 58.200 1.584 5 1.5792 8 411 a-NbsSis
14 59.500 1.552 4 1.5488 4 330 a-NbsSis
15 62.700 1.481 1 1 1.4780 16 413 a-NbgSis
16 64.800 1.438 9 1.4376 9 404 aNbaSia
17 6 8 . 1 0 0 1.376 7 1.3731 13 334 aNbaSig
18 70.700 1.331 18 1.3484 28 2 1 1 Nbgg
19 78.900 1 . 2 1 2 4 1.2135 2 521 oiNbaSig
2 0 82.500 1.168 7 1.1678 8 2 2 0 Nbgg
1.1660 1 2 523 aNbaSig
2 1 96.900 1.032 8 1.0446 1 1 310 Nbgg
2 2 106.600 0.961 3 BLUE TAG
23 109.200 0.945 3 0.9535 3 2 2 2 Nbgg
JCPDS card used: Nbgg 34-370, aNbsSig 30-874
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Table B.IQ XRD data of the heat treated Nb-24Ti-18Si-5Cr-5Al-5Mo (JG2-HT)
No 26
measured
d (Â)
measured I/Iomeasured
d(A)
reference I/Ioreference
hkl Phase *
1 26.600 3.348 10 3.3610 25 211 0NbsSig
2 28.100 3.173 9 3.1720 30 310 0NbaSig
3 29.406 3.035 17 BLUE TAG
4 35.771 2.508 16 2.5070 14 400 0NbaSig
5 36.892 2.434 25 2.4400 80 321 /JNbsSig
6 38.000 2.366 16 2.3600 100 213 aNbaSig
2.3650 11 330 ANbaSig
7 39.252 2.293 100 2.3360 100 110 Nbss
8 41.196 2.189 49 2.1930 100 411 0NbaSi3
9 44.130 2.051 29 2.0625 60 222 0Nba8ig
10 47.600 1.909 5 BLUE TAG
11 48.600 1.872 4 BLUE TAG
12 56.687 1.622 19 1.6519 18 200 Nbss
13 64.968 1.434 14 1.4338 17 316 aNbaSig
1.4336 17 631 0NbaSig
14 65.800 1.418 10 1.4183 20 710 0NbaSig
15 67.900 1.379 8 1.3731 13 334 a-NbaSig
16 71.124 1.324 22 1.3484 28 211 Nbss
17 75.700 1.255 6 1.2513 2 228 aNbaSig
18 77.200 1.235 6 1.2378 10 552 0NbaSi3
19 78.600 1.216 7 1.2162 15 820 0NbaSig
20 84.700 1.143 11 1.1678 8 220 Nbss
21 97.500 1.025 10 1.0446 11 310 Nbss
22 99.000 1.013 5 1.0141 3 21(11) aNbaSig
23 110.000 0.940 8 0.9535 3 222 Nbss
* JCPDS card used: Nbgg 34-370, aNbsSig 30-874, ^NbaSig 30-875
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Table B . l l  XRD data of the heat treated Nb-24Ti-18Si-5Cr-5Al-2Mo (JG3-HT)
No 29
measured
rf(A)
measured I/Iomeasmed
d(A)
reference I/Ioreference
hkl Phase *
1 26.700 3.336 2 2 3.3610 25 2 1 1 ANbaSig
2 28.200 3.162 19 3.1720 30 310 0NbaSi3
3 29.435 3.032 55 BLUE TAG
4 35.821 2.505 24 2.5040 25 114 aNbaSig
2.5070 14 400 0NbaSig
5 36.904 2.434 32 2,4400 80 321 0 NbaSig
6 38.100 2.360 19 2.3600 1 0 0 213 aNbaSig
7 39.192 2.297 1 0 0 2.3360 1 0 0 1 1 0 Nbss
8 40.200 2.241 43 2.2430 55 420 0NbaSig
9 41.185 2.190 34 2.1930 1 0 0 411 ANbaSig
1 0 44.152 2.050 26 2.0625 60 2 2 2 0NbgSig
1 1 47.600 1.909 6 BLUE TAG
1 2 48.600 1.872 6 BLUE TAG
13 56.565 1.626 23 1.6519 18 2 0 0 Nbss
14 64.955 1.434 13 1.4338 17 316 aNbaSig
1.4336 17 631 0NbaSig
15 65.700 1.420 1 2 1.4183 2 0 710 ANbaSig
16 67.900 1.379 1 0 1.3731 13 334 aNbaSig
17 70.914 1.328 23 1.3484 28 2 1 1 Nbss
18 75.700 1.255 6 1.2513 2 228 aNbaSig
1.2513 2 523 0NbgSig
19 77.100 1.236 5 1.2378 1 0 552 0NbaSig
2 0 78.500 1.217 7 1.2162 15 820 0NbaSig
2 1 84.000 1.151 8 1.1678 8 2 2 0 Nbss
2 2 89.200 1.097 4 1.0950 3 600 aNbaSig
23 96.900 1.029 1 2 1.0446 1 1 310 Nbss
24 109.900 0.941 7 0.9535 3 2 2 2 Nbss
* JCPDS card used: Nbss 34-370, a-NbsSig 30-874, ^NbsSig 30-875
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Table B . 1 2  X R D  data o f the heat treated  N b-24Ti-18Si-5C r-5A l-2M o-5H f (JG 4-H T)
N o 29
m easured
d  (Â)
m easured
I/Io
m easured
d ( A )
reference
I/Io
reference
hkl Phase *
1 27.1 3.288 1 1 3.2830 2 2 0 0 aNbaSig
2 29.414 3.034 17 BL U E TAG
3 31.4 2.847 8 B L U E  TAG
4 34.4 2.605 1 1 2.6080 25 0 0 2 H f0 2
5 36.113 2.485 2 1 2.4861 7 Ï 0 2 H fÜ 2
6 37.1 2.421 17 2.4290 1 1 104 CTi4Ng.x
7 38.1 2.360 2 1 2.3600 1 0 0 213 aN baSig
8 39.056 2.304 1 0 0 2.3360 1 0 0 1 1 0 Nbss
9 40.2 2.241 43 2.243 55 420 ANbaSig
1 0 41.2 2.189 18 2.1880 1 0 0 107 CTi4Ng.,c
1 1 42.008 2.149 27 2.1520 80 1 1 2 7 NbaSig
1 2 43.5 2.079 9 2.0770 40 310 aNbaSig
13 47.6 1.909 5 BL U E TAG
14 48-5 1.875 5 BL U E TAG
15 56.421 1.630 16 1.6519 18 2 0 0 Nbss
1.631 30 400 7 NbaSig
16 60.3 1.534 7 1.5310 60 2 2 2 7 NbaSig
17 64.2 1.450 6 1.4526 9 442 ANbaSig
18 64.9 1.436 7 1.4338 17 316 aNbaSig
19 65.5 1.424 9 1.4229 14 532 0 NbaSig
1.424 SO 410 7 NbaSig
2 0 67.3 1.390 8 1.3878 30 413 0NbaSig
2 1 70.768 1.330 17 1.3484 28 2 1 1 Nbss
2 2 83.9 1.152 9 1.1678 8 2 2 0 Nbss
1.1519 1 1 1 ( 1 0 ) aNbaSig
1.1526 2 240 Hf0 2
23 96.8 1.030 8 1.0446 1 1 310 Nbss
* JC PD S card used: Nbss 34-370, aN baSig 30-874, ^NbgSig 30-875, i^NbaSig 8-422, Hf0 2  
43-1017, CTi4 Ng.x 39-1015
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Table B .13 X R D  d ata  of th e heat treated  N b-18Si-15C r (1000°C/1001i, JG 5-H T1000)
N o 26» d ( Â )  I / I o  d { k )  I / I o  h kl P h a se*
m easured m easured m easured reference reference
1 26.583 3.35 13 3.3578 28 2 1 1 ^NbaSig
2 28.2 3.162 1 2 3.1679 25 310 ANbaSig
3 29.433 3-032 19 B L U E TAG
4 31.4 2.847 7 2.8466 30 2 1 1 aNbaSig
5 35.5 2.527 1 2 2.536 25 0 0 2 0N ba8ig
6 36 2.493 1 2 2.4979 18 114 aNbaSig
7 36.887 2.435 19 2.4350 60 1 1 0 G14-Gr2Nb
2.4368 67 321 0NbaSig
8 38.564 2.333 1 0 0 2.3360 1 0 0 1 1 0 Nbss
9 39.7 2.268 2 2 2.2625 33 2 0 2 0NbaSig
1 0 41.195 2.19 33 2.1912 1 0 0 411 0NbaSig
1 1 43.1 2.097 18 2.0817 65 2 0 1 G l 4 -Gr2 Nb
1 2 43.852 2.063 35 2.0619 53 2 2 2 0NbaSig
13 45 2.013 7 2.0144 1 1 004 G14-Gr2Nb
14 47,6 1.909 6 BL U E TAG
15 48.6 1.872 5 BL U E TAG
16 55.886 1.644 23 1.6519 18 2 0 0 Nbss
17 58.3 1.581 6 1.5839 8 213 ANbaSig
18 59.506 1.552 1 0 1.5531 9 512 0 NbaSi3
19 65.6 1.422 1 2 1.4223 9 532 0NbaSig
2 0 67.442 1.388 13 1.3877 18 413 0NbaSig
2 1 69.916 1.344 2 1 1.3484 28 2 1 1 Nbss
2 2 73.5 1.287 5 1.2823 3 106 G14-Gr2Nb
23 82.8 1.165 9 1.1678 8 2 2 0 Nbss
1.1636 6 523 aNbaSig
24 84.8 1.142 8 1.1423 8 831 ANbaSig
25 8 8 . 6 1.103 7 1.1034 8 424 ANbaSig
26 95.455 1.041 2 2 1.0446 1 1 310 Nbss
27 98.8 1.015 4 1.014 5 912 0NbaSig
28 106.2 0.963 5 0.96348 5 833 ANbaSig
29 116.1 0.908 4 0.90845 1 952 0N ba8ig
* JCPDS card used: Nbgg 34-370, aNbaSig 72-1274, dNbaSig 65-2785, Cr2Nb 47-1638
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Table B.14 XRD data of the heat treated Nb-18Si-15Cr (1500°C/100h, JG5-HT150Q)
N o 26>
m easured
d  (Â)
m easured
I/Io
m easured
d (A )
reference
I/Io
reference
hkl Phase *
1 24.3 3.66 6 3.6594 8 1 1 2 aNbaSig
2 27.1 3.288 4 3.285 3 2 0 0 a-NbaSig
3 29.502 3.025 19 BL U E TAG
4 31.313 2.854 2 0 2.8522 30 2 1 1 aN bgSig
5 35.894 2.5 15 2.5023 19 114 aNbaSig
6 38.422 2.341 1 0 0 2.3360 1 0 0 1 1 0 N b s s
7 39.5 2.279 17 2.2796 65 106 G14-Cr2Nb
8 40.903 2.204 30 2.203 31 204 aNbaSig
9 43 2 . 1 0 2 13 2 . 1 1 1 0 2 0 0 Gld-CrgNb
1 0 43.633 2.073 25 2.0776 40 310 aNbaSig
1 1 44.8 2 . 0 2 1 7 2.0144 1 1 008 C14-Cr2Nb
1 2 45.7 1.984 9 1.98 13 006 aNbaSig
13 47.6 1.909 5 BL U E TAG
14 48.6 1.872 4 BL U E TAG
15 55.6 1.652 7 1.6519 18 2 0 0 N b s s
16 58.5 1.576 5 1.5793 7 411 aNbaSig
17 62.94 1.475 14 1.4782 13 413 aNbaSig
18 65.036 1.433 1 0 1.4333 1 2 316 aNbaSig
19 68.3 1.372 1 0 1.3731 1 1 334 aNbaSig
2 0 69.964 1.344 1 2 1.3484 28 2 1 1 N b s s
2 1 81.5 1.18 5 1.1798 3 426 aNbaSig
2 2 83.122 1.161 17 1.1678 8 2 2 0 N b s s
1.1616 7 417 aNbaSig
23 89.6 1.093 4 1.092 1 2 316 G14^Gr2Nb
24 95.524 1.04 13 1.0446 1 1 310 N b s s
25 1 0 2 . 1 0.99 4 0.99061 4 527 aNbaSig
26 103.7 0.98 6 0.98055 3 624 aNbaSig
27 107.2 0.957 5 0.95822 3 606 aNbaSig
* JC PD S card used: Nbgg 34-370, aNbaSig 65-2781, Cr2 N b 47-1637
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Table B .15 X R D  data o f th e heat treated  N b-24Ti-18Si-5Cr-5A l-2M o-5H f-5Sn (JG 6 -H T)
N o 29 d ( A ) I/Io d ( A ) I/Io hkl P hase *
m easured m easured m easured reference reference
1 27.132 3.284 13 3.283 2 2 0 0 aNbaSig
2 29.382 3.037 23 3.045 50 1 1 1 'yNbaSig
3 31.251 2 . 8 6 14 2,854 25 2 1 1 aNbaSig
4 34.5 2.598 1 2 2.623 1 0 0 0 2 7 NbaSig
5 36.123 2.485 24 2.488 52 1 1 0 G l& C rgN b
6 37.1 2.421 1 0 2.432 50 1 0 2 vNbaSig
7 38.039 2.364 37 2.36 1 0 0 213 aNbaSig
2.365 1 1 330 0NbaSia
8 38.839 2.317 49 2.336 1 0 0 1 1 0 Nbgg
9 40.216 2.241 32 2.243 55 420 ANbaSig
1 0 41.1 2.194 17 2.193 1 0 0 411 ANbaSig
1 1 42.632 2.119 1 0 0 2.117 1 0 0 1 1 2 C l^ C r 2 N b
1 2 43.5 2.079 2 1 2.077 40 310 aNbaSig
2.0817 65 2 0 1 GM-GrgNb
13 45.6 1.988 8 2.0144 11 004 G14-Gr2Nb
14 47.6 1.909 7 BL U E TAG
15 48.6 1.872 7 BL U E TAG
16 55.9 1.643 7 1.6519 18 2 0 0 Nbss
17 58.3 1.581 6 1.5792 8 411 aNbaSig
1.5809 1 1 213 0NbaSig
18 60.3 1.534 7 1.531 60 2 2 2 ^NbaSig
19 62.764 1.479 1 2 1.478 16 413 aNbaSig
2 0 64.767 1.438 13 1.4376 9 404 aNbaSig
2 1 67.621 1.384 19 1.385 60 402 ^NbaSig
2 2 72.8 1.298 5 1.301 1 0 322 -/NbaSig
23 82.5 1.168 8 1.1678 8 2 2 0 Nbgg
1.1684 6 732 ANbaSig
24 88.561 1.103 2 1 1.1033 14 424 0NbaSig
* JC PD S card used: Nbgg 34-370, aNbaSig 30-874, ^NbaSig 30-875, l-NbaSig 8-422,
CrgNb 47-1638
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B.4 X-ray diffraction data of the oxidised specimens
Table B .16 X R D  d ata  o f th e oxide scale form ed on th e as csat N b-24Ti-18Si-5C r-5A l-2M o  
(JG 3-A C ) alloy after oxidation at 800° C
No 29
m easured
d  (Â) 
m easured
I/Io
m easured
d ( A )
reference
hkl I/Io
reference
Phase *
1 20.464 4.336 60 4.3387 1 0 0 1 0 0 S102
2 22.800 3.897 41 3.8797 504 1 NbgOa
3 23.900 3.720 51 3.7244 2 0 2 1 0 0 T iN bsO r
4 25.400 3.504 52 3.5000 1 1 0 60 TiOz
5 27.385 3.254 70 3.2484 1 1 0 1 0 0 TiOz
6 29.374 3.038 1 0 0 BL U E TAG
7 32.300 2.769 39 2.7639 407 13 NbzOa
2.7653 302 33 TiNbzOy
8 32.800 2.728 33 2.7232 507 2 NbzOa
9 35.903 2.499 85 2.5050 1 1 0 2 0 SiOz
1 0 36.800 2.440 43 2.4400 321 80 0 N b aS i3
1 1 38.500 2.336 47 2.3360 1 1 0 1 0 0 Nbgg
1 2 40.100 2.247 45 2.2430 420 55 .0N baSi3
13 41.120 2.193 52 2.1930 411 1 0 0 0NbaSig
14 43.126 2.096 34 2.0969 2 0 1 4 SiOz
15 44.200 2.047 39 2.0450 004 1 2 SiOz
16 47.579 1.910 31 1.9116 0 2 0 23 NbzOa
1.905 0 2 0 32 TiNbzO r
17 48.500 1.875 27 1.8746 Ï Ï  0 3 2 NbzOa
1.8733 1 2 0 1 TiNbgOy
18 54.079 1.694 46 1.6960 206 1 aNbaSig
19 56.400 1.630 2 1 1.6519 2 0 0 18 Nbgg
2 0 62.400 1.487 27 1.4859 008 3 aN baSig
2 1 65.600 1.422 25 1.4229 532 14 0NbaSig
2 2 67.200 1.392 2 1 1.3953 602 18 A N baSig
23 69.412 1.353 27 1.3534 208 1 aNbaSig
24 78.300 1 . 2 2 0 17 1.2196 642 15 ANbaSig
25 82.400 1.169 17 1.1678 2 2 0 8 Nbgg
26 84.500 1.146 18 1.1435 831 14 ANbaSig
27 89.000 1.099 17 1.0950 600 3 aNbaSig
28 94.900 1.046 17 1.0446 310 11 Nbgg
29 109.600 0.943 15 0.9535 2 2 2 3 Nbgg
0.946 431 2 0 TiOz
* JCPDS card used: Nbgg 34-370, aNbaSig 30-874,
21-1236, NbgOg 71-0005, TiNb207 72-0116
0NbaSi3 30-875, SiOg 75-0638, T102
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Table B .17 X R D  d ata  o f th e cross section  o f the oxidised as csat N b-24Ti-18Si-5Cr-5A l- 
2M o (JG 3-A C ) alloy at 800°C
No 29
m easured
d(A)
m easured
I/Io
m easured
d(A)
reference
I/Io
reference
hkl Phase *
1 23.000 3.864 18 3.8624 1 0 0 1 1 1 SiOz
2 25.200 3.531 18 3.5298 1 0 0 1 0 1 TiOz
3 26.500 3.361 18 3.3610 25 2 1 1 0NbaSig
4 28.100 3.173 17 3.1720 30 310 0NbaSig
5 29.413 3.034 49 BL U E TAG
6 35.778 2.508 27 2.5070 14 400 0NbaSig
7 36.945 2.431 40 2.4400 80 321 ANbaSig
8 38.020 2.365 33 2.3650 1 1 330 0NbaSig
9 39.101 2.302 1 0 0 2.3360 1 0 0 1 1 0 N b g g
1 0 40.100 2.247 45 2.2430 55 420 0NbaSi3
1 1 41.213 2.189 34 2.1930 1 0 0 411 BNbaSig
1 2 43.200 2.092 15 2.1131 5 2 2 1 SiOz
13 44.100 2.052 2 0 2.0600 2 004 SiOz
14 47.500 1.913 13 1.9116 23 0 2 0 NbzOa
15 48.500 1.875 1 1 1.8746 3 n 0 3 NbzOa
16 56.438 1.629 38 1.6519 18 2 0 0 N b g g
17 58.100 1.586 1 0 1.5854 14 620 0NbaSig
18 65.036 1.433 41 1.4336 17 631 0 NbaSi3
19 65.773 1.419 52 1.4183 2 0 710 0 NbaSig
2 0 67.825 1.381 32 1.3878 30 413 BNbsSig
2 1 70.773 1.330 2 2 1.3484 28 2 1 1 N b g g
2 2 75.500 1.258 1 0 1.2547 2 301 TiOz
23 78.555 1.217 1 2 1.2162 15 820 .0Nba8ig
24 81.315 1.182 37 1.1820 5 660 0NbaSig
25 83.900 1.152 14 1.1678 8 2 2 0 N b g g
26 86.700 1 . 1 2 2 7 1.1237 7 802 0NbaSi3
27 87.200 1.117 8 1.1169 5 334 ANbaSig
28 87.900 1 . 1 1 0 8 1.1033 14 424 ANbaSig
29 89.100 1.098 6 1.0928 30 600 aNbaSig
30 96.900 1.029 16 1.0446 1 1 310 N b g g
31 98.951 1.013 16 1.0130 3 770 0NbaSig
32 109.800 0.941 8 0.9535 3 2 2 2 N b g g
33 1 1 2 . 1 0 0 0.929 6 0.94 2 0 342 TiOz
* JCPDS cai'd used: Nbgg 34^370, aNbaSig 30-874, ^NbaSig 30-875, SiOz 85-0419, TiOz
21-1236, NbzOa 71-0005
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Table B .18 X R D  d ata  of th e oxide scale form ed on th e as csat N b-24Ti-18Si-5C r-5A l-2M o  
(JG 3-A C ) alloy after oxidation at 1 2 0 0 °C
No 2d
m easured
d  (Â)
m easured
I/Io
m easured
d  (A)
reference
I/Io
reference
h kl Phase *
1 20.208 4.391 76 4.3839 23 0 1 0 SiOz
2 21.800 4.074 49 4.0746 2 302 NbzOa
3 22.900 3.880 41 3.8797 1 504 NbzOa
4 23.864 3.726 58 3.7244 1 0 0 O il 202 TiNboOy
5 25.000 3.559 42 3.5600 1 0 0 800 TizNbioOzg
6 26.125 3.408 57 3.4062 3 604 NbzOa
7 27.315 3.262 65 3.2684 2 501 NbzOa
8 29.396 3.036 1 0 0 BL U E TAG
9 30.600 2.919 34 2.9200 2 0 804 TizNbioOzg
1 0 32.217 2.776 50 2.7800 60 115 TizNbioOzg
1 1 33.500 2.673 31 2.6712 30 31Ï TiNbzO^
1 2 35.894 2.500 56 2.5100 2 0 1 1  0  2 TizNbioOzg
13 39.181 2.297 31 2.3000 40 715 TizNbioOzg
14 41.017 2.199 26 2.1919 2 0 2 0 SiOz
15 43.200 2.092 27 2.0900 1 0 915 TizNbioOzg
2.0898 1 1 1 2 1 SiOz
16 44.185 2.048 36 2.0500 40 0  0  1 0 TizNbioOzg
17 47.694 1.905 36 1.905 32 0 2 0 TiNbzO r
18 48.500 1.875 17 1.8733 1 1 2 0 TiNbgOr
1.8746 3 1103 NbzOa
19 51.200 1.783 2 0 1.7842 5 413 TiNbzO?
1.7824 1 0 2 2 1 SiOz
2 0 54.052 1.695 44 1.6970 60 1 2 2 TiOz
2 1 55.213 1.662 32 1.6614 2 0 226 TiNbzO?
1.663 1 0 0 2 0 2 TiOz
2 2 56.500 1.627 2 1 1.6278 8 611 TiNbzOy
23 58.600 1.574 17 1.5712 8 1 1  n TiNbzO?
24 60.764 1.523 19 1.5234 13 6 1 n TiNbzOy
25 67.063 1.394 19 1.3935 9 506 TiNbzO?
1.3941 7 2 2 0 SiOz
26 68.663 1.366 18 1.3668 1 613 TiNbzO?
27 74.600 1.271 13 1.2701 5 726 TiNbgOy
1.2713 8 311 SiOz
28 83.900 1.152 16 1.1522 3 015 SiOz
29 89.200 1.097 1 2 1.0870 2 0 313 TiO z
30 94.800 1.046 14 1.0440 1 0 151 TiOz
* JC PD S card used: SiOz 82-1573, TiO z 21-1236, NbgOa 71-0005, TiNbgO? 72-0116, 
TizNbioOzQ 13-0316
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Table B .19 X R D  d ata  o f th e cross section  o f the oxidised as csat N b-24Ti-18Si-5C r-5A l- 
2 M o (JG 3-A C ) alloy at 1200°C
No 29 d { k ) I/Io d  fA) I/Io hkl Phase *measured measured measured reference reference
1 22.800 3.897 18 3.8797 1 504 NbzOa
2 27.300 3.264 18 3.2684 2 501 NbzOa
3 29.406 3.035 65 BLUE TAG
4 31.421 2.845 31 2.8466 30 2 1 1 aNbaSig
5 35.954 2.496 28 2.4979 18 114 aNbaSig
6 38.249 2.351 8 8 2.3552 1 0 0 213 aNbaSig
7 39.238 2.294 1 0 0 2.3360 1 0 0 1 1 0 Nbgg
8 41.044 2.197 29 2,1930 1 0 0 411 0NbaSig
9 43.709 2.069 36 2,0625 60 2 2 2 jSNbgSig
1 0 45.792 1.980 2 0 1,9766 13 006 aNbaSig
1 1 47.546 1.911 14 1.9116 23 0 2 0 NbzOa
1 2 48.541 1.874 14 1.8746 3 11 0 3 NbzOa
13 56.651 1.623 23 1.6519 18 2 0 0 Nbgg
14 58.600 1.574 1 1 1.5762 6 411 aNbaSig
15 60.000 1.541 1 0 1.5455 4 330 aNbaSig
16 63.100 1.472 26 1.4754 1 2 413 aNbaSig
17 65.157 1.431 16 1.4336 17 631 0 NbaSig
18 68.512 1.368 14 1.3704 1 0 334 aNbaSig
19 71.259 1.322 32 1.3484 28 2 1 1 Nbgg
1.3230 40 041 TiOz
2 0 78.600 1.216 1 0 1.2162 15 820 0NbaSia
2 1 79.300 1.207 9 1.2059 3 318 aNbaSig
2 2 81.600 1.179 9 1.1797 4 514 aNbaSig
1.1800 1 0 133 TiOz
23 83.313 1.159 2 1 1.1595 6 417 440 aNbaSig
24 83.900 1.152 1 1 1.1490 1 1  1  1 0 aNbaSig
25 84.500 1.146 1 0 1.1678 8 2 2 0 Nbgg
1.1430 2 0 241 TiOz
26 87.300 1.116 6 1.1169 5 334 ANbaSig
27 89.900 1.090 8 1.0928 3 600 aNbaSig
28 97.543 1.024 2 0 1.0446 1 1 310 Nbss
29 1 0 2 . 2 0 0 0.990 1 0 0.9982 3 941 ANbaSig
0.9960 2 0 341 TiOz
30 104.100 0.977 8 0.9790 2 0 152 TiOz
31 107.500 0.955 8 0.9550 2 0 243 TiOz
32 109.800 0.941 7 0.9535 3 2 2 2 Nbgs
0.9400 2 0 342 TiOz
33 119.200 0.893 1 0 0.8950 2 0 153 TiOz
* JCPDS card used: Nbgg 34-370, aNbaSig 72-1274, ^NbsSig 30-875, TiOz 21-1236, NboOa
71-0005
B.4. X-ray diffraction data of the oxidised specimens 229
Table B .20 X R D  d ata  o f th e  oxide scale form ed on 
2M o-5Hf (JG 4-A C ) alloy after oxidation  at 800° C
the as csat Nb-24Ti-18Si~5Cr~5Al-
No 29
measured
d ( A)
measured I/I()measured
d [ k )
reference I/Ioreference
hkl Phase *
1 20.241 4.384 48 4.3839 23 0 1 0 SiOz
2 23.800 3.736 33 3.7345 65 Oil NbzOa
3.7400 43 lo i SiOz
3 25.400 3.504 37 3.5000 60 1 1 0 TiOz
4 27.300 3.264 45 3.2684 2 501 NbzOa
5 29.512 3.024 1 0 0 BLUE TAG
6 30.700 2.910 33 2.9062 1 403 NbzOa
7 35.862 2.502 49 2.5040 25 114 aNbaSig
8 38.700 2.325 37 2.3360 1 0 0 1 1 0 Nbgg
2.3250 13 2 2 0 aNbaSig
9 40.214 2.241 56 2.2430 55 420 0NbaSig
2.2399 1 107 NbzOa
1 0 40.900 2.205 43 2.2040 30 204 aNbaSig
1 1 42.000 2.149 29 2.1520 30 1 0 2 TiOz
2.1504 1 504 NbzOa
1 2 43.299 2.088 34 2.0898 1 1 1 2 1 SiOz
2.0877 2 707 NbzOa
13 47.666 1.906 36 BLUE TAG
14 48.639 1.870 31 BLUE TAG
15 53.933 1.699 29 1.6970 60 1 1 2 TiOz
16 57.600 1.599 2 0 1.6040 6 2 Î 2 SiOz
17 62.100 1.493 2 0 1.4961 1 0 541 0NbaSig
18 65.200 1.430 25 1.4338 17 316 aNbaSig
1.4336 17 631 dNbaSig
1.4310 4 031 SiOz
19 67.300 1.390 2 0 1.3953 18 602 dNbaSig
1.3960 60 311 TiOz
1.3911 1 2 35l SiOz
2 0 77.900 1.225 18 1.2230 1 0 004 TiOz
1.2226 2 024 SiOz
2 1 82.000 1.174 16 1,1772 5 314 dNbaSig
1.1779 2 410 SiOz
2 2 83.951 1.152 2 1 1.1678 8 2 2 0 Nbgg
1.1522 3 015 SiOz
23 94.900 1.046 18 1.0446 1 1 310 Nbgg
1.0440 1 0 151 TiOz
24 97.600 1.024 13 1.0256 7 842 /INbaSig
25 104.200 0.976 16 0.9790 2 0 152 TiOz
26 105.800 0.966 16 0.9620 1 0 422 TiOz
27 108.700 0.948 17 0.9535 3 2 2 2 Nbgg
0.9460 2 0 431 TiOz
*  JCPDS card used; Nbgg 34-370, aNbaSig 72-1274, ^NlîaSig 30-875, SiOz 82-1573, TiOz 21-1236,
NbzOa 71-0005
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Table B.21 X R D  d ata  of th e cross section  o f the oxidised as csat N b-24T i-18Si-5C i-5A l- 
2M o-5H f (JG 4-A C ) alloy at 800°C
No 29
measured
d ( A)
measured I/Iomeasured
d { k )
reference I/Ioreference
hkl Phase *
1 27.200 3.276 23 3.2756 1 0 0 1 1 0 TiOz
2 28.200 3.162 25 3.1597 1 0 0 1 0 1 SiOz
3 29.506 3.025 82 BLUE TAG
4 30.600 2.919 18 2.9062 1 403 NbzOa
5 34.510 2.597 26 2.5950 1 0 0 SiOz
6 36.234 2.477 29 2.4732 17 1 1 1 SiOz
2.4785 4 214 NbzOa
7 37.200 2.415 31 2.4144 1 701 NbzOa
8 39.069 2.304 1 0 0 2.3360 1 0 0 1 1 0 Nbss
2.3083 2 1 Î 2 SiOz
9 40.100 2.247 56 2.2430 55 420 0NbaSig
1 0 41.149 2.189 35 2.1930 1 0 0 411 ANbaSig
1 1 42.150 2.142 38 2.1520 30 1 0 2 TiOz
1 2 43.300 2.088 26 2.0898 1 1 Î 2 1 SiOz
2.0877 2 ?17 NbzOa
13 47.638 1.907 2 2 BLUE TAG
14 48.653 1.870 2 2 BLUE TAG
15 56.439 1.629 6 6 1.6519 18 2 0 0 Nbss
16 57.500 1.601 14 1.6040 6 2 Ï 2 SiOz
17 60.400 1.531 13 1.5377 1 311 SiOz
18 64.815 1.437 26 1.4376 9 404 aNbaSig
1.4336 17 631 0NbsSig
19 65.700 1.420 24 1.4183 2 0 710 0NbaSig
2 0 67.104 1.394 37 1.3953 18 602 ANbaSig
1.3960 60 311 TiOz
1.3911 1 1 321 SiOz
2 1 70.701 1.331 35 1.3484 28 2 1 1 Nbss
2 2 72.700 1.300 1 0 1.3019 2 123 SiOz
23 76.900 1.239 1 1 1.2378 1 0 552 ^NbgSig
24 78.300 1 . 2 2 0 1 0 1 . 2 2 0 1 4 336 aNbaSig
1.2196 15 642 dNbaSig
25 83.919 1.152 2 1 1.1678 8 2 2 0 Nbss
1.1522 3 015 SiOz
26 85.400 1.136 1 0 1.1320 2 0 400 TiOz
27 87.100 1.118 9 1.1190 2 0 024 TiOz
28 96.634 1.031 32 1.0446 1 1 310 Nbss
29 102.500 0.988 14 0.9960 2 0 341 TiOz
30 106.145 0.964 15 0.9620 1 0 422 TiOz
31 109.500 0.943 1 0 0.9535 3 2 2 2 Nbss
0.9460 2 0 431 TiOz
32 118.100 0.898 8 0.8950 2 0 153 TiOz
* JCPDS card used: Nbss 34-370, aNbaSig 30-874, .dNbgBig 30-875, SiOz 82-1573, TiOz 21-1236,
NbzOa 71-0005
B.4. X-ray diffraction data of the oxidised specimens 231
Table B .22 X R D  d ata  of th e oxide scale form ed on  
2M o-5H f (JG 4-A C ) alloy after oxidation  at 1 2 0 0 °C
th e as csat N b-24T i-lSSi-5C r-5A l-
No 29
measured
d (A)
m easured
I/Io
m easured
d (Â)
reference
I /Id
reference
hkl Phase *
1 20.318 4.367 78 4.3839 23 1 0 SiOz
2 24.003 3.704 64 3.7100 80 1 1 1 TizNbioOzD
3 26.153 3.405 69 3.3959 73 206 TiNbzO?
4 27.382 3.254 1 0 0 3.2482 1 0 0 1 1 0 TiOz
5 28.700 3.108 48 3.1300 1 0 511 TizNbioOzg
6 31.200 2.864 49 2.8500 2 0 1 0  0  0 TizNbioOzg
7 32.513 2.752 61 2.7500 40 1 0  0  2 TizNbioOzg
8 33.600 2.665 46 2.6700 2 0 315 TizNbioOzg
9 34.800 2.576 36 2.5700 30 713 TizNbioOzg
1 0 35.820 2.505 73 2.5100 2 0 1 1  0  2 TizNbioOzg
1 1 39.100 2.302 39 2.3000 40 715 TizNbioOzg
1 2 40.989 2 . 2 0 0 37 2.1919 2 2 0 SiOz
13 42.300 2,135 29 2.1349 2 206 TiNbzOy
14 43.900 2.061 39 2.0630 25 500 TiNbzO?
15 44.400 2.039 37 2.0400 40 11 1 3 TizNbioOzg
16 47.886 1.898 32 1.9000 80 11 1 5 TizNbioOzg
17 53.993 1.697 59 1.6970 60 1 2 2 TiOz
18 55.100 1.665 30 1.6630 1 0 0 2 0 2 TiOz
19 56.408 1.630 28 1.6278 8 61Î TiNbzOy
2 0 59.200 1.559 18 1.5625 14 415 TiNbzO r
2 1 60.700 1.524 18 1.5234 13 6 1 n TiN bzO r
2 2 62.100 1.493 17 1.4910 6 I23 SiOz
23 63.770 1.458 19 1.4526 7 310 TiOz
24 67.300 1.390 15 1.3960 60 311 TiOz
25 68.599 1.368 2 2 1.3700 60 226 SiOz
26 69.100 1.358 16 1.3599 16 301 TiOz
27 74.500 1.273 14 1.2728 3 4 0 16 TiNbzO y
28 81.800 1.176 13 1.1800 1 0 133 TiOz
29 88.600 1.103 13 1.1030 2 304 SiOz
30 90.100 1.088 1 2 1.0870 2 0 313 TiOz
31 94.700 1.047 14 1.0440 1 0 151 TiOz
* JCPDS card used; SiOz 82-1573, TiOz 21-1236, TiNbzO? 72-0116, TizNbioOzs 13-0316
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Table B .23 X R D  d ata  of th e cross section  of the oxidised as csat N b-24Ti-18Si-5C r-5A l- 
2M o-5Hf (JG 4-A C ) alloy at 1 2 0 0 °C
No 26»
measured
d ( A )
m easured
I/Io
m easured
d ( A )
reference
I/Io
reference
hkl Phase *
1 23.000 3.864 29 3.8624 1 0 0 1 1 1 SiOz
2 27.200 3.276 26 3.2756 1 0 0 1 1 0 TiOz
3 28.400 3.140 24 3.1470 1 0 0 1 1 1 HfOz
4 29.417 3.034 1 0 0 BL U E TAG
5 31.200 2.864 29 2.8631 9 1 0 2 SiOz
6 31.317 2.854 31 2.8540 25 2 1 1 aNbgSig
7 34.400 2.605 2 0 2.6080 25 0 0 2 HfOz
8 35.988 2.493 27 2.5128 43 1 0 1 TiOz
9 37.100 2.421 2 0 2.4129 5 311 SiOz
1 0 38.135 2.358 43 2.3600 1 0 0 213 aNbgSig
1 1 39.230 2.295 67 2.3360 1 0 0 1 1 0 N b s s
2.2998 1 0 415 TiNbgOr
1 2 40.200 2.241 29 2.2430 55 420 0NbgSig
13 41.000 2.199 2 1 2.1930 1 0 0 411 ^NbsSig
2.2008 13 2 1 1 HfOz
14 43.604 2.074 32 2.0770 40 310 aNbgSig
15 47.510 1.912 2 0 1.9116 23 0 2 0 NbzOg
1.9050 33 0 2 0 TiNbzO r
16 48.547 1.874 19 1.8746 3 n  0 3 NbgOg
1.8733 1 1 2 0 TiNbzO r
17 56.650 1.623 52 1.6519 18 2 0 0 N b s s
1.6278 8 61Ï TiNbzO r
18 62.912 1.476 43 1.4780 16 413 aNbgSig
19 64.913 1.435 27 1.4338 17 316 aNbgSig
1.4336 17 631 0N bg8ig
2 0 68.289 1.372 17 1.3731 13 334 aNbgSig
2 1 71.200 1.323 2 1 1.3484 28 2 1 1 N b s s
1.3230 40 041 TiOz
2 2 81.400 1.181 1 1 1.1820 5 514 aNbgSig
1.1820 5 660 ANbgSig
23 95.300 1.042 1 2 1.0440 1 0 151 TiOz
24 97.363 1.026 26 1.0446 1 1 310 N b s s
1.0256 7 842 ^ N b g S i g
25 101.900 0.992 1 1 0.9960 2 0 341 TiOz
26 103.700 0.980 1 0 0.9790 2 0 152 TiOz
27 118.100 0.898 13 0.8950 2 0 153 TiOz
* JC P D S card used: Nbgg 34.370, aN bsS ig  72-1274, ^NbgSig 30-875, SiOz 85-0419, TiOz 
21-1236, HfOz 43-1017, NbzOg 71-0005, TiN bzO r 72-0116
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T abic B .24 X R D  data of th e cross section  o f the oxidised as csat N b-24Ti-18Si-5C r-5A l-
2M o-5Hf-5Sn (JG 6 -AC) alloy at 800°G
N o 26 d  (À)
m easured m easured
I/Io
m easured
d (Â)
reference
I/Io
reference
hkl Phase *
1 21.7 4.092 35 4.1066 53 1 0 1 SiOz
2 28 3.184 34 3.1866 18 1 0 2 SiOz
3 29.472 3.028 49 B L U E TAG
4 34.495 2.598 32 2.6060 3 260 NbzOg
5 37 2.428 32 2.4280 19 2 0 1 NbzOg
6 38.84 2.317 1 0 0 2.3360 1 0 0 1 1 0 Nbss
7 40.2 2.241 31 2.2430 55 420 0NbgSig
8 42.542 2.123 47 2 . 1 2 1 0 2 2  1 0  0 NbzOg
9 51.1 1.786 13 1.7824 3 402 0NbgSig
1 0 64.809 1.437 26 1.4376 9 404 oiNbgSig
1 1 67.253 1.391 35 1.3878 30 413 0Nbg8ig
1 2 72.4 1.304 1 2 1.3053 1 500 7 NbgSig
13 76.3 1.247 1 0 1.2446 2 651 0NbgSig
14 81.9 1.175 1 1 1.1772 5 314 0NbgSig
1.1725 2 303 TiOz
15 85.833 1.131 19 1.1313 3 404 0NbgSig
16 90.6 1.084 1 0 1.0854 1 525 aNbgSig
17 106 0.964 18 0.9650 7 414 7 NbgSig
18 108.9 0.947 1 0 0.9535 3 2 2 2 Nbgg
0.9464 4 400 TiOz
19 114.2 0.917 1 0 0.9192 2 325 TiOz
* JC PD S card used: Nbss 34-370, aN bgSig 72-1274, ANbgSig 30-875, iN b gSig  65-3599, 
TiO z 21-1272, SiOz 89-3608, NbzOg 30-873
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Table B .25 X R D  d ata  o f the oxide scale formed on the as csat N b-24Ti-18Si-5Cr-5A l- 
2M o-5Hf-5Sn (JG 6 -AC ) alloy after oxidation  at 800°C
No 29
m easured
d  (Â)
m easured
I/Io
m easured
d  (Â)
reference
I/Io
reference
hkl Phase *
1 27.2 3.276 6 6 3.2757 1 0 0 1 0 1 SiOz
2 29.431 3.032 1 0 0 B L U E  TAG
3 34.2 2.62 57 2.6230 1 0 0 0 2 -/NbgSig
4 35.5 2.527 60 2.5248 6 515 NbzOg
5 40.9 2.205 44 2.2040 30 204 oiNbgSig
6 43.3 2.088 39 2.0883 5 017 NbzOg
7 43.9 2.061 39 2.0625 60 2 2 2 0NbgSi3
8 47.5 1.913 33 BL U E TAC
9 51.2 1.783 26 1.7824 3 402 0 NbgSi3
1 0 53 1.726 30 1.7283 8 3 0 11 NbzOg
1 1 61.4 1.509 26 1.5072 9 2 1 1 SiOz
1 2 67.3 1.39 18 1.3850 60 402 7 NbgSis
13 8 6 . 2 1.127 18 1.1267 4 530 aN bgSis
14 104 0.978 14 0.9790 2 0 152 TiOz
15 106 0.964 16 0.9620 1 0 422 TiOz
16 108.3 0.95 14 0.9550 2 0 243 TiOz
17 1 1 1 . 6 0.931 15 0.9400 2 0 342 TiOz
18 117.5 0.901 18 0.8950 2 0 153 TiOz
* JC PD S card used: aN bgSig 72-1274, ^NbgSig 30-875, ^NbgSig 8-422, TiO z 21-1236, 
SiOz 83-2473, NbzOg 37-1468
Table B .26 X R D  d ata  of th e cross section  o f the oxidised as csat N b-24T i-18Si-5C i-5A l- 
2M o-5Hf-5Sn (JG 6 -AC) alloy at 1200°C
No 29
measured
d (A)
measured I/Iomeasured
d [ A)
reference I/Ioreference
hkl Phase *
1 29.43 3.032 1 0 0 BLUE TAC
2 31.4 2.847 35 2.8522 30 2 1 1 aNbgSig
3 35.949 2.496 36 2.5023 19 114 aNbgSig
4 38.019 2.365 40 2.3670 1 0 0 2 1 0 NbgSn
5 39.562 2.276 38 2.2797 87 103 014 CrzNb
6 42.1 2.145 2 1 2.1520 80 1 1 2 ^NbgSig
7 43.2 2.092 32 2.0946 2 812 NbgOg
8 47.493 1.913 28 BLUE TAC
9 48.594 1.872 29 BLUE TAC
1 0 53.7 1.705 16 1.7098 6 3 0 10 NbzOg
1 1 55.1 1.665 15 1.6650 5 620 NbgSnzSi
1 2 57.5 1.601 2 0 1.6005 4 715 NbzOg
13 64.725 1.439 16 1.4373 4 404 aNbgSig
* JCPDS card used: aNbgSig 65-2781, TNbgSig 8-422, NbgOg 37-1468, CrgNb 47-1638, NbgSn 
17-909, NbgSnsSi 24-813
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Table B .27  X R D  data of the  
2M o-5Hf-5Sn (JG 6 -AC) alloy
oxide scale formed on the as csat N b-24Ti-18Si-5C r-5A l- 
aftcr oxidation  at 1 2 0 0 °C
No 29
measured
d ( A )
m easured
I/Io
m easured
d ( A )
reference
I/Io
reference
hkl Phase *
1 23.8 3.736 69 3.7244 1 0 0 2 0 2 TiNbzO r
2 26.186 3.4 75 3.3960 73 2 0 6 TiNbzO r
3 27.239 3.271 82 3.2694 61 2 0 0 SiOz
4 29.292 3.046 1 0 0 BL U E TAC
5 31.2 2.864 52 2.8639 6 704 NbzOg
6 32.4 2.761 58 2.7586 41 215 TiNbzO r
7 33.4 2,681 47 2.6681 29 0 0 2 SiOz
8 35.632 2.518 69 2.5179 16 106 TiN bzO r
9 36.7 2.447 37 2.4481 4 115 N b zO g
1 0 37 2.428 28 2.4217 1 0 2 2 1 SiOz
1 1 37.3 2.409 35 2.4028 4 311 TiNbzO r
1 2 38.874 2.315 47 2.3194 15 115 TiNbzO r
13 43 2 . 1 0 2 32 2.1046 1 017 TiNlDzOr
14 43.8 2.065 42 2.0630 25 500 TiNbzO r
15 47.7 1.905 40 1.9050 32 0 2 0 TiNbzO r
16 53.768 1.703 64 1.7043 8 706 TiNbzO r
17 55 1 - 6 6 8 41 1.6690 25 124 TiNbzO r
18 56.1 1.638 2 2 1.6382 2 2  1  1 1  TiNbzO r
19 6 8 . 2 1.374 23 1.3740 2 0 040 TiOz
2 0 74.6 1.271 23 1.2780 2 0 321 TiO z
2 1 94.4 1.05 26 1.0520 2 0 043 TiOz
2 2 114.2 0.917 2 1 0.9166 2 252 HfOz
23 116.178 0.907 24 0.9009 1 324 HfOz
* JC PD S card used: TiOz 21-1236, SiOz 82-1568, HfOz 65-1142,, N b zO g  37-1468,
TiN bzO r 72-116
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